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The uses of atomic layer deposition as a thin-film deposition technique in
the field of lithium-ion batteries are investigated in this thesis. The driving
force behind this work has been SOS-Lion, a cross-university SBO project
spanning the four years from 2013 to 2016 meant to investigate all-solid-
state 3D thin-film lithium-ion batteries. However, the findings in this work
can be applied to more than that application, and aid in the development
of better lithium-ion batteries or beyond lithium-ion batteries.
The work presented here was primarily carried out at the Department
of Solid State Sciences in Ghent University, and more specifically at the
CoCooN research group under the supervision of prof. Christophe Detav-
ernier and dr. Jolien Dendooven from end 2012 to the beginning of 2017.
The results of this research are published in 6 peer-reviewed publica-
tions, which make up the bulk of this thesis. A broad introduction chap-
ter and a general experimental chapter are presented to initiate the reader
into the world of energy storage in batteries, and experimental techniques
in solid state sciences. The results are split into two parts, ALD for lithium-
ion battery electrodes (papers 1-4) and ALD for lithium-ion battery surface
modifications (papers 5-6), which both contain the respective papers and
introductory chapters to provide a broader background, literature study
and a brief summary of the highlights of the papers.
I hope to have succeeded in presenting my work in a coherent and
interesting way for both specialist and novel readers alike, and that it may








Lithium-ion batterijen (LIB) zijn tegenwoordig het hart van de meeste elek-
tronica. Ze zijn zeer breed toepasbaar, wat blijkt uit hun gebruik gaande
van energieopslag op grote schaal zoals net-opslag en uitbalanceren van
energieproductie, over elektrische en hybride wagens, tot elektrisch gereed-
schap en draagbare elektronica zoals laptops en smartphones. Daarnaast
duiken echter nieuwe toepassingen op voor kleinere lithium-ion batterijen:
energieopslag op microchips, bijvoorbeeld bij autonome sensoren en in im-
plantaten. Nieuwe trends zoals nano-architecturen en het afstappen van
vloeibare componenten in de batterij duiken op om aan deze recente toe-
passingen te voldoen. Daarbovenop moet zowel de gevestigde als nieuwe
batterijchemie voldoen aan steeds strengere eisen zoals een betere levens-
duur van de batterij, sneller op- en ontladen, betere veiligheid en biocom-
patibiliteit.
Atomaire laag depositie (ALD) is een depositietechniek waarbij dunne
films worden gegroeid uit opeenvolgende gas-oppervlak interacties. Deze
interacties zijn zelf-terminerend, wat ALD-groei een aantal interessante
eigenschappen oplevert; zoals een zeer accurate controle over de dikte
van de films (nanometerresolutie), lage depositietemperaturen en een uit-
muntende conformaliteit van de afgezette films. Deze unieke aspecten
stelden ALD in staat om zijn plaats in de microchip industrie te verzege-
len. Andere toepassingsdomeinen zoals katalyse en energieopslag kunnen
daarenboven ook hun voordeel halen uit deze interessante depositietech-
niek, maar voor deze toepassingen is ALD tot heden nog vooral te vinden
in de academische wereld. In dit werk wordt de toepassing van atomaire
laag depositie voor lithium-ion batterijen onderzocht, en twee potentiële
toepassingsgebieden worden voorgesteld:
• Recente batterijconcepten zoals de 3D dunne-film lithium-ion bat-
terij zijn bijzonder veelbelovend dankzij de hoge energie- en vermo-
gensdensiteiten en verbeterde veiligheid, wat ze interessant maakt
voor vele toepassingen zoals bijvoorbeeld energieopslag op micro-
chips. Conformele depositietechnieken zijn nodig om dunne films
af te zetten op deze 3D-structuren. Atomaire laag depositie is bijna




• De degradatie van batterijen kan al problematisch zijn voor klassieke
lithium-ion batterijen, maar de uitdagingen worden des te groter
voor nieuwe batterijarchitecturen en materialen. Eén van de manieren
op dit aan te pakken is het veranderen of stabiliseren van de opper-
vlaktechemie. Aangezien de elektrodes in een lithium-ion batterij
een complexe architectuur zijn, zowel in een traditionele batterij als
bij nieuwe batterijconcepten, is ook hier een conformele depositi-
etechniek zoals atomaire laag depositie aangewezen.
atomaire laag depositie voor dunne-film elektrodes
Atomaire laag depositie en controle over de fase van mangaanoxides
Een ALD-proces voor mangaandioxide (MnO2) was reeds gerapporteerd
aan het begin van dit onderzoek door Nilsen et al. Het desbetreffende
proces maakte gebruik van Mn(thd)3, i.e. manganese tris(2,2,6,6-tetram-
ethyl-3,5-heptanedionato), als mangaanprecursor en ozon als oxidant. Het
groeitempo van dit proces lag echter zeer laag (0.1 tot 0.2Å/cyclus), wat
aanleiding gaf tot de ontwikkeling van drie nieuwe plasma-enhanced ALD
(PE-ALD) processen. Met deze processen was het mogelijk om een tem-
peratuuronafhankelijk groeitempo te bereiken van 0.2Å/cyclus. Interes-
sant genoeg bepalen de oxidatieve of reductieve eigenschappen van de
plasmacomponenten de oxidatietoestand van het mangaan in de afgezette
films. MnO2 kon worden afgezet met ozon, en lagere oxides met een
plasma reagent: Mn3O4 (H2O plasma), Mn3O4/MnO (H2 plasma) or MnO
(NH3 plasma).
De oxidatie en reductie van deze films werden onderzocht in inerte, re-
ducerende en oxiderende gassen met in-situ X-stralen diffractie. Door het
oxideren en reduceren van de films konden alle mangaanoxides gesyn-
thetiseerd worden, inclusief Mn2O3 waarvoor geen ALD-proces werd ge-
vonden met de Mn(thd)3 precursor.
Toepassingen van ALD mangaanoxides
De vier ALD-gegroeide films werden getest als dunne-film elektrodes.
Gezien hun verschillende oxidatietoestanden werd ook een verschillend
elektrochemisch gedrag geobserveerd: MnO2 gedroeg zich als een posi-
tieve elektrode, en de MnO-houdende films als negatieve elektrodes. He-
laas was het groeitempo een beperkende factor op de filmdikte, die max-
imaal haalbaar ongeveer 30 nm was. Dit beperkt de toepassing van deze
films als dunne-film elektrodes. Daarbovenop was de depositie van ALD
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mangaanoxides nauwelijks conformeel, waardoor geen 3D dunne-film elek-
trodes konden worden onderzocht.
Twee andere toepassingen werden geëvalueerd, waarvoor ultradunne
films voldoende waren. MnO2 en Mn2O3 werden onderzocht als dunne-
film katalysatoren voor het splitsen van water, en een activiteit vergelijk-
baar met een platina/carbon black benchmark werd geobserveerd. Verder
werden ultra-dunne MnO2 films ook onderzocht als beschermende seed-
lagen op TiN, een current-collector die gevoelig bleek te zijn aan oxidatie
in zure omgevingen. De seed-laag maakte het mogelijk om dikkere en
elektrochemisch actieve MnO2 films af te zetten via elektrodepositie.
Atomaire laag depositie van vanadiumoxides
Vanadiumoxide films werden gegroeid via ALD met TEMAV, V(NEtMe)4,
als vanadium precursor. Water, ozon en zuurstofplasma werden gebruikt
als reagentia. Amorfe VO2-lagen konden worden afgezet met water en
ozon. Kristallijne V2O5-lagen waren gerapporteerd als resultaat van de
depositie met het zuurstofplasma, maar dit proces werd hier gemodi-
ficeerd om amorf V2O5 af te zetten door de depositietemperatuur te verla-
gen (<100 ◦C) en met korte plasmapulsen te werken. Het kristallisatiege-
drag en de opeenvolging van vanadiumoxide fasen werd onderzocht voor
de twee types amorf VO2 in oxiderende en inerte atmosferen. Dit werd
gemonitord met in-situ X-stralen diffractie. De invloed van het substraat,
de temperatuur, de atmosfeer en de initiële film op dit gedrag werd be-
paald, wat resulteerde in het verkrijgen van alle kristallijne vanadiumox-
ide fasen in de Wadsley-serie (VO2-V2O5).
Vanadiumoxides als dunne-film elektrodes
De kristallijne vanadium oxides die werden gesynthetiseerd lagen in de
Wadsley-serie, i.e. VO2(B), V6O13, V4O9, V3O7 and V2O5, en vertoonden
bruikbare karakteristieken als lithium-ion batterij kathodes, met bijzon-
der hoge opslagcapaciteiten tot 1.4Ah cm−3. Van de kristallijne films had
V4O9 de hoogste capaciteitsdensiteit, terwijl VO2(B) het beste compromis
was tussen goede capaciteit, snel op- en ontladen en lange levensduur.
De amorfe VO2 en V2O5 films werden vergeleken met hun kristallijne
tegenpolen als batterij kathodes. Algemeen gesproken hebben de amorfe
films een hogere capaciteit en kunnen ze bovendien sneller op- en ont-
laden worden. Dit werd gerelateerd aan de lagere densiteiten en gemakke-
lijkere diffusie van lithium ionen doorheen deze films. De capaciteit nam
echter gestaag af bij herhaaldelijk op- en ontladen. Dit verval werd in ver-
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band gebracht met het oplossen van vanadium uit de film wanneer de
kathodes zich in de opgeladen toestand bevonden.
3D dunne-film elektrodes
In tegenstelling tot ALD van mangaanoxides is de conformaliteit van ALD
van vanadiumoxides zeer goed. Bouwend daarop werden vanadiumoxide
films afgezet op 3-dimensionale micro- en nanostructuren, namelijk sili-
ciummicropilaren en koolstof nanobuizen, waarbij oppervlaktecapaciteiten
tot ∼100 µAh cm−2 werden aangetoond op beide structuren. De snelle op-
en ontlaadkarakteristieken van de dunne-film elektrodes werden overge-
ërfd door de 3D-gestructureerde elektrodes.
ald om de oppervlaktechemie van de elektrodes te wijzigen
Atomaire laag depositie wordt beschouwd als een interessante techniek
om elektrode-oppervlakken in lithium-ion batterijen te stabiliseren of ver-
beteren. Het meest onderzochte materiaal is ALD-gedeponeerd Al2O3,
maar andere materialen werden hiervoor ook geëvalueerd. In de meeste
literatuur werd vooral de levensduur van de gemodificeerde elektrodes be-
studeerd, en niet onderzocht wat het effect is op het snel op- en ontladen
(rate capaciteit) van de elektrodes. In dit werk wordt dat laatste in detail
ontrafeld voor ALD oppervlakte-modificaties, waarna een optimale ALD-
film geëvalueerd wordt op een ALD-gedeponeerde nano-gestructureerde
V2O5 dunne-film elektrode.
ALD oppervlaktemodificaties en de rate capaciteit
Om de rol van ALD-films op elektrode-oppervlakten van lithium-ion bat-
terijen te bepalen werden twee dunne-film elektrodes gebruikt als een-
voudige modelsystemen. Anataas TiO2 werd beschouwd als ideaal model-
systeem, aangezien geen solventdecompositie, elektrodedissociatie of grote
volumeveranderingen verwacht werden voor dit materiaal. Amorfe ALD
Al2O3- en TiO2-lagen met een dikte van 0.5 tot 5.0 nm werden afgezet op
het oppervlak van deze elektrode. ALD-gedeponeerd Al2O3 bleek bijzon-
der resistief te zijn ten opzichte van lithium, wat de rate capaciteit signifi-
cant verzwakte. Aan de andere kant werd de ratecapaciteit van de dunne-
film elektrode volledig behouden in het geval van een TiO2-gemodificeerd
elektrode-oppervlak.
Als tweede modelsysteem werd een dunne LiMn2O4-film op- en ont-
laden buiten het stabiliteitsgebied van het vloeibaar elektrolyt, waardoor
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deze film een modelsysteem werd voor solventdecompositie. Een ALD
Al2O3 van slechts 1 nm werd gebruikt gezien het resistieve karakter van
deze films. Echter, met deze oppervlakte-modificatie vond nog steeds oxi-
datie van het solvent plaats, wat in combinatie met de impedantie van de
ALD Al2O3-laag een sterk verzwakte ratecapaciteit opleverde. Een 5 nm
ALD TiO2-laag kon de solventdecompositie anderzijds wel grotendeels
onderdrukken. Aangezien deze laag zelf niet resistief is voor lithiumtrans-
fer, leverde dit een noemenswaardige verbetering op in de ratecapaciteit;
m.a.w. deze elektrode kon sneller op- en ontladen worden.
algemene conclusies
Atomaire laag depositie werd onderzocht voor toepassingen in lithium-
ion batterijen. Eerst werden films gegroeid uit bestaande en nieuw ont-
wikkelde ALD processen getest als lithium-ion batterij elektrodes. Als de
depositie conformeel kon gebeuren, wat het geval was voor ALD vanadi-
umoxides, konden een nanogestructureerde elektrodes worden gevormd.
Hierdoor verhoogde de capaciteit met een oppervlaktefactor terwijl de
snelle op- en ontlaadkarakteristieken van de dunne-film elektrodes be-
waard werden, wat tot zowel hoge capaciteiten als hoge vermogens op-
leverde.
Vervolgens werd atomaire laag depositie geëvalueerd voor de modifi-
catie van elektrode-oppervlakten. De diffusie van lithium door de ALD
oppervlaktelaag werd geïdentificeerd als kritische factor bij de keuze van
coatingmateriaal, aangezien een slechte lithiumtransfer door de coating
aanleiding geeft tot verzwakte batterijfunctionaliteiten, zoals het geval
was voor ALD Al2O3-coatings.
Tenslotte werden de twee topics gecombineerd. Een oppervlak-gemod-
ificeerde en nanogestructureerde elektrode werd gevormd door een ALD
TiO2 oppervlaktemodificatie op een ALD V2O5-elektrode gedeponeerd op
koolstof nanobuizen, waarbij zowel hoge capaciteit, snel op- en ontladen
als een lange levensduur van de elektrode gedemonstreerd werden.

ENGLISH SUMMARY
introduction and research objectives
Lithium-ion batteries (LIB) power most electronic devices today, and are
applied in an extremely wide range of applications: large scale off-grid
and grid-levelling solutions, electric and hybrid electric vehicles, modern
power tools and portable electronics such as laptops and smartphones.
Recently, even smaller batteries are coming into focus, such as small-scale
microbatteries for on-chip storage, autonomous sensors and implantables.
These emerging markets drive the lithium-ion battery towards new con-
cepts and architectures, such as nano-structured electrodes and all-solid-
state devices. Furthermore, evermore stringent demands are placed on
existing and novel battery chemistries, such as improved cycle life, fast
charging, high safety and biocompatibility.
Atomic layer deposition (ALD) is a deposition technique where thin
films are deposited from sequential gas-surface reactions. Thanks to the
self-limiting nature of these reactions, ALD provides interesting deposi-
tion characteristics such as sub-nanometre level thickness control, low de-
position temperatures and excellent conformality. These unique features
enabled ALD to become a well-established tool in semiconductor manu-
facturing. Other domains, such as catalysis or energy storage, can also
benefit from these interesting coating characteristics. However, for these
applications ALD is yet to break the bonds of academia into industry.
In this work, atomic layer deposition is investigated for uses in the field
of lithium-ion batteries. Two application areas are proposed:
• Novel battery concepts such as the 3D thin-film lithium-ion battery
are very promising in applications such as on-chip energy storage, as
a result of their potential high power, high energy and good safety.
To obtain these 3D thin-films, conformal deposition technique are
required. Atomic layer deposition is one of the few techniques that
can achieve conformal thin films in very high aspect ratio structures.
• As battery ageing for traditional lithium-ion batteries can already
be problematic, novel architectures, battery concepts and material
chemistries pose increasingly greater challenges in this direction.
Surface coating has always been one of the concepts to overcome
ageing and improve battery performance. To obtain a high quality
surface coating on the complex structures of battery electrodes, even
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in traditional batteries, a conformal deposition technique such as
atomic layer deposition is paramount.
atomic layer deposition for thin film electrodes
Atomic layer deposition and phase control of manganese oxides
An ALD process for the deposition of manganese dioxide was reported
using the Mn(thd)3 precursor, i.e. manganese tris(2,2,6,6-tetramethyl-3,5-
heptanedionato), by Nilsen et al before the start of this PhD. As the growth
rate of this particular process chemistry was reported to be very low (0.1 to
0.2Å/cycle), three new plasma-enhanced ALD processes were developed.
These processes obtained a higher, temperature independent growth rate
of 0.2Å/cycle. Interestingly, depending on the nature of oxidative or re-
ductive species in the plasma (H2, NH3, H2O) or ozone, films with differ-
ent oxidations states were obtained: MnO2 (ozone), Mn3O4 (H2O plasma),
Mn3O4/MnO (H2 plasma) or MnO (NH3 plasma).
The oxidation and reduction behaviour of these films in inert, reduc-
ing and oxidative atmospheres were studied using in-situ X-ray diffrac-
tion. In this way, all manganese oxide phases could be obtained, including
the Mn2O3 phase which would not be obtained directly from (PE-)ALD
growth with the Mn(thd)3 precursor.
Applications of ALD manganese oxides
The four as-deposited films were characterised as thin-film electrodes.
Their different oxidation states resulted in different electrochemical be-
haviour: MnO2 behaved as a positive electrode, while the MnO-containing
films could be used as negative electrodes. However, the slow growth rate
limits the thickness of these films to ≤30 nm, restricting their use as thin-
film electrodes. Furthermore, the conformality of these ALD processes
was subpar, so 3D thin-film mangnanese oxide electrodes could not be
demonstrated.
Two alternative applications were envisioned where only ultra-thin films
were required. MnO2 and Mn2O3 were examined as thin-film catalysts for
water splitting, and performed comparably to platinum/carbon black, a
benchmark catalyst. Ultra-thin MnO2 films were also examined as a pro-
tective seed layer for the electrodeposition on oxidizable current collectors,
which enabled the growth of thicker, electro-active MnO2 films.
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Atomic layer deposition of vanadium oxides
ALD of vanadium oxides was performed using TEMAV, i.e. V(NEtMe)4,
as a precursor for vanadium, while water, ozone and oxygen plasma were
used as reagents. Amorphous VO2 films were deposited with the first
two. Oxygen plasma was reported to deposit crystalline V2O5, but the pro-
cess was modified to lower temperatures (<100 ◦C) and lower precursor
dosage to obtain amorphous V2O5. The crystallisation and phase change
behaviour of these two flavours of amorphous VO2 were investigated us-
ing in-situ XRD in atmospheres ranging from oxidizing to inert. The in-
fluence of the substrate, temperature, ambient and initial flavour of VO2
were unravelled. All crystalline phases in the Wadsley series (VO2-V2O5)
could be obtained.
Vanadium oxides as thin-film electrodes
The ALD-derived crystalline films in theWadsley series, i.e. VO2(B), V6O13,
V4O9, V3O7 and V2O5, showed good electrochemical activity as positive
lithium-ion electrodes, with very high storage capacities up to 1.4Ah cm−3.
V4O9 demonstrated the highest capacity of the crystalline films, while
VO2(B) had the best trade-off between capacity, rate capability and cycle
life.
Amorphous VO2 and V2O5 were benchmarked as electrodes against
their crystalline counterparts. The amorphous films generally demonstrate
higher capacities and exhibit better rate capability thanks to lower densi-
ties and superior lithium diffusion coefficients. The cycle life for these
amorphous films was not perfect, and capacity fading was related to vana-
dium dissolution at high state-of-charge.
3D thin-film electrodes
Contrary to the manganese oxide ALD, the conformality of the thermal
vanadium oxides processes was excellent. Vanadium oxide films were de-
posited on micro- and nano-structured scaffolds, i.e. silicon micropillars
and carbon nanotubes. Footprint capacities up to ∼100 µAh cm−2 were
demonstrated on both structures, with excellent rate capabilities inherited
from the thin-film nature of the electrodes.
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atomic layer deposition for interface modifications
Atomic layer deposition is considered as an excellent candidate to modify
and stabilize interfaces of lithium-ion battery particles or electrodes. ALD-
deposited Al2O3 is the most studied surface modifier, but many other
ALD films are also explored. In most published work, these coatings were
investigated to extend the cycle life of various electrodes, but the effect on
the rate capability is often omitted. Here, this influence on the electrode
kinetics is studied in detail, and the best coating is evaluated on an ALD
V2O5 3D nano-structured thin-film electrode.
ALD interface modifications and the rate capability
Two thin-film electrodes were used as simple model systems to unravel
the role of ALD coatings on lithium-ion battery electrodes. Anatase TiO2
was considered a near-ideal model system as it does not suffer from SEI
formation, metal dissolution of large volume changes. 0.5 nm to 5.0 nm
films of amophous ALD Al2O3 and TiO2 were deposited on the surface of
this electrode. ALD Al2O3 appeared to be very resistive towards lithium,
and significantly deteriorated rate capabilities were found. ALD TiO2 on
the other hand retained the rate capability of the model electrode.
Overcharged thin-film LiMn2O4 was used as a model system for solvent
decomposition. A 1nm ALD Al2O3 film already posed a large impedance,
and could not alleviate the solvent decomposition, resulting in severely de-
graded rate performance. 5 nm ALD TiO2 on the other hand could prevent
the solvent decomposition, which appreciably improved the rate capabil-
ity compared to the uncoated electrode.
ALD-modified vanadium oxide 3D thin-film electrodes
A 3D thin-film electrode was constructed from an ALD-derived crystalline
V2O5 film deposited on carbon nanotubes (CNTs). This V2O5/CNTs elec-
trode suffered from capacity fading when charged to 2V vs Li+/Li, which
was shown to be related to vanadium dissolution. The interface was modi-
fied with 5 and 25 cycles of ALD TiO2, which maintained the excellent
thin-film kinetics of the V2O5/CNTs electrodes. Vanadium dissolution
was completely supressed with 25 cycles of ALD TiO2, which resulted
in a stabilized electrode capacity.
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conclusions
Atomic layer deposition was investigated for applications in lithium-ion
batteries. First, electrodes grown from existing and novel ALD processes
were evaluated. If the conformality of the deposition allows it, as was the
case for ALD vanadium oxides, these electrodes can be nano-structured,
which increases their footprint capacity and at the same time maintains
the excellent rate capability of the thin-film electrodes, yielding high-en-
ergy and high-power electrodes.
Next, atomic layer deposition was evaluated for electrode surface mod-
ifications. The lithium diffusion through the deposited coatings needs to
be considered when choosing a coating, as a poor lithium transfer can
significantly degrade battery performance, as was shown for ALD Al2O3.
Finally, 3D nano-structured electrodes and interface modifications were
combined in an ALD TiO2/ALD V2O5/CNTs electrode, which exhibited
excellent rate capability, high footprint capacity and an excellent cycle life,








We live in an electrical world. It is easily forgotten that we rely on elec-
tricity for almost everything in our daily lives, from our alarm clock the
first thing in the morning to turning off the last light bulb in the evening.
Close to everything we do is powered by electrical energy.
With the evermore increasing need to become mobile, wireless and con-
nected, the need for energy storage has never been far behind. Numer-
ous forms of energy storage are available, but batteries are the most well-
known. A battery works by storing energy (electro)chemically in its sys-
tem, which can be released in the form of electrical energy. Batteries have
been around for centuries, quite literally; the first battery was invented by
Alessandro Volta around 1800, over two centuries ago, by stacking several
pairs of copper and zinc discs separated by cloth or cardboard soaked in
brine, as displayed in figure 1.1.
1.1 batteries
A battery consists of one or more electrochemical cells, made up of a






Figure 1.1: (left) The principle of a voltaic pile; (right) Volta presenting his voltaic
pile as the first stand-alone power source to Napoleon Bonaparte.
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20 1 introduction
Batteries are the most commonly used method for energy storage, thanks
to their portability and versatility. This verstatility results from the various
chemistries that can be used to construct a battery, and the wide range of
physical volumes and charge storage sizes that it can be used for. Indeed,
battery sizes can range from large-scale grid storage applications (MWh)
[1], (hybrid) electric vehicles (for example, 40-85kWh for Tesla car batter-
ies) [2] to consumer electronics (Wh storage for power tools, laptop and
smartphones) and autonomous sensors (mWh to µWh) [3].
1.1.1 The principle of Volta’s battery
The building blocks of the battery have not changed much since Volta’s
discovery in the 19th century. The basic components of Volta’s cell in fig-
ure 1.1 are
• A current collector
• A positive electrode (copper disk)
• An electrolyte (brine, a solution of salt in water)
• A separator (cloth or cardboard)
• A negative electrode (zinc disc)
• A current collector
In the case of Volta’s cell, the energy is released in the form of electrical
current by dissolving zinc into the brine solution. Charge compensation
happens by reducing hydrogen ions to neutral hydrogen at the copper
disk’s surface, which bubbles out of the battery, resulting in an electro-
chemical cell of 0.76V. Not a lot can be accomplished with such a low volt-
age, which is why the Cu-electrolyte-Zn couples were stacked to Voltaic
piles resulting, for example, to 4.56V in the case of the pile in figure 1.1.
This also explains the origin of the term ’battery’, as these voltaic piles
resembled the cannons employed in warfare at that time.
1.1.2 Rechargeable batteries
Since that time various battery types, or chemistries, have been devel-
oped to keep up with demands. Batteries are classified according to the
reversibility of the reactions taking place in the battery, in other words,
whether the battery is rechargeable or not. Volta’s cell, like our current-
day alkaline batteries (most cylindrical batteries in children’s toys) and
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Figure 1.2: Comparison of the energy densities of several rechargeable battery
types. Adapted from [4].
lithium-manganese dioxide batteries (the coin-cell type batteries in most
watches) are primary or non-rechargeable batteries, meaning the battery
can be used until one of its components runs out.
On the other hand, for some battery chemistries the electrochemical
reactions ocurring within the battery can be reversed, so they can be re-
used for anything from 5 times (simple rechargeable alkaline batteries) to
5000 times (state-of-the-art lithium-ion batteries). Four major secondary
battery chemistries1 exist (see also figure 1.2) [4]:
• Lead-acid is the cheapest battery chemistry if weight is not an im-
portant factor, but has a very low energy density. Invented in 1859,
it’s still used today in cars and large uninterruptible power supply
(UPS) systems.
• Nickel Cadmium (NiCd) has been around since 1950, but also has
a low energy density, significant self-discharge and contains toxic
metals. NiCd batteries are still used today for applications such as
power tools.
• Nickel Metal Hydride (NiMH) emerged in the 1970s as a less toxic
alternative to the NiCd battery. It has a higher energy density (40%
1 Other battery chemistries, such as lithium-air, lithium-metal and sodium batteries for exam-
ple are in the focus for beyond-lithium-ion batteries, but haven’t made it to the commercial
stage yet.
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Figure 1.3: The evolution of the rechargeable battery market since the introduction
of the lithium ion battery to the market by Sony in 1991 (2015 are estimations) [10].
higher than NiCd), but still suffers from high self-discharge, so it
can only be found in niche markets such as satellite applications.
• Lithium-ion batteries (LIB) offer the highest energy density, more
than twice that of NiCd batteries. They also do not suffer from mem-
ory effects and exhibit low self-discharge properties.
Amongst the rechargeable batteries, the lithium-ion battery is king. Since
its proposition by Stanley Whittingham in the 1970s at Exxon [5, 6], further
development by John Goodenough in 1980 at Oxford University [7] and
commercialisation by Sony in 1991 [1, 8], the lithium-ion battery has taken
the market by storm (figure 1.3). Not surprising, considering the superior
properties it has over earlier battery chemistries, the lithium ion battery
market is projected to rise further by more than 17% yearly between 2016
and 2021 [9].
1.2 the lithium-ion battery
Lithium-ion batteries are the commercially available batteries that provide
the highest energy density to date. This is inherited from the properties of
lithium itself. On the one hand, being only the third element in the peri-
odic table makes it the third lightest element, and Li+ one of the smallest
single-charged ions. Furthermore, lithium has the lowest reduction poten-
tial of any element (−3.02V vs the standard hydrogen electrode), result-
ing in much higher cell potentials (typically 3.6V) compared to earlier
rechargeable battery chemistries (Ni-based 1.2V, lead acid 2.0V).
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Layered oxide Graphite
Figure 1.4: (left) Lithiated layered oxide structure found for many transition metal
positive electrode materials (LiMO2 with M=Co, Ni, Mn, and the spheres represent
Li). (right) Layered structure of graphite.
1.2.1 How the lithium-ion battery works
The basic components of lithium-ion batteries are very similar to those of
Volta’s rudimentary battery:
• current collectors, usually aluminium for the positive electrode and
copper for the negative electrode
• a negative electrode, usually carbon-based such as graphitic carbon
• an electrolyte, a lithium salt in (a mixture of) solvents
• a positive electrode, usually a transition metal oxide such as lithium
cobalt oxide
The layered structure of the negative graphite electrode (figure 1.4) allows
lithium ions to reside in between the sheets of graphite, a storage mecha-
nism called intercalation. The lithium cobalt oxide in the positive electrode
is a layered oxide, as shown in figure 1.4. This implies it has sites for
lithium ions along certain planes within the crystal structure, which al-
lows lithium ions to also be (de)intercalated there. Other lithium storage
mechanisms exist, such as conversion and alloying with lithium, which
will be briefly touched upon further.
The electrodes determine the potential and capacity of the cell. When
an electrode such as Li0.5CoO2 is part of an electrochemical cell, an energy
difference exists between the two electrodes which gives rise to the elec-
trode potential (as will be explained in section 1.2.2). The driving force
behind the lithium-ion battery is the equalisation of the energy in the sys-
tem, which is done by electron transfer, effectively oxidizing and reduc-




























Figure 1.5: Lithium ion battery during discharge. Ions and electrons move in the
opposite direction during charge. Figure adapted from [11].
electrons are transferred through the circuit, where they can perform (use-
ful) work during the discharge of the battery. As electrons are negatively
charged, this creates a charge imbalance, which is then compensated by
the extraction or insertion of lithium ions from or into the electrode.
Each electrode has a specific electrode potential, which is the potential
V of the electrode is lithium is used as a negative electrode. In a real cell,
a negative electrode is paired with a positive electrode and the electrode
potential is thus the difference between their electrode potentials:
Vcell = Vpositive −Vnegative (1.1)
as long as no current is flowing. If a current flows, this potential is modi-
fied by charge transfer resistances for the ions at the interfaces and internal
current resistance, causing the usable cell voltage to be lower than Vcell .
The second characteristic of the cell is the capacity, which corresponds
to the number of lithium sites available in the electrodes. Often, only a
fraction of the available lithium sites can be accessed reversibly, or only a
fraction of the host lattice can be oxidized reversibly. To use the cell in a
good rechargeable battery the depth of charge (DOC) or discharge (DOD)
can be limited. Insertion electrodes typically have less potential lithium
storage than conversion electrodes and alloying electrodes, but a better
reversibility and coulombic efficiency.
In the charged state of the battery, the lithium is stored in the negative
graphite electrode. When the battery is used as in figure 1.5, the nega-
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tive electrode is used as anode2 as it releases electrons and de-intercalates
lithium ions:
LiC6 −−→ Li+ + e− +C6 (1.2)
At the same time, the positive electrode acts as a cathode; electrons are
accepted to reduce the Co4+ to Co3+, and the intercalation of lithium ions
again balances the charge:
xLi+ + xe− + Li1−xCoO2 −−→ LiCoO2 (1.3)
The electrolyte conducts the lithium ions, but does not conduct electrons.
Since reaction 1.2 releases electrons, and reaction 1.3 consumes electrons,
these reactions can only take place if a current can flow through an ex-
ternal circuit, connected to the device the battery is powering. The full




C6 + LiCoO2 (1.4)
This reaction is reversible, which means that it can take place in both direc-
tions. The spontaneous direction is left to right as this lowers the energy
of the system. However, if a current is forced in the opposite direction
of figure 1.5, the cobalt is oxidized again. Charge neutrality implies that
lithium ions must move back to compensate the electronic charge. This
reversible dual intercalation mechanism is also known as the rocking chair
battery [12, 13].
The battery in section 1.2.1 is an oversimplification of a real battery.
A schematic representation of the components of a real lithium-ion bat-
tery is shown in figure 1.6. The classical lithium-ion battery found in cell-
phones and laptops is particle-based; i.e. the electrodes are constructed
from active material particles, usually micron-sized. To keep these ’glued’
together, a binder needs to be added. To ensure a good electronic current
collection, a conductive agent is added, and a slurry made from these
components makes up both electrodes. This slurry is spread onto the cur-
rent collector foils, and is dried to obtain the porous structure of the elec-
trode. The porosity provides channels for the liquid electrolyte to easily
penetrate throughout the electrodes, ensuring sufficient ionic conductivity
throughout the cell. The electrolyte is an electronically insulating liquid,
but a non-reactive non-conductive porous membrane, called the separator,
must be added to keep the positive and negative electrode from forming a
2 The ’cathode’ and ’anode’ terminology is confusing, since their role depends on whether the


































Figure 1.6: A schematic representation of the building blocks that a real lithium-
ion battery is composed of.
direct contact and short-circuiting the battery. Finally, the whole assembly
is packaged since the components are not stable in contact with ambient
air: lithium is very reactive with moisture and oxygen, and the solvents
making up part of the liquid electrolyte are usually flammable.
1.2.2 The origin of the electrode potential
Equation 1.1 in the previous section states that the potential of an elec-
trochemical cell depends on the difference in electrode potentials of the
negative and positive components. This section will give some physio-
chemical background to the origin on these electrode potentials, which
can be found in the electrochemical potentials of its components.
An electrochemical potential is a quantity that defines how difficult it is,
or howmuch work it takes, to move a chemical species to a well-defined lo-
cation (concentration) and electrostatic surrounding. As all systems want
to lower their energy, spontaneous reaction happen from higher to lower
electrochemical potentials. The electrochemical potential µ˜α [J/mol] for
compound α consists of a chemical potential and an electrostatic term:
µ˜α = µα + zαFφα (1.5)
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where zα is the valency (charge) of the species (if charged), F the Faraday
constant [C/mol] and φα the local electrostatic potential [V]. The chemical




= µ0α + RTln(aα) (1.6)
with G the Gibbs free energy. The chemical potential can be separated
into a term µ0α [J/mol] which is the chemical potential at a set of standard
conditions [J/mol], R the gas constant[J/mol.K], T the temperature [K]
and aα the activity.
Let us now return to a simple electrochemical cell, with lithium cobalt
oxide as a positive electrode and lithium as the negative electrode. During
discharge, he half-cell reaction on the positive side is
xLi+ + xe− + Li1−xCoO2 −−→ LiCoO2 (1.7)
As the electrochemical potentials need to be balanced on both sides of this
equation at reaction equilibrium, they can be written as
xµ˜Li+ + xµ˜e− + µ˜Li1−xCoO2 = µ˜LiCoO2 (1.8)
The electrochemical potential for the electrons here are equal to the Fermi
level. This allows us to calculate the electrode potential, as the electrode
potential is the potential for a compound compared to the potential of the
Li+/Li electrode. Let us again consider the aforementioned electrochemi-








where the marker ’positive’ denotes that this is valid for the positive elec-
trode. Fermi levels are typically expressed in units of electronvolt (eV),
but this unit is equivalent to that of the (electro)chemical potential (J/mol)
and differ only by the elementary charge e divided by the Faraday con-




e− = µ˜Li − µ˜Li+ (1.10)
where the denotion ’lithium’ means that this applies for the following
reaction in this cell:
Li −−→ Li+ + e− (1.11)
Figure 1.7 visualizes these energy levels. In the charged state of the























Figure 1.7: A qualitative schematic of the important electronic energy levels in a
charged Li/LiCoO2 cell.
is in the +3 oxidation state, resulting in a half-filled Co:3p orbital. Lithium
itself is a metal, so always has a half-filled shell with the Fermi level fixed
in the middle. If the battery is connected to a load, electrons can flow from
the Li:2s shell to the Co:3p shell, effectively reducing the remaining Co4+
to Co3+ as the Co:3p is filled. To balance charge, the lithium ions gener-
ated by the release of electrons at the lithium electrode are simultaneously
transferred through the electrolyte into the LixCoO2 electrode. The open
circuit potential, i.e. the potential in volts that is measurable at the two
terminals of the cell, can thus be written as the difference in Fermi lev-
els between the two electrode, by the charge of the electrons (-1) and the
Faraday constant as
− FVhal f cell = EpositiveF − ElithiumF = µ˜positivee− − µ˜lithiume− (1.12)
Combining this equation with equations 1.5, 1.6, 1.9 and 1.10 finally gives
us the Nernst Equation, which allows us to calculate the measurable cell
potential, in this case Vhal f cell , to quantities as standard chemical poten-
tials, temperature, and activities of its components3:







3 The activity of lithium, aLi , drops out of this equation as it is conventionally taken as unity
in pure substances.
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with V0hal f cell containing contributions of the standard chemical potentials
of the compounds (in this case LiCoO2, Li1-xCoO2 and lithium). This equa-
tion allows us to calculate the potential of the LiCoO2/Li cell for every
given state-of-charge.
If the lithium electrode is considered as a reference electrode, than this
Vhal f cell can be considered as an electrode potential. The potential of a
cell with a compound as both the negative and positive electrode, such
as graphite and lithium cobalt oxide, then the potential of the full cell is
simply the difference of the electrode potentials, as
Vcell = V
positive










1.2.3 Characteristic properties of the lithium-ion battery
A specific terminology is obligatory when discussing batteries. The charac-
teristic properties of the battery are listed below with a short explanation.
• The capacity of the battery states how much charge it can hold and
release, expressed in Coulomb (C) or ampere-hour (Ah).
• Terminal voltage is the potential at which the battery can deliver
its charge. This can be nearly constant, but typically this changes
depending on how much charge is left in the battery. The terminal
voltage is the difference between the electrode potential of the posi-
tive and negative electrodes.
• The energy in a battery is the amount of work it can perform, and
is a product of the amount of charge it can deliver and the potential
it can deliver the charge at (Wh). Energy density is a measure of the
density of charge storage within the electrodes or within the battery,
and can be expressed in gravimetric (Whg−1, charge per unit of
weight) or volumetric units (Wh cm−3 or Wh l−1, charge per unit of
volume).
• Power (and Power density) is a measure of the rate at which a bat-
tery can do work. This is expressed in units of Watt (W).
• Rate, or the rate capability is a measure of how fast the battery
can be charged or discharged without loss of too much energy. Fast
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charging often reduces the accessible capacity, and generates high
currents, which can be detrimental for the battery. The rate capabil-
ity is expressed in C-rate, where a C-rate of 1C corresponds to the
current required to charge or discharge the battery to its theoretical
capacity in 1 hour, while a C-rate of 10C indicates charge/discharg-
ing in 6 minutes (1/10th of an hour).
• Cyclability determines the number of cycles a battery can be used
before the capacity drops to below a certain value (usually 80% of
the initial value). Many factors influence the cycle lifetime, such as
charge and discharge rate, temperature, type of electrode and elec-
trolyte materials, etc.
• Coulombic efficiency is the amount of charge delivered during dis-
charge of the battery, compared to the amount of charge stored dur-
ing charge. It is a measure of the reversibility of the reactions in the
cell or at the electrodes, and has to be as close to 100% as possible.
• Self-discharge is the amount of charge lost during storage of the
battery.
1.3 recent trends in battery advancement
While the lithium-ion battery is the best commercial battery out there,
the work is never done. Moore’s law already predicted in 1975 that the
number of components per integrated circuit would double every two
years, which they did[14]. Batteries have not followed: making the leap
from lead-acid batteries to lithium-ion batteries increased the energy den-
sity five-fold, but only over a period of more than 30 years, which re-
ally required a revolution in materials science. Futhermore, the most com-
monly used lithium-ion battery (graphite-LiCoO2) is little different from
the one first commercialized in 1991. Several routes are being explored
to advance energy storage, summarized in figure 1.8. It ranges from ad-
vances within the lithium-ion battery on a materials and design level (sec-
tion 1.3.1) to technologies beyond classical lithium-ion batteries, such as
solid-state, thin-film lithium-ion batteries or batteries beyond lithium-ion
(section 1.3.2).





































































































































1.3.1 Advances for the lithium-ion battery
The lithium-ion battery itself is still being improved, which is evident
from the almost 150 000 scientific papers published since its birth.4 Most
lithium-ion batteries on the market still consist of the original lithium-ion
battery’s composition, i.e. lithium cobalt oxide as the positive electrode,
graphite as the negative electrode and the electrolyte made up from a
lithium salt (such as LiPF6 or LiClO4) dissolved in a mixture of solvents
(such as ethylene carbonate, dimethyl carbonate and propylene carbonate).
New battery materials can reduce cost, increase energy or power density
and enhance battery safety, three major concerns in the advancement of
lithium ion batteries. The largest advances in materials science are found
on the electrodes. An ideal electrode has to fulfil the following conditions:
• high (positive electrode) or low (negative electrode) potential, to
maximize the terminal voltage
• high energy density
• (almost) 100% reversible storage reactions
• small volume changes during charge and discharge
• non-toxic, abundant and inexpensive
Several types of charge storage hosts exist, either based on intercalation,
conversion or alloying mechanisms. Graphite and lithium cobalt oxide
are intercalation-type electrodes. In an intercalation-type material, specific
lattice sites are available within the crystal structure of the host material,
and lithium can diffuse to those sites over diffusion planes in the case of
layered materials such as graphite and lithium cobalt oxide (see figure 1.4)
or by three-dimensional channels in the case of an open structure such as
spinel LiMn2O4. These materials have a low volume expansion, but also
a relatively low energy density. A conversion anode stores lithium by the
conversion of a metal oxide to a metal and lithium oxide, while alloying is
the transformation of a metal to a lithium-metal compound. These storage
modes typically offer much higher energy densities (up to an order of
magnitude higher), but suffer from low coulombic efficiencies and severe
volume expansions, respectively, rendering them less suited for continued
cycling.
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Figure 1.9: Capacity and electrode potential for negative electrodes. Figure
adapted from [16].
1.3.1.1 Negative electrode materials beyond graphite
Graphite has reasonable storage capacity (372mAhg−1) and the advan-
tage of a flat voltage plateau, but materials with much higher capacities
are available, as shown in figure 1.9. While the low voltage plateau of
graphite has the advantage of providing a high terminal voltage for the
battery, most solvents in the liquid electrolytes are unstable at these po-
tentials. During the first cycle, irreversible side reactions occur on the
graphite electrode, forming an ill-defined layer called the Solid Electrolyte
Interface or Interphase (SEI). This layer stabilizes the graphite-electrolyte in-
terface for the duration of the battery life, but irreversibly consumes some
of the lithium in the battery, rendering less lithium available to do the ac-
tual energy storage. Furthermore, this SEI layer is typically not resilient to
elevated temperatures, limiting the operating window of the battery [17–
20].
Keeping this in mind, two pathways are investigated to improve the
negative electrode, or anode (during battery use). On the one hand, SEI
formation can be avoided altogether by choosing a good anode with a
higher electrode potential (above 1.58V vs Li+/Li), which implies a lower
electrochemical potential preferably within the band gap of the electrolyte.
Lithium titanium oxide (Li4Ti5O12 or LTO) has a delithiation potential of
1.58V vs Li+/Li. Despite this higher potential and lower capacity (175mAhg−1),
it has been commercialized successfully because of its high temperature
stability, high rate and extremely high cycle life, up to tens of thousands of
4 147 000, as determined by a google scholar search using the exact phrase "lithium ion battery"
as terms, up to January 2017.
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Figure 1.10: Crystal structures of (a) lithiated graphite, (b) lithium titanium oxide
(LTO) and (c) silicon in various stages of lithiation, demonstrating the extreme
volume change for the latter. Figure reproduced from [16].
cycles. The latter originates from the fact that LTO is an almost zero-strain
electrode: it only expands 0.2% upon lithiation, while graphite expands
almost 10%. However, despite the excellent properties of LTO, it has not
pushed graphite from the position of anode for the ’standard’ lithium ion
battery, due to the low energy density and residual surface reactions.
Another interesting possibility is moving to extremely high capacity ma-
terials. Silicon for example can be used as a negative electrode material,
and has a capacity of 3579mAhg−1, almost 10 times as high as graphite.
However, the extremely large volume changes associated with the high
storage capacity (up to 270% volume expansion, as demonstrated in fig-
ure 1.10(c)) implies it does not offer a very long lifetime, caused by pulveri-
sation of the anode particles. Furthermore, the low potential at which this
electrode operates, triggers electrolyte decomposition similar to that on
graphite, which is further enhanced by the pulverisation exposing fresh
surface with every cycle. Unless measures are taken to stabilize the sur-
face and the morphology, only a few cycles can be obtained from silicon
[21]. Other high-capacity anodes, such as germanium, manganese and tin,
suffer from similar issues [22].
Lithium itself can also be used as the negative electrode5 with a whop-
ping capacity of 3861mAhg−1, more than 10 times higher than graphite.
Due to this high theoretical capacity, major effort has been made to make
5 Those batteries are typically called lithium batteries rather than lithium-ion batteries, since the
lithium is stored as metallic lithium, rather than as an ion in an intercalation host material.

















































Figure 1.11: Properties and trade-off in cathode materials beyond lithium cobalt
oxide. Edited from [2].
this possible. Unfortunately, uncontrollable dendritic Li growth and lim-
ited Coulombic efficiency during Li deposition/stripping inherent in these
batteries has made it non-viable in a standard lithium-ion battery [23].
1.3.1.2 Positive electrode materials beyond LiCoO2
Lithium cobalt oxide (LCO) has a high theoretical capacity of 274mAhg−1
at 3.8V vs Li+/Li, relatively low self-discharge and relatively good cycling
performance. However, the limited availability of cobalt makes it a high-
cost cathode: the cost of current lithium-ion batteries is determined to a
large extent by the price of the cobalt. Furthermore, it has a low thermal
stability (thermal runaway above 200 ◦C), which poses a serious safety
concern and resulted in the grounding of all Boeing 787 airplanes in 2013
[24]. This has as a consequence that LCO-based lithium-ion cells cannot
be discharged at high rates, as the high current would heat the battery,
limiting the power of LCO. Finally, even though LCO has a high theoret-
ical capacity, only half of the theoretical capacity can actually be used, as
delithiation beyond Li0.5CoO2 introduces lattice deformation detrimental
to the cycle life of lithium cobalt oxide.
36 1 introduction
Awhole range of oxides, sulphides, phosphates and fluorides have been
investigated and commercialized. Figure 1.11 shows the properties of the
mainly used and investigated positive electrodes. This figure clearly illus-
trates the trade-off present between cost, energy, power, safety and lifes-
pan. To date, the holy grail of lithium-ion battery cathodes remains as
elusive as the mythical unicorn, so the choice of cathode today mainly de-
pends on prioritizing battery characteristics (for example, NMC is used for
electric vehicles thanks to the high energy, translating into a good range).
Nickel, manganese and iron are the most popular transition metals for
lithium-ion storage in the positive electrode, although titanium and vana-
dium have also been evaluated. Lithium nickel oxide (LiNiO2) has the
same crystal structure as LCO, and the lower cost of nickel makes it an
interesting alternative. However, LiNiO2 has a poor cycle life and an even
lower thermal stability than LCO.
Lithium manganese oxide (LiMn2O4, LMO in particular) has also at-
tracted much attention thanks to its even lower cost and the low toxicity
of manganese compared to nickel and cobalt. Furthermore, the crystal
structure of spinel LMO is three-dimensional rather than layered for LCO,
meaning that lithium can diffuse into the electrode from every direction
rather than through planes. However, despite the low cost and high safety,
cycle life is not sufficient for LMO due to side reactions with the elec-
trolyte, oxygen loss, Mn dissolution and irreversible phase transforma-
tions.
The key concept to unlocking novel cathode insertion materials has been
found beyond the ternary compounds. Rather than simple metal oxides,
with the metal being manganese, cobalt or nickel, mixtures of two or three
of those (sometimes doped with Mg or Al) have shown excellent cycle
life and electrochemical performance. For example, LiNi0.8Co0.15Al0.05O2
(NCA) has found its way to commercial use in Tesla car batteries as a
cheaper alternative to LCOwith a discharge capacity around 200mAhg−1.
Higher voltage materials were obtained by mixing LMO and LNO to
LiMn1.5Ni0.5O4 (LMNO). LMNO has a higher electrode potential than
LCO (4.7V vs Li+/Li), which translated to a higher power. A mixture of
all three transition metals, such as LiNi0.33Mn0.33Co0.33O2 (NMC) has been
commercialized successfully thanks to the high reversible storage capacity
of up to 170mAhg−1.
1.3.1.3 Nano-structuring the electrodes for higher performance
Typical first-generation lithium-ion electrodes are constructed of electrode
particles in the range of 10 µm to 100 µm, in combination with a binder
and a conductive agent. While great advances in materials science on the





Figure 1.12: Schematic illustration of the mechanical stabilisation effect of
nanoscaling silicon to silicon nanowires. Figure adapted from [33].
electrode level can enhance the energy density of the electrodes, the power
density will be limited by slow diffusion of lithium in solid matter (around
D ∼10−8 cm2 s−1). To meet the demands of batteries for electric vehicles
[25], or on-the-go charge storage on sensors in combination with energy
harvesters [3], a leap forwards towards faster (dis)charging batteries will
be required. The characteristic time scales within the electrode particle is
given by t = L2/D, with L the diffusion length, so these advances can
be obtained by down-sizing the electrode particles from micron-sized to
nano-sized [26, 27]. Similar enhancements can be achieved by replacing
the particle structure altogether by a complex nanostructuring [28, 29],
such as nanotubes [30, 31] or thin film electrodes [32].
Aside from faster and more performant batteries [34], nanoscaling can
also provide structural stabilisation. A common problem with high capac-
ity electrodes is the associated high volume change. This causes problems
with delamination and fracturing, resulting in severe capacity fading [21,
35–37]. Moving from large particles to small nano-particles, or more com-
plex nanostructures such as nanofibres [33, 38] or nanotubes [39–41], can
effectively alleviate issues related to strain, as illustrated in figure 1.12.
This results in an enhanced capacity retention [22, 33, 42].
Despite the merits of structuring the battery electrodes, some disad-
vantages are also still present. Apart from more difficult synthesis, higher
cost, poorer inter-particle contact and generally lower density of active ma-
terial in assembled electrodes, the interface-to-bulk ratio is much higher
for nanostructured electrodes. While this high contact area with the elec-
trolyte generates a high lithium-ion flux across the interface, side reac-
tions with the electrolyte (for electrodes outside the stability window of
the electrolyte) and metal dissolution (the main capacity fading mecha-
nism for intercalation cathodes containing manganese and nickel) are also
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proportional to the interface area [26]. Therefore, careful engineering of
the interface is a necessary step in lithium-ion battery advancement [43].
1.3.1.4 Ageing of lithium-ion batteries and interface engineering
The ageing of lithium-ion batteries is still one of the most serious con-
cerns of battery manufacturers and consumers alike. In chapter 13, a brief
overview of the ageing processes is presented. To summarize, most ageing
mechanisms, such as electrolyte decomposition, SEI formation, lithium
plating, contact loss, metal dissolution and surface layer formation, occur
at the surface of the electrode particles. To make matters worse, unlike
what happens in Vegas, what happens at the interfaces does not necessar-
ily stay at the interfaces, and dissolved cathode metals can be redeposited
on the anode surface, triggering lithium plating and further SEI formation
[44]. While the merits of nanostructuring the electrodes are clear from
the above paragraphs, a larger surface area implies a greater electrode-
electrolyte interface, causing interface-induced ageing for nano-structured
electrodes to be much more severe.
To overcome this, interface engineering is widely investigated to stabi-
lize the surface. The graphite-electrolyte interface can for example be sta-
bilised by mild oxidation of the surface, or altering the surface with metal,
metal oxides or other forms of carbon, which controls the SEI formation
[45, 46]. High volume expansion anodes such as silicon suffer from con-
tact loss and re-initiated SEI formation due to the creation of fresh anode
surface upon cracking of the silicon particles. Here, coating does not only
stabilise most of the surface, but can form a ’glue’ to keep the pulverized
anode particles connected to the electronic network, preventing contact
loss [47, 48]. Cathode surfaces are usually not stabilised by a controlled
SEI, but rather by a metal dissolution barrier, a barrier to prevent elec-
trolyte decomposition or an HF-scavenger in the case of fluorine-based
electrolytes, as schematically represented by figure 1.13 for a conformal
Al2O3 coating on a cathode surface [49]. A wide range of coating materi-
als (Li2CO3, MgO, Al2O3, AlPO4, ZrO2, SnO2, TiO2, ZnO, CoO, cathode
materials, carbon, conductive coatings) can be deposited by an array of
possible coating techniques (sol-gel, chemical vapour deposition, physical
vapour deposition, pulsed laser deposition, ...) [46, 50].
1.3.2 Beyond the classical lithium-ion battery
Besides advances on a materials and engineering level for the classical
particle-based lithium-ion battery, progress in energy storage can also be
found beyond. For energy storage in medical implants for example, the
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Figure 1.13: (Possible) beneficial effects of cathode surface coating. Figure
reprinted from [49].
safety hazard (liquid electrolte leaking, flammable components) excludes
liquid-electrolyte based batteries as a candidate [51]. On-chip energy stor-
age requires integratability and flexibility, properties provided by thin-
film batteries technology [52–54]. Furthermore, there is a growing consen-
sus that for some applications, the energy density limits of lithium-ion
battery may not be enough, and beyond-lithium-ion (BLI) chemistries are
needed [55]. Several BLI battery chemistries are finding their way to the
spotlight, such as magnesium- and sodium-based storage mechanisms,
metal-air and metal-sulfur systems [1]. These novel technology nodes are
very promising, but still face serious challenges, as will be discussed be-
low.
1.3.2.1 All-solid-state lithium-ion batteries & the solid electrolyte
Classical lithium-ion batteries are comprised of a liquid electrolyte soaked
into a separator and throughout the electrode (figure 1.6). This liquid
electrolyte usually consists of a lithium salt in a mixture of organic sol-
vent, and is an electronic insulator but a good lithium ion conductor
(1× 10−2 S cm−1 to 10 S cm−1). The organic solvents used for these elec-




























Figure 1.14: Predicted transportation market evolution beyond lithium-ion up to
2035. Figure reprinted from [15].
ion batteries. Batteries for medical implants naturally abide even more
stringent safety regulations, and cannot contain a liquid electrolyte. Pace-
maker batteries for example are all-solid-state devices, using a solid elec-
trolyte rather than a liquid one. Besides the obvious safety risk, liquid
electrolytes also suffer from several other limitations:
• The liquid reduces the energy density of the battery, as it requires
a separator membrane to keep the electrodes from forming a direct
contact, and requires bulky packaging to ensure no air can get to the
electrolyte.
• A liquid battery limits the miniaturisation of the battery, as the
membrane separator requires a certain thickness to maintain a good
separating functionality.
• Although the electrolyte is an electronic insulator, the high fields
at the interfaces with the electrodes are often outside of the stability
window (band gap) of the solvent. This causes the already discussed
SEI formation, which not only irreversibly consumes lithium, but
hinders battery kinetics.
All-solid-state lithium ion batteries are being explored to alleviate these is-
sues. As these compounds are solvent-free, this makes the flammable com-
ponent redundant and alleviates the safety risks. Furthermore, they have
high electronic resistivity, and good stability windows. The challenges for
solid-state electrolytes are (1) ionic conductivity and (2) interface stability
and matching [56]. Ionic conductivity of solid-state electrolytes is several
orders of magnitude lower than that of their liquid counterparts: one of
the benchmark solid-state electrolytes, nitrogen-doped lithium phosphate,
has an ionic conductivity of only 3× 10−6 S cm−1 [57]. Significant research
effort is invested in finding a solid-state electrolyte with good properties
and a high ionic conductivity. However, as the solid electrolytes do not
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Figure 1.15: Schematic concept of thin-film battery on a flat substrate. Figure ad-
dapted from [58].
require a separator, they can be made much thinner, which (partially)
compensates the low ionic conductivity. Optimistic market reports pre-
dict significant market interest for solid-state batteries: their market value
for automotive applications is predicted to climb from $3 billion to $42 bil-
lion from 2030 to 2035 (figure 1.14), and solid-state batteries are predicted
to take almost 40% of the battery market for electronics by 2035 [15].
1.3.2.2 Thin-film all-solid-state batteries
The interface between the electrodes and the electrolytes is a critical com-
ponent of the solid-state battery. Interface quality and stability has been
found to be one of the determining factors for solid-state battery lifetimes
[56]. The interfaces in particle-based batteries are very complex, making
it tricky to control them. A possible solution is to move towards thin-film
electrodes and electrolytes. This significantly simplifies the interfaces, and
makes good quality and matching much more likely.
Another advantage of thin-film all-solid-state batteries is integratability
in light of the Internet of Things. The Internet of Things (IoT) is defined
as the internetworking of physical devices, vehicles, buildings, and other
items. Embedded with electronics, software, sensors, actuators, and net-
work connectivity, this enables these smart devices to collect and exchange
data [59, 60]. Small wireless sensors need a power source, which can be
provided by an energy harvester (for example a small solar cell) and an
energy storage device to compensate for the intermittent nature of the en-
ergy harvester. As these devices are either on flexible substrates [52, 53]
or on-chip devices [54], standard lithium-ion batteries will not stand, and
thin-film all-solid-state batteries as the one in figure 1.15 may prove to be



















Flammable Safe Safe Safe
Figure 1.16: Properties of battery architectures. From left to right: classical battery,
thin-film battery, truly thin-film battery, 3D thin-film battery. Figure adapted from
[61].
For high-power applications, batteries like the one depicted in figure
1.15 will not suffice as the films are several µm thick, so the maximum
currents will still be determined by lithium- or electron transport through
the bulk of these films. The solution for this is similar to the high-power
battery for the particle-based lithium-ion battery: downsizing. By making
the layers thinner (from several µm to the nano-metre range), the diffu-
sion lengths are shorter and the battery can be charged and discharged
much faster. Of course, making the thin-film battery thinner implies less
electrode material, and less storage capacity.
1.3.2.3 3D Thin-film all-solid-state batteries
For a battery powering a portable device as a laptop or a smart phone,
the volume of the battery is a critical factor as downsizing the form factor
of portable electronics is one of the main concerns of manufacturers. For
(hybrid) electric vehicles, the same is true: the battery cannot be too large
in volume, as it has to fit in the car it’s envisioned to power. Thin-film bat-
teries however find their application in powering on-chip devices. For on-
chip power source, the actual volume of the battery affects the engineering
of the device less than the footprint area. Therefore, the third dimension
can be tapped into for higher capacity, and various concepts of 3D all-
solid-state thin-film batteries have been proposed. While this builds on
the thin-film properties of short diffusion lengths, and high power or high
current densities, the 3D concepts increase the energy density per foot-
print area by the factor of surface area attributed to the 3D substrate. This
way, a high capacity can be combined with high power, and integratability
towards on-chip devices is maintained, making this the ideal battery ar-
chitecture for internet-of-things related applications. This approach from
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Figure 1.17: Three-dimensional, integrated thin-film all-solid-state battery on a
sensor chip, with a 25-fold capacity enhancement compared to the planar thin-
film battery as a result of the aspect ratio of the architecture. Figure adapted from
[62–64].
classical liquid-based batteries to solid-state thin-film batteries, and culmi-
nating onto 3D thin-film batteries is schematically depicted in figure 1.16,
indicating the properties of the various approaches. A reported example
is shown in figure 1.17.
Deposition of a stack of thin layers on complex 3D high aspect ratio
structures such as the one in figure 1.17 requires a good conformal depo-
sition technique, able to deposit the various components of the battery. As
the interfaces in thin-film all-solid-state batteries are even more important
and critical compared to a liquid-based battery, thin interfacial modifica-
tions may also be required for these battery designs. A thin-film deposi-
tion technique with excellent conformality and control over film thickness
and quality must be used. The use of Atomic Layer Deposition (ALD) for
the components of the lithium-ion battery will be the focus of this PhD
thesis, with special attention to negative and positive electrodes in part iii,
and interfacial concepts in part iv. The use of ALD for all components will
be introduced in section 1.4.
1.3.2.4 Battery types beyond lithium-ion batteries
Despite advances in classical lithium-ion batteries and the growing effort
towards thin-film and/or solid-state lithium-ion batteries, energy storage
over the next decades may decide to turn this page altogether. Figure 1.8
reveals some of the next-generation battery options. Two main concepts
are examined: lithium-ion based, or alternative ion batteries.
The lithium-ion battery as described in section 1.2.1 is not the only
way to use lithium-ions to store energy. Two alternative concepts exist
as demonstrated in figure 1.18: lithium-air and lithium-sulfur batteries.
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Figure 1.18: Schematic representation of lithium-ion, lithium-air and lithium-
sulphur cells during discharge. Figure adapted from [65].
energy densities available today. Lithium metal is used as a negative elec-
trode and carbon as a positive electrode, and during discharge lithium is
oxidized using ambient oxygen on the surface of the positive electrode:
2 Li+O2 −−→ Li2O2 (1.15)
During recharging the lithium peroxide is dissolved to let the free lithium
ions move back to the lithium metal electrode. The fact that the lithium-
air battery is an open, air-breathing system (no heavy packaging needed),
as well as the low weight of both the lithium and carbon electrodes, allows
the lithium-air batteries to provide an energy density around 1.0 kWhkg−1,
close to that of gasoline (1.7 kWhkg−1) and 5-10 times higher than that
of the lithium-ion battery (100Whkg−1 to 200Whkg−1) [55]. The high
power density and open-system approach renders it particularly interest-
ing for large-scale batteries, such as stationary storage or electric vehicles
[62]. However, lithium-air is still in a research stage, and serious issues
with electrolyte decomposition, energy efficiency, rechargeability, unde-
sired reactions, cathode stability and dendrite formation need to be solved
before this energy storage mode can be commercialised [1, 65, 66].
The lithium-sulphur battery (Li-S) on the other hand is a closed-system
cell with an even higher energy density, composed of a lithium metal neg-
ative electrode and a sulphur composite positive electrode. During dis-
charge, the cyclo-S8 ring is opened and reacts to form various degrees of
lithium-sulphur polysulphides, up to dilithium sulphide:
2 Li+ + 2 e− + S −−⇀↽− Li2S (1.16)
This reaction yields a theoretical energy density of ∼2500Whkg−1, with
the added advantages of a closed system approach (which does not de-
pend on any external material supply), and the very high abundance, low
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Figure 1.19: Schematic representation of the principle of atomic layer deposition,
illustrating its self-limiting properties. Figure reprinted from [68, 69].
cost and non-toxicity of sulphur [65]. Similar to lithium-air, major chal-
lenges need to be overcome to bring Li-S from the research to the commer-
cial stage, such as large volume changes, limited cycle life, the insulating
nature of sulphur and lithium sulphide and low Coulombic efficiencies.
Finally, other ions than lithium can also be used to store energy. Sodium-
, magnesium- and aluminium-based batteries have a similar energy den-
sity promise to that of lithium-ion, but have several potential advantages.
First, the cost can be a tipping point towards beyond-lithium energy stor-
age in the future. Sodium for example is far more abundant than lithium
and offers an excellent geographical distribution, making the cost for bulk
metal sodium almost an order of magnitude lower than for lithium metal,
the latter of which is expected to increase in price over the coming years
[55]. A secondary advantage to beyond-lithium ions, is double charging.
Magnesium for example can be ionized twice to Mg2+, and two electrons
can be released from the insertion of a single Mg ion. This gives a higher
volumetric energy density to a magnesium metal anode (3833mAh cm−3)
compared to a lithium metal anode (2036mAh cm−3). However, serious
challenges are still faced before lithium-ions will be replaced, such as re-
duced ion mobility in the electrolyte due to the higher charge density and
the formation of passivating layers on the metal anodes [67].
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1.4 atomic layer deposition for the lithium-ion battery
1.4.1 Atomic layer deposition
This thesis deals with possible applications of atomic layer deposition
(ALD) for lithium ion batteries. The concept of ALD was invented both
in Russia in the 1960s, and again completely independently invented in
Finland 10 years later [70]. The language barrier, the different naming
and the different end-goal applications explain why it was invented twice,
without either team knowing from one another. The thin-film deposition
technique fits in the class of Chemical Vapour Deposition (CVD) tech-
niques, meaning it works by chemical interactions between a precursor
vapour and the substrate surface. The principle that makes ALD different
from other CVD techniques is illustrated by figure 1.19, and hinges on
self-limiting reactions [68, 69]. A first precursor, called A, is introduced to
the surface of the substrate in gaseous state. As figure 1.19 illustrates, it
can react with the surface, but once this reaction has occured, it can not
react with the formed surface any further. Next, gas A is removed from
the reaction chamber, and a second precursor, gas B, is introduced to the
substrate. It too can only react to the end-groups of precursor A, and not
to itself. By cycling gas A - evacuation - gas B - evacuation, a film is grown
which has a uniform thickness across the entire substrate. A more detailed,
chemical and in-depth discussion of various reactor concepts, film prop-
erties and energy-enhanced ALD processes can be found in the string of
review papers, published throughout the last decades [69, 71–76].
This method of deposition has several advantages and disadvantages
compared to other conventional thin-film deposition techniques, such as
sol-gel deposition, physical vapour deposition and chemical vapour depo-
sition. The advantages are listed below.
• The conformality of ALD is inherited from the self-limiting nature
of the gas-solid interactions. This sets it apart from other coating
techniques, as shown schematically in figure 1.20. The conformality
of ALD is one of the main stakeholders that have placed ALD in an
almost unique position when it comes to depositing uniform and
conformal thin-films on high-aspect ratio structures. Very few tech-
niques can match the conformality and versatility of atomic layer
deposition.
• Digital thickness control down to the sub-Å level, as a single ALD
cycle produces one (sub)monolayer per cycle on the complete acces-
sible surface.










Figure 1.20: Schematic illustration of the degree of film uniformity and surface cov-
erage conformality for several types of thin-film deposition classes. Figure adapted
from Beneq.
• While many deposition techniques, such as solution-based techniques
and chemical vapour deposition, require high temperatures (>400 ◦C),
the energy required for most ALD processes can be relatively low
(depending on the precursor chemistry), resulting in a low substrate
temperature, typically from room temperature to 300 ◦C.
• The gas-phase nature of ALD allows reaction at every accessible
surface-site, which results in the growth of uniform and pinhole-
free films, for an ideal ALD process6.
• The specific chemical exchange or combustion reaction chemistry
allows ALD to grow films with a very low impurity content, almost
uniquely so for such low growth temperatures.
Of course, there are also some disadvantages to atomic layer deposition,
mainly related to its cost and deposition speed.
• The need for specialized (vacuum) equipment and carefully designed
precursor molecules, constributes to the high cost of atomic layer de-
position processes. While for the semiconductor industry the cost of
the ALD coating is not a limiting factor, large-scale powder coating,
requiring massive throughput and very large quantities of precursor,
has not broken through the cost barrier yet.
• While the (sub)monolayer-mode growth has the advantage of excel-
lent thickness control, it also strains the deposition speed and limits
the realistic ALD coating thickness. Typical growth rates are in the
range of 0.01 nm to 1 nm per cycle. Cycle speed can range from min-
utes (high-vacuum ALD) to fractions of seconds (purge-type and
6 Metal ALD is an example of non-ideal ALD, as the initial growth mode is nucleation con-
trolled.
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atmospheric ALD), which brings the growth time for a 100 nm film
anywhere between several days for the slowest processes and high-
vacuum type ALD, to several minutes for the fastest processes and
reactor designs. Coatings of several µm thick, as the coatings re-
quired for the electrodes of traditional thin-film batteries, are just
too thick for ALD.
• Complexity of compounds. While ALD is extremely suited to grow
binary compounds such as oxides, sulphides and nitrides, it is sig-
nificantly more difficult to grow ternary or quaternary compounds.
1.4.2 Applications of ALD for lithium-ion batteries
The properties of an ideal ALD process such as saturation, temperature
window and linearity tests, and the characterisation of these characteris-
tics, will be discussed in the next chapter. Here, we will discuss the use
of ALD in the field of lithium-ion batteries, the topic of this PhD thesis.
The main focus will be on ALD of electrode materials (part iii) and ALD
for interface tuning and modification (part iv), which will be introduced
more broadly in the respective chapters.
The first application of ALD for lithium-ion batteries was already re-
ported in 2000, when V2O5 nanofilms were investigated as LIB cathodes
[77]. Several years later, ALD resurfaced for anode-electrolyte interface
modification (ALD of TiN on Li4Ti5O12) [78]. Several excellent reviews
have surfaced in recent years detailing the use of ALD for lithium ion
batteries. The first were published in 2012, appearing online almost si-
multaneously in November 2011. Researchers from the university of Eind-
hoven (The Netherlands) focussed on application of ALD for nanostruc-
tured lithium-ion batteries [79], while at the same time a collaboration
between the university of Western Ontario (Canada) and the Brookhaven
National Lab (USA) detailed the emerging application of ALD for lithium-
ion battery studies [80]. Several review papers have been published since
that time, and the interested reader can glance through the following ref-
erences: [81–85]. Atomic layer deposition for lithium ion batteries can be
roughly categorised in three sections:
1. ALD of the active components of the battery (positive and negative
electrodes, solid electrolytes)
2. ALD modification of the surfaces and interfaces (protective coatings,
interface stabilisation, separator coatings)
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Figure 1.21: Different possible applications of ALD coatings in energy storage
devices. Figure reproduced from [84].
3. ALD of functional films in the battery (current collectors) or of coat-
ings for enhancing battery manufacturability (sacrificial coatings).
Active battery components
ALD coatings typically do not exceed several hundreds of nanometres,
due to the limitations on cost and deposition speed (although the indus-
trial use of thicker films, ∼1 µm, has been demonstrated in commercial
batch tools). This implies that for the planar thin-film battery (thickness
∼10 µm, component thickness several µm, see figure 1.15), the electrode or
electrolyte films are too thick to be grown using ALD. However, for nano-
structured lithium-ion batteries (3D thin-film LIB), the electrodes can be
made thinner, as described above, and are within the realm of ALD. There-
fore, ALD has been used to procure an assortment of nanostructured elec-
trodes, such as nano-laminates, coated nano-particles, nano-ribbons, nano-
tubes, nano-wires and 3D nano-films [79, 80].
The excellent film quality, control over composition and crystallinity
provided by ALD allows electrodes and electrolytes grown by ALD to
have a secondary application: the synthesis of thin, planar model systems.
A uniform thin film with well-controlled properties allows the study of
specific material characteristics: the thin-film system provides simplified
one-dimensional currents and is unbothered by the complex interplay of
various components of the classical battery, such as binder, conductive
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additive, particle size, solvent composition, current collector adhesion and
so on.
The electrolyte thickness in a typical thin-film battery is in the range
of 500 nm to 2000 nm [63]. If the electrolyte film properties are excellent,
as for LiPON grown by PVD [86] or ALD [87], the same functionality
can be achieved at much lower thickness (several tens of nanometres),
while the effective resistance can be reduced (since R ∼ d/σ, with d the
film thickness and σ the conductivity). This condition, in unison with the
excellent uniformity, film purity and conformality, makes ALD suited not
only to deposit solid-state electrolytes for thin-film batteries, but also as a
component in a more classical battery.
Interface modifications & engineering of the surface properties
Furthermore, ALD can deposit films down to the monolayer level, which
can be used to alter the surface properties of the substrate the film is
deposited on, such as wettability, reactivity and the zeta-potential. Ultra-
thin ALD coatings have been heavily investigated since 2010, with the
main focus on ALD Al2O3. The need for excellent conformality and abso-
lute thickness control makes ALD almost uniquely suited to deposit these
films, and the low thickness required to significantly enhance battery life-
times makes the low growth rates and high cost of ALD less stringent. Sur-
face modification has not only been applied to mediate various electrode
issues (solvent oxidation, SEI formation, metal dissolution, structural sta-
bilisation, and so on), but has for example also been shown to modify the
wetting of separator membranes in classical batteries to allow for the use
of polar solvents (such as PC), and increase the thermal stability of the
separators [88].
From functional coatings to the all-ALD battery
Finally, ALD can also be used in nanostructured batteries to deposit func-
tional coatings, such as current collectors, passivating films, sacrificial coat-
ings and adhesion layers. The versitility of ALD makes it possible to de-
posit a complete functional lithium-ion battery using this single deposi-
tion technique. Last year, Létiche et al. [54] demonstrated the deposition
of a half-cell 3D thin-film all-solid-state lithium-ion battery. They used sil-
icon double-patterned microtubes, passivated with a 120 nm ALD Al2O3
film, coated with a 40 nm ALD Pt current collector. The electrode was an
ALD TiO2 film with a thickness ranging from 55nm to 155 nm, and was
covered with a thin-film ALD Li3PO4 solid electrolyte coating (20 nm to
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Figure 1.22: Transmission microscopy microtomography images of the ALD mi-
crobattery on a single silicon micropillar. Figure adapted from [54].
40 nm), as shown in figure 1.22. This battery demonstrates a 105x surface
capacity enhancement by deposition onto the 3D scaffold [54].
For commercial applications, ALD is too slow (and too expensive) to be
used for all components, except as a scientific proof-of-concept, in niche
applications such as on-chip energy storage, or in medical implants. How-
ever, for certain critical components of the battery, the use of ALD can
be justified. In that light, interface layers and solid-electrolyte layers will
most likely emerge into commercial batteries, as the thickness, uniformity
and conformality provided by ALD are almost unmatched by any other
deposition techniques.
1.5 goals and outline of the thesis
In this work, atomic layer deposition is evaluated for two aspects of the
lithium-ion battery: nano-scaled and thin-film electrodes on the one hand,
and interface engineering and protective coatings on the other hand. The
goals of this research are as listed below:
• Evaluate ALD and post-ALD annealing as a tool to control the crys-
tal phase and oxidation state in thin-film manganese and vanadium
oxides, and unravel the influence of parameters such as ALD process
gas, annealing temperature, ambient and substrate.
• Investigate whether ALD can be used for the deposition for lithium-
ion battery thin film electrodes and, in particular, conformally coat-
ings films for 3D thin-film electrodes for high power electrodes, in
particular those based on manganese and vanadium oxides.
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• Use ALD for the deposition of model-system electrodes to study the
effect of oxidation state and crystalline nature on the electrochemical
performance of lithium-ion battery electrodes.
• Study the effect of ultra-thin simple metal oxide coatings on model-
system lithium-ion battery electrodes to unravel the effect on the
battery kinetics.
• Evaluate whether a good kinetic coating on a model-system elec-
trode translates to similar performance enhancements on a more
complex 3D-structured lithium-ion battery electrode.
Part iii will deal with the atomic layer deposition of manganese- and
vanadium oxides for thin-film anodes and cathodes. Manganese-based
electrodes were chosen as a candidate thin-film electrode, as manganese
provides a more sustainable and cheaper alternative compared to cobalt-
or nickel-based electrode chemistries. The focus is on an exact control of
composition, crystalline nature and oxidation state of the films. This was
done by developing several novel plasma-enhanced ALD processes for
manganese oxide, allowing a control over the electrochemical nature of
the ALD films by tuning the ALD process conditions, related to the exact
nature of the plasma used during film deposition. Crystalline films in the
range of MnO to MnO2 (except Mn2O3) could be deposited, ranging from
a conversion anode to an insertion cathode, respectively (Paper I). Further
control over the phase transformations was demonstrated by post-ALD
annealing, and the missing Mn2O3 phase could be obtained by the choice
of annealing conditions and temperature. The water splitting properties
of MnO2 and Mn2O3 films were demonstrated in this chapter (Paper II).
ALD vanadium oxides were used as model systems to further study the
effects of phase, oxidation state and crystalline nature of the films on the
electrochemical properties. Vanadium oxides have been investigated since
the initial lithium-ion battery research, but the main focus has always
been on the V2O5-phase. Here, the ALD deposition of vanadium oxide
resulted in amorphous VO2 films. These could be annealed to phase-pure
VO2 (M1), VO2 (B), V6O13, V4O9, V3O7 and V2O5. A careful interplay
between initial film, temperature, substrate and ambient conditions on
the crystallisation and phase formation was unravelled, as well as a clear
influence of the process gasses used during the atomic layer deposition.
Almost all of the vanadium oxides obtained show a clear electrochemical
storage behaviour between 1.5 and 4V vs Li+/Li, and capacities up to twice
the capacity of commercial cathode compounds were obtained (Paper III).
Conventionally, crystalline compounds are used as battery cathodes.
However, it has been shown that amorphous materials may show inter-
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esting properties compared to their crystalline counterparts, thanks to
the high diffusion coefficients (typically resulting in good battery kinet-
ics) and lower densities (typically allowing for more lithium ion storage).
The low-temperature nature of ALD enables the deposition of amorphous
vanadium oxides, and their electrochemical performance were examined
and benchmarked to their crystalline counterparts. A low-temperature
variant of a plasma-enhanced V2O5 ALD process was developed to grow
amorphous V2O5 films, which allowed not only the comparing study of
amorphous vs crystalline vanadium oxide electrodes, but also the eval-
uation of VO2 vs V2O5, as the latter is investigated most profoundly in
literature. Amorphous VO2 was found to exhibit a storage capacity more
than three times higher compared to the reversible regime of crystalline
V2O5, and similarly high capacities for amorphous V2O5 and crystalline
VO2. Furthermore, far better charge-discharge kinetics for the amorphous
compounds were observed. To demonstrate the use of these films in 3D
thin-film micro-batteries, amorphous VO2, VO2 (B) and crystalline V2O5
were deposited on a high aspect-ratio pillar structure, demonstrating a
>20× footprint capacity increase, while maintaining the excellent kinetics
inherited from the thin-film nature of the electrodes (Paper IV).
In part iv ALD for interface modifications was studied. The most-often
used ALD interface modifier, ALD Al2O3, was examined and benchmarked
to another interface modifier, amorphous ALD TiO2. Simple, binary ox-
ides using low-temperature ALD processes were selected to allow the re-
sults from this work to be potentially implementable in up-scaled battery
production. Both ALD Al2O3 and ALD TiO2 coatings were investigated
on two thin-film model electrodes: anatase thin-film TiO2 as a near-ideal
electrode, and crystalline thin-film LiMn2O4 with known solvent oxida-
tion issues. The ideal model system reveals that ALD Al2O3 is just a re-
sistive coating with a very high resistivity towards lithium, and layers
beyond 2nm are completely capacitive and blocking. Amorphous ALD
TiO2 on the other hand never exhibits blocking features. Solvent oxidation
on LiMn2O4 could be partially overcome by ALD Al2O3, but the kinetic
barrier posed by the additional impedance is detrimental for the thin-film
kinetics. ALD TiO2 on the other hand can also overcome solvent oxida-
tion, and does not pose a kinetic barrier, leading to surprisingly enhanced
electrode kinetics (Paper V).
Finally, the 3D thin-film lithium-ion battery electrodes and ALD inter-
face modifiers are brought together in Paper VI. Carbon nano-tubes are
used as 3D template for surface enhancement, and are covered with ALD
TiN as a current collector, V2O5 as a LIB cathode and amorphous ALD
TiO2 as an interface modifier. The good thin-film kinetics of ALD V2O5
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are translated onto the 3D-structured template, but vanadium dissolu-
tion limits the cyclability of the cathodes. If a thin ALD TiO2 coating is
used to modify the surface, the cyclability is enhanced significantly. High-
resolution tomography in combination with electrochemical methods are
used to study and unravel the mechanism, and the ALD TiO2 is shown
not only to alleviate vanadium dissolution, but to aid in restructuring the
V2O5 during cycling, resulting in enhanced thin-film kinetics.
1.6 summary of the contributions
This PhD thesis is paper-based, meaning that the research done is pre-
sented in the form of published or submitted peer-reviewed papers, pre-
ceded by introductory chapters. The papers included in this thesis are
listed on the next page. Other publications besides the paper making up
this PhD thesis and conference contributions are also listed.
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This chapter briefly describes the experimental methods used throughout
this work. It comprises the equipment and techniques used to deposit thin
films (section 2.1), a brief explanation giving insight into the characterisa-
tion techniques used for the physical properties of the thin films (section
2.2) and electrochemical methods used to study them (section 2.3). Since
this thesis is paper-based, the exact experimental details are found at the
beginning of every paper, and this chapter is meant as a reference for
those unfamiliar with some deposition- or measurement techniques.
2.1 thin film deposition
Two deposition techniques were used in this work. Physical vapour de-
position (PVD) was used as a workhorse to deposit films that functioned
as a planar current collector, as an adhesion layer or as a planar elec-
trode for electrochemical characterisation. The actual PVD technique used
for this work was DC magnetron sputtering, but the abbreviation ’PVD’
will be used throughout this work. The main advantage of PVD for these
purposes is the ease of deposition and the high deposition rates usually
associated with PVD. Magnetron sputtering will not be discussed here in
detail, but the interested reader can find reviews detailing the principle
and applications [89–91]. Atomic layer deposition (ALD) is the real back-
bone of this thesis. Processes were developed and used to deposit con-
formal current collectors, seed layers, adhesion layers, electrodes and in-
terface coatings. The fundamental principles, advantages and limitations
of atomic layer deposition were detailed in the introduction chapter (sec-
tion 1.4.1). Here, some more practical items are explained, such as ALD
process characteristics, precursors, substrates, reactor design and in-situ
characterisation techniques.
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One (sub)monolayer of Al2O3
New OH-groups at the surface
Figure 2.1: The four steps of the TMA-water ALD process: TMA exposure to the
−OH surface (top left), evacuation of the saturated −Al(CH3)2 surface (top right),
H2O pulse (bottom right) and evacuation of the freshly formed −Al−OH surface
(bottom left).
2.1.1 Atomic layer deposition
As was explained in chapter 1, an ALD process is based on self-limiting
gas-surface reactions. A typical example is the TMA-H2O ALD process
depicted in figure 2.1. This process has been examined so often, it is con-
sidered a model system for atomic layer deposition [72]. The cycle is based
on sequentially pulsing and removing TMA and water. ALD reactors are
categorised based on how the precursor removal steps are performed. This
can be done by purging away the remainder of reaction products and unre-
acted precursor molecules with an inert gas (purge-type reactor; flow-type
or atmospheric ALD) or by pumping the ALD chamber to a low base pres-
sure of typically 10−6mbar to 10−7mbar (pump-type reactor), effectively
removing the reactive components (pump-type ALD) [69].
The reactor used for the work done in this thesis is a home-built high
vacuum-type reactor [93–95]. The reactor is depicted schematically in fig-
ure 2.2. A high-vacuum pump is backed to 10−2mbar by a rotation pump,
and evacuates the stainless steel chamber (approx. 20cm in diameter) to a
base pressure of 10−7mbar through a gate valve. The chamber walls are
heated to 150 ◦C to prevent precursor and water condensation. On top, a





























Figure 2.2: The high-vacuum ALD reactor used for the depositions in this work,
equipped with the in-situ characterisation techniques used. Figure adapted from
[92].
second gate valve connects the chamber to a glass column, in which gas
can be ionized to a plasma by an inductively coupled radio frequency
plasma generator (13.56MHz). This attachment allows the use of this re-
mote plasma as a reaction step during ALD (plasma-enhanced ALD or
PE-ALD). Two in-situ measurement technique attachments, ellipsometry
and optical emission spectrometry, are also depicted connected to the re-
actor, and will be explained in section 2.2. The whole system is controlled
by in-house developed LabView-based software, rendering the setup ex-
tremely versatile.
Several gas and precursor inlets are connected to the chamber and
plasma column through pneumatic valves. The materials grown in this
work include Pt, Al2O3, TiO2, TiN, VO2, V2O5, MnO2, MnO and Mn3O4.
(PE-) ALD processes were readily available for the first five at the lab
[94, 96–99]. ALD of MnO2 was implemented based on an existing process
[100, 101]. Novel PE-ALD processes were developed and published for the
other manganese oxides [102]. The precursors used for these depositions
are visualised in figure 2.3 and listed below:
• (MeCp)PtMe3: (methylcyclopentadienyl)trimethylplatinum for Pt ALD
(oxygen-based ALD)




Figure 2.3: Structure of the precursors used in this thesis. (a) (MeCp)PtMe3, (b)
TMA, (c) TDMAT, (d) TEMAV and (e) Mn(thd)3.
• TMA: trimethyl aluminum for Al2O3 (water-based ALD)
• TDMAT: tetrakis(dimethylamido) titanium for TiO2 (water-based
ALD) and TiN (NH3 plasma-based PE-ALD)
• TEMAV: tetrakis(ethylmethylamido)vanadium for VO2 (water- or
ozone-based ALD) and V2O5 (oxygen-plasma PEALD)
• Mn(thd)3: tris(2,2,6,6-tetramethyl-3,5-heptanedionato) manganese for
the manganese oxides (ozone-based ALD and various plasma-based
PE-ALD)
The samples are placed directly on a copper block (max. 5 cm× 5 cm)
which can be heated up to ∼400 ◦C. The substrates used in this thesis are
all silicon-based: either 100 nm thermal silicon oxide on silicon (SiO2/Si),
a current collector on top of silicon oxide (Pt/TiN/SiO2/Si) or etched
silicon micropillars. Other substrates are also within the realm of possibil-
ities, for example, but not limited to, metal foils, polymers, textiles and
powders can also be coated in this setup, but are beyond the scope of this
PhD thesis.
2.1.2 Characteristic properties of the ALD process
As the ALD process is governed by the chemistry of the gas-surface re-
actions, the properties of these half-cycles determine the validity of the
atomic layer deposition and the quality of the films. These properties are:
• Growth per cycle (GPC). The growth per cycle is determined by
the available surface groups that can be accessed by the precursor
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molecules, and depends on energy (temperature, plasma energy)
and steric hindrance (remaining ligands on the bound precursor
molecule block nearby available surface sites).
• Saturation. As a pulse duration lengthens, an increasingly larger
fraction of the surface is covered by the new surface groups. As the
growth per cycle increases with increasing surface coverage, the for-
mer is dependant on the degree of surface coverage. When all avail-
able surface sites are consumed, increasing the pulse time further
has no influence on the GPC. This phenomenon is called saturation,
and is a critical condition not only for efficient precursor usage but
also for conformality of the coating, as the surface sites deep within
a complex substrate will be the last to be reached by the precursors.
It is dependant on exposure time (how much molecules can interact
with the surface) and sticking probability (a gas-surface interaction
property).
• Temperature window. A limited temperature window exists where
ideal ALD growth occurs. Four phenomena govern the upper and
lower limits, as depicted in figure 2.4. The ALD reactions are energy-
driven, i.e. an energetic barrier needs to be overcome to be able to
form a chemical bond to the surface. This energy can be delivered
thermally by heating the sample, or by the use of more energetic re-
actants (ozone, ions, radicals). Furthermore, at low temperatures, the
heated precursor molecules can condensate onto the sample, leading
to non-saturated growth conditions and increased growth rates. A
certain temperature barrier has to be overcome to allow self-limiting
gas-surface interaction without the possibility for precursor conden-
sation. On the other hand, excessively high temperatures lead to
precursor decomposition, causing incorporation of ligand fragments
into the films (often giving rise to carbon contaminated films) and
non-uniform film thicknesses. Too high temperature can also cause
the gas-surface species to have too much energy, and detach from
the surface during the evacuation step (desorption), which causes
lowered growth rates. Between the two extrema, ideal ALD charac-
teristics are valid (saturation, uniformity, non-contaminated films).
• Film quality. The half-reactions mostly occur according to either ex-
change or combustion mechanisms. This implies that the complete
precursor ligands, i.e. everything but the metal, must be removed
during the ALD cycle, rendering a metal oxide, metal nitride, metal
sulfide or pure metal (depending on the specific ALD process), with-
out contamination from the ligands, reflected in the film purity.




















Figure 2.4: Schematic representation of the limitations to the ALD temperature
window.
• Conformality. Finally, the self-limiting nature of the reactions ac-
counts for the conformality of the films. This is readily evaluated
by measuring the uniformity of the films on high-aspect ratio test
structures.
These characteristic properties can be investigated ex-situ and in-situ. Ex-
situ evaluation is done on films after they are deposited, and is comprised
of evaluating the film composition, thickness, roughness and conformal-
ity of the deposited films. In-situ characterisation is performed during the
ALD process by several in-situ examination techniques, as depicted in fig-
ure 2.2: in-situ ellipsometry and in-situ optical emission spectrometry. The
reactors are equipped to also accommodate in-situmass spectrometry and
in-situ FTIR, but these were not used in this work and are not discussed
here.
2.2 thin film characterisation
This section describes the measurement techniques and equipment used
to characterize the physical properties of the deposited films. Three char-
acterisation methods were used to determine film thickness in this the-
sis: X-ray reflectivity (XRR), spectroscopic ellipsometry (SE) and electron
microscopy, used in scanning mode (SEM) or transmission mode (TEM).
SEM and TEM are mainly used to evaluate surface morphology, for which
Atomic Force Microscopy (AFM) was also used. Finally, SEM and TEM can
also be used to evaluate composition using Energy-Dispersive X-ray (EDX)
analysis, complementary to X-ray Fluorescence (XRF). A more thorough
















Figure 2.5: X-ray reflectivity interference profile, indicating which information can
be extracted from the measurement. Figure adapted from [103].
understanding of the film composition and binding state was found from
X-ray Photo-electron Spectroscopy (XPS). Finally, the crystalline nature
was evaluated using X-ray Diffraction (XRD). This section will provide a
brief introduction to the aforementioned techniques.
2.2.1 Film thickness
2.2.1.1 X-ray reflectivity
X-ray reflectivity is a non-destructive X-ray illumination technique, based
on the interference between photons reflecting at interfaces of layers with
different densities. It can be used to determine density, roughness and
thicknesses in the 2 nm to 200 nm range with an accuracy down to the
Å level [104]. A single-wavelength X-ray beam is used to illuminate the
sample at a shallow angle (typically indicence angles from 0.3° to 3°). At
low angles, the beam is reflected completely. At a critical angle (θc, which
is a measure of the electron density of the top layer) a fraction of the
beam will penetrate the surface, increasingly so with a rising incidence
angle. Within the sample under study, a fraction of the penetrating X-rays
reflects at every interface. If the X-ray path length from penetration to
reflection is equal to half the X-ray wavelength, constructive interference
occurs with directly reflected X-rays at the surface [105] as shown in figure
2.5, and an interference pattern can be recorded by varying the angle of
incidence θ and recording the X-ray intensity at the same exit angle. By
performing a fit to the measured spectrum, the film characteristics can be
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Figure 2.6: Principle of ellipsometry. Figure reprinted from [106].
extracted. The XRR patterns in this work were recorded in a Bruker D8
Discover using monochromatic Cu Kα radiation and a point detector.
2.2.1.2 Spectroscopic ellipsometry
Spectroscopic ellipsometry is a non-destructive method used to measure
the optical properties and thickness of thin films in the range from sub-
monolayers (Å) to thick films (µm, as long as the films are sufficiently
optically transparent). SE makes use of the change in polarisation that
occurs when visible and near infrared (NIR) light interacts with solid mat-
ter. Linearly polarised light illuminates the sample at a 70° angle, and the
reflected beam is measured. The light is changed in polarisation to ellip-
tically polarised light, with a change in amplitude tanΨ and in phase ei∆
(figure 2.6). These changes can be related to the wavelength-dependent
complex optical properties n(λ) and k(λ) of the films as well as their thick-
ness. The ellipsometer used in this PhD thesis is a J.A. Woolam M2000
with a wavelength range from 193 nm to 1700 nm, obtained from a Xenon
arc light source.
Although SE can be used to measure film thickness and optical prop-
erties ex-situ, in this PhD thesis, it is mainly used in-situ to monitor the
film thickness during ALD growth. This allows for a rapid evaluation of
varying ALD conditions, such as pulse duration and temperature, on the
growth per cycle. To this end, a film was first grown using optimal ALD
conditions and measured ex-situ with both XRR and SE. The thickness ob-
tained from XRR can then be used to construct an optical model using the
SE measurement, which is then used to evaluate the data recorded in-situ
during ALD. The CompleteEASE software package provided by Woollam
was used to fit the optical models, using predefined optical models as
initial guesses.







Figure 2.7: Principle of atomic force microscopy.
2.2.2 Surface topology and morphology
2.2.2.1 Atomic Force Microscopy
The atomic force microscope (AFM) is a non-destructive surface topology
probing technique, designed to measure extremely local properties, such
as height and friction, down to an Å-length scale. Figure 2.7 illustrates the
principle. In AFM, an extremely sharp tip is moved across the surface un-
der examination. The x-y movement is performed by a piezo-electric stage.
Surface features will move the tip upwards and downwards. This motion
deflects laser light focussed on the cantilever holding the AFM tip, which
is then detected by a photodiode. The surface can be reconstructed to a
three-dimensional topological map from the x-y-z information obtained,
as is illustrated in figure 2.7.
In this work, the microscope used is a Bruker Dimension Edge AFM,
used in tapping mode. Tapping mode is in-between contact and non-
contact mode, as it samples the surface and moves the z-actuator of the
sample stage accordingly with a feedback mechanism [107, 108].
2.2.2.2 Electron Microscopy
Another way of obtaining nano-scale (and below) morphological informa-
tion is using electron microscopy. This is done by focussing and accelerat-
ing a mono-energetic beam of electrons towards the sample. To avoid scat-
tering of the electrons, this needs to happen under ultra-high vacuum con-
ditions (UHV). When an electron beam impacts on solid matter, various
physical phenomena can occur, such as scattering (elastic-, back-, inelastic-
), transmission and excitation. The latter phenomenon leads to generation
of characteristic X-rays, secondary electrons and Auger electrons. All of




Figure 2.8: The phenomena resulting of the interaction of highly energetic elec-
trons with matter. Figure edited from [109].
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this can be detected to provide some information on the sample. The spe-
cific technique is determined by which output is detected.
Scanning electron microscopy (SEM) is done by moving a focussed elec-
tron beam across the sample, and recording the secondary electrons. The
intensity of the secondary electrons at the detector depends on the sur-
face morphology: more electrons will be able to escape from a protruding
feature, and less from an indented feature. Scanning this intensity allows
a 2D visualisation of the surface morphology with a resolution limited
only by the focus of the electron beam on the surface. The SEM imaging
in this work was carried out using an FEI Quanta 200F instrument with a
focussing limit to approximately 10 nm features (200 000× magnification)
under ideal conditions.
When very thin samples are used, high-energy electrons can penetrate
through the sample, and the properties of the electrons are highly depen-
dent on the properties of the transversed matter. By moving the focus of
the converged electron beam across the sample surface, it can be used in
scanning mode and is called Scanning Transmission Electron Microscopy
(STEM). The position of electron detection at the back of the sample fur-
ther defines the nature of the STEM imaging. The directly transmitted
electrons contain mainly morphological information, but with a resolution
far better than SEM; allowing the visualisation of single atoms. This High-
Resolution TEM (HRTEM) was done in a FEI Osiris operated at 200kV at
the university of Antwerp (EMAT).
In this work, High-Angle Annular Dark Field STEM (HAAFD-STEM)
imaging is also used, which only collects incoherently scattered electrons
(see figure 2.8). These electrons show little or no diffraction effects and are
highly sensitive to variations in the atomic number of atoms, which allows
to make the distinction between for example titanium (atomic number 22)
and vanadium (atomic number 23) with an atomic resolution, by varying
the tilt angle of the sample. This was done in an aberration corrected
cubed FEI Titan operated at 200kV, at the University of Antwerp.
2.2.3 Composition and chemical surrounding
2.2.3.1 Energy-dispersive X-ray spectroscopy
The electron microscopy techniques from section 2.2.2.2 yield the possibil-
ity to examine the composition of the samples in a non-destructive manner.
As figure 2.8 shows, interaction of the focussed electron beam with mat-
ter not only gives rise to secondary and transmitted electrons, used for
SEM and STEM, respectively, but also generates characteristic X-rays. As
an electron interacts with matter, a deep-level atom-bound electron can



















Figure 2.9: Interactions with electrons in the shell of the atom.
be kicked out of its shell (K-, L-, M-shell), ionizing or exciting the atom.
Figure 2.9 illustrates that higher-shell electrons can recombine to fill these
unstable vacancies with the emission of light at an energy corresponding
to the energy difference between the two shells (fluorescent X-rays). The





with Z the atomic number and n the n-th shell. This allows for elemen-
tal identification in the SEM/STEM devices described above by energy-
dispersive analysis of the X-rays, as their energy is the difference between
two electron binding levels [110]. This analysis is called Energy-Dispersive
X-ray (EDX) spectroscopy. If the excitation or ionisation of the electrons
is performed with a focussed electron beam, this is called EDX/SEM
or EDX/STEM. As a result of the highly focussed nature of the elec-
tron beams and the small thickness of transversed matter in the case of
EDX/STEM, elemental mapping can also be performed with a very high
resolution.
2.2.3.2 X-ray fluorescence
Electrons can not only be excited/ionized by electrons, as described above,
but also by X-rays, as shown in figure 2.9. If this is the case, the technique
is called X-ray Fluorescence (XRF), which is another non-destructive vari-
ant of EDX and has the advantage that it does not require a UHV setup,
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2 d sinθ = difference
in path length
Figure 2.10: X-ray diffraction at lattice planes in a crystalline compound. Figure
edited from [111].
as no electrons are to be injected into or detected from the samples. Also,
elemental identification can be performed here from the characteristic flu-
orescent X-rays. As X-rays penetrate several micrometres through solid
matter (depending on the elemental constitution and density) and the in-
cident X-ray beam is mm-sized, the entire film can be evaluated in a single
spectrum. In this work, XRF is performed using a Bruker Artax system
consisting of a Mo X-ray source and a XFlash 5010 silicon drift detector.
2.2.3.3 X-ray photo-electron spectroscopy
The electrons released by ionisation with X-rays, as described above and
in figure 2.9, can also be detected if the sample is placed in a UHV cham-
ber. Since every electron bound to a nucleus has a specific binding energy
(equation 2.1), detection of these photo-emitted electrons not only pro-
vides elemental information, but also information about the local bond-
ing structure of the atoms (as this can modify the energy from equa-
tion 2.1). This technique is called X-ray Photo-electron Spectroscopy (XPS).
The photo-electrons ejected from the samples have relatively low ener-
gies, which results in mean free path lengths of a couple of nm in solid
matter, rendering XPS a surface-sensitive technique. In combination with
sputtering to remove the top layers, it can also be used to measure depth
profiles throughout films. In this work, XPS was performed on a Theta
Probe system of Thermo Scientific using monochromatic Al Kα radiation
(0.834 nm) under a take-off angle of 45° in an ultra-high vacuum chamber
(2× 10−9mbar).
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2.2.4 Crystalline nature of the films
X-ray diffraction (XRD) is a non-destructive measurement technique that
uses X-ray scattering at lattice planes in crystalline materials to study lat-
tice spacing. X-ray diffraction happens as depicted in figure 2.10. This
diffraction only occurs at angle-wavelength couples that satisfy Bragg’s
law:
2d sin θ = nλ (2.2)
where d is the spacing between crystal lattices, θ is the angle of the inci-
dent X-rays, λ the wavelength of the X-rays and n an integer (n = 1, 2, 3, ...).
If a material has a crystalline nature and this condition is met, construc-
tive interference between X-rays diffracting off two crystal planes occurs.
In a crystalline structure, the lattice is constant (i.e. d is constant), and by
using a single-wavelength X-ray source as well (λ is constant) and vary-
ing the angle of incidence, constructive interference results in a higher X-
ray intensity detected at diffraction angle θ fulfilling the Bragg condition.
Since d-spacings within a lattice are a fingerprint of a specific compound,
databases of calculated and observed XRD patterns can be used to iden-
tify specific compounds and crystal structures based on their diffraction
patterns.
In this thesis, XRD is used in two modes: ex-situ XRD and in-situ XRD.
Both use the same measuring hardware, a Bruker D8 Discover equipped
with a Cu Kα X-ray source and a position sensitive linear X-ray detector.
The main difference between them is defined by the measurement con-
ditions: ex-situ measurements are done to establish the crystalline nature
of films as-is, while in-situ XRD is used to monitor crystallisation and
phase changes during annealing. For this, a heating chamber was built
by researchers of the CoCooN research group1, in which the temperature
and ambient can be varied, allowing to do controlled experiments while
monitoring the crystalline state in a 20° 2θ window in a near-continuous
manner.
2.3 evaluation of the electrochemical activity
As this PhD thesis discusses the use of ALD thin films for various ap-
plications in lithium-ion batteries, specific electrochemical measurement
techniques to evaluate their activity were used and are discussed below.
A specially designed Teflon body was clamped onto the samples using
1 The designing and building of the system used was spearheaded by dr. Werner Knaepen, dr.
Geert Rampelberg and dr. Davy Deduytsche.
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a Kalrez o-ring to provide a tight seal as depicted in figure 2.11, result-
ing in an exposed sample area of approx. 0.95 cm2. Due to the air- and
humidity sensitive nature of lithium and the electrolyte components, all
measurements were carried out in an argon-filled glovebox with no de-
tectable water and oxygen contamination present (H2O, O2 <1ppm). An
Autolab potentiostat/galvanostat (PGSTAT702 and PGSTAT302) is used
for the electrochemical scans, controlled by the NOVA software.
The films subjected to electrochemical testing were tested in a three-
electrode setup. The current is measured between the sample, i.e. the
Working Electrode/Sense electrode (WE/S) terminal, and a lithium metal
strip as a source and drain for the lithium-ions, i.e. the Counter Electrode
(CE). The area of the CE needs to be significantly larger than that of the
sample (WE/S) to minimize IR-drop at the CE, and the lithium strips
used here typically were ∼5 cm2 partically submerged in a 1M LiClO4 in
PC electrolyte. The potential cannot be measured across the same termi-
nals, as to avoid shifting of the measured potential as a consequence of
overpotentials caused by Ohmic currents flowing between WE/S and CE.
To this end, the potential is measured between the sample (WE/S) and
a secondary lithium strip providing a Li+/Li reference, submerged in a
secondary electrolyte compartment, called the Reference Electrode (RE).
The RE compartment is connected to the WE/CE compartment via a Lug-
gin capillary approx. 3mm above the sample. The total electrolyte volume
amounts to approx. 10ml to 15ml.
Two general modes of electrochemical characterisation are possible: con-
trolling the current and monitoring the potential (Galvanostatic mode) or
applying a potential and monitoring the current response (Potentiostatic
mode). In this PhD, three techniques are used: cyclic voltammetry, gal-
vanostatic charge-discharge measurements and impedance spectroscopy.
[112]
2.3.1 Potentiostatic measurements
Cyclic voltammetry (CV) is performed by varying the potential linearly
from a zero-current potential to a potential at which oxidation or reduc-
tion occurs (i.e. V(t) = V0 ± ν × t with ν the sweep rate [V/s]). After
transversing one (or more) reduction or oxidation reactions, the sweep di-
rection is reversed (V(t) = Vlimit∓ ν× t) until the reversible reduction/ox-
idation reactions have occurred. By monitoring the electrochemical cell’s
current response, information can be obtained about the nature of the re-
dox reactions in an easy and intuitive manner [113].

























Figure 2.11: The three-electrode setup used in this thesis for all electrochemical
evaluations.
An example of such a measurement can be seen in figure figure 2.12.
A negative peak corresponds to a reduction reaction due to the accep-
tance of electrons in the working electrode. As figure 2.12 concerns the
(de)lithiation of V2O5 to LiV2O5, both negative peaks correspond to the
reduction of V5+ to V4+. To balance the charge of the electrons, this is ac-
companied by insertion of lithium ions, resulting in V2O5 + e
– + Li+ −−→
LiV2O5. In this way, the measured electrons (current) are a direct measure
for the amount of lithium ions shuffled (ionic current) into/from the sam-
ple. The double-peak nature of this spectrum reveals a different electro-
chemical potential for different lithium-ion sites in the V2O5 lattice, which
is typically related to electrostatic surrounding of the lithium ion in the
lattice. Several other properties can be measured using CV measurements:
• Peak potentials (Vpositive and Vnegative) are an electrochemical finger-
print of the redox system under study [114]. Positive peaks corre-
spond to lithium-ion extraction from the film, while negative peaks
correspond to lithium-ion insertion. Their separation ∆V is a mea-
sure for the internal resistance of the cell, in other words, whether
the rate constant for the charge-transfer reaction is fast or slow.
• Peak current (icathodic and ianodic) as a function of the applied scan
rate provides information concerning the charge storage mechanism
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Figure 2.12: (left) Cyclic voltammogram and (right) charge-discharge profile of the
lithium-ion insertion and extraction for a V2O5 film.
and its properties (for example, diffusion coefficient in a diffusion-
limited mechanism) [112].
• By integrating the area under the CV-curves, cathodic and anodic
charge gives an estimate for the capacity of the cations (lithium ions,
in this case) that can be stored into the films, and of the reversibility
of this storage, translating in a Coulombic efficiency.
Furthermore, the diffusion in the films can also be probed by the potentio-
static intermittent titration technique (PITT). When a potential is applied
higher or lower than the equilibrium potential, current flows to obtain a
new equilibrium. By monitoring this flow of current, lithium ion diffu-
sion coefficients can be extracted from the decay of current when a new
equilibrium situation is approached [115–117].
2.3.2 Galvanostatic measurements
For galvanostatic measurements a positive or negative current is applied.
Charge neutrality dictates that for every electron forced through the exter-
nal circuit, lithium ions are extracted from or inserted into the sample to
compensate the electron movement2. This mode of charging-discharging
corresponds most closely to actual use of the battery, as current will be
drawn (discharge) or provided (charge) in approximately this manner dur-
ing the battery’s lifetime.
Since insertion or extraction of ions from the system change its electro-
chemical nature, the measured electrode potential varies. Here, an electro-
2 This is a simplified representation, as side reactions can occur, but for the sake of the expla-
nation those will be omitted here.
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chemical signature of the system is provided by plateaus in the charge-
discharge profile in the case of crystalline materials, corresponding to dis-
tinct phase-transitions or crystal reorientations on critical lithium-loading
thresholds, as seen on figure 2.12 for crystalline V2O5. No clear plateaus
occur for amorphous materials, due to the solid-solution behaviour present
for those compounds [118].3 Three important electrode characteristics can
be extracted from galvanostatic measurements: capacity, cyclability and
kinetics.
The electrode capacity can be found by multiplying the current with the




I(t)dt = I × ∆t (2.3)
By varying the potential at a low current (i.e. low C-rate), the electrode
can be fully charged and the maximal capacity can be found. The capacity
retention (cyclability) and coulombic efficiency can be found by charging
and discharging multiple times, and evaluating the evolution in capacity
over cycling.
The usable potential obtained from the electrode will in reality be low-
ered by an overpotential, caused by a combination of charge-transfer over-
potentials, concentration gradients and internal cell resistances [119]. While
some of the energy provided to the system is lost in the form of heat, an
increasingly larger fraction of the electrode just cannot be charged or dis-
charged at higher currents due to mass-transport limitations before the
cut-off potentials are reached, as is the case for figure 2.12.
2.3.3 Electrochemical impedance spectroscopy
The complex impedance is a measure of the opposition that a system
presents to a current when a voltage is applied. In potentiostatic impedance
measurements,4 a small, time-dependent potential is applied, perturbing
a fixed DC voltage (V0),
V(t) = V0 + ∆V sinωt (2.4)
3 Although this is not exclusively valid for the crystalline and amorphous case, in general,
(semi)plateaus are related to (crystal) phases, and jump between (semi)plateaus to phase
transitions. This will be explained more in detail in chapter 8.
4 A galvanostatic perturbation can also be used. In that case, a sinusoidal current is applied
and the potential response is measured
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with ω the frequency of the perturbation (in this case 0.1Hz< ω <1MHz)
and ∆V the magnitude of perturbation (typically ∼10mV). The current
response is then represented by
i(t) = i0 + ∆i sin(ωt+ θ) (2.5)




=| Z | e−jθ = Z′ − jZ′′ (2.6)
with j the imaginary unit, Z and θ the magnitude and phase of the re-
sponse, respectively, or Z’ the real part, and Z" the imaginary part of the
impedance [120]. It is a modified form of Ohm’s law (R = E/i) that can be
applied for not only time-independent circuit elements such as resistors
(Z = R), but also for AC circuit elements such as capacitors and inductors.
Various electrochemical phenomena occur simultaneously in an elec-
trode. Electronic current is provided in the form of electrons, collected at
or provided by the current collector and conducted throughout the elec-
trode. Ionic current is provided by mobile charged species in the elec-
trolyte, which is dominated by the lithium ions here. Lithium ion mi-
gration in the electrolyte is typically very fast due to the high conduc-
tivity. The electrochemical potential of the electrode causes a build-up
of ions at the electrolyte-electrode interface, resembling a capacitor ele-
ment. Ionic diffusion through the electrode is much slower compared to
the electrolyte. This diffusion is thus the equivalent of an ionic resistor.
Phase transformations take place, grain boundary diffusion occurs, inter-
faces are formed, and so on. The interplay and combination of all of these
phenomena gives the cell a very complex character, complicating the un-
derstanding of which phenomenon is responsible for which effect.
Luckily, the various electrochemical processes occurring in an electrode
happen on their respective characteristic time-scales. By measuring the
electrode’s current response across a wide range of frequencies (hence the
nomenclature spectroscopy), the separation and evaluation of these various
electrochemical phenomena can be performed.
To deconstruct the frequency-dependent phase and amplitude responses,
the complex electrode is modelled by a simplified Equivalent Circuit. In
this circuit, every active electrochemical process is modelled by simple
electronic components, such as resistors (Z = R, with R the resistance),
capacitors (Z(ω) = −j/ωC, with C the capacitance) and in-between ele-
ments without real-life equivalents, such as constant-phase elements (Z =
1/Q0(jω)n with 0 < n < 1) [121] and Warburg impedance (CPE with
n = 0.5) elements. The impedance data is collected using the cell con-
struction as depicted in figure 2.11 connected to the impedance module of
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the Autolab PGSTAT702 potentiostat/galvanostat in potentiostatic mode,
controlled by the NOVA 1.10 software. A fit is made to the obtained mea-
sured data for every frequency using a software package called MEISP,
developed specifically for this purpose by Barsoukov et al. [122].
Part III
ATOMIC LAYER DEPOS IT ION FOR
THIN-F ILM ELECTRODES
The world is changing very fast. Big will not beat small anymore. It




ATOMIC LAYER DEPOS IT ION OF MANGANESE
OXIDES FOR ENERGY STORAGE AND CATALYS I S
In this first part of the PhD thesis, atomic layer deposition is used for the
deposition of manganese oxide (this chapter) and vanadium oxide (chap-
ter 8) thin films. The research on this culminated in four manuscripts, two
for each materials system, detailing deposition, phase-control and appli-
cations as lithium-ion battery electrode (paper I, III and IV) or thin-film
catalyst (paper II).
In this chapter, ALD of thin-film manganese oxides is discussed, and
applications are found in thin-film lithium-ion battery electrodes and thin-
film catalysts.
3.1 manganese oxide phases
Manganese is a transition metal with five possible oxidation states: 0, +2,
+3, +4 and +7. These are found in the five principal states of manganese:
manganese metal, MnO, Mn2O3, MnO2 and Mn2O7. The latter is a volatile
unstable liquid, but the first four are stable solids at room temperature.
Several mixed-oxidation state manganese oxides exist, such as Mn3O4
(+2,+3), Mn5O8 (+2,+4) and Mn7O12 (+3,+4). Despite the wide range of
phases and crystal structures, equilibrium phase transitions reveal only 4
thermodynamically stable states and crystal structures, and occur as
α−MnO2 −−→ β−Mn2O3 ←−→ Mn3O4 ←−→ MnO←−→ Mn (3.1)
with decreasing oxygen partial pressure and increasing temperature, from
left to right [124, 125], as visible from the phase diagram in figure 3.1.
The remaining phases and crystal states are metastable, and can only be
observed in controlled environments, when doped to stabilize the struc-
tures or when bulk-thermodynamics are no longer valid, as is the case
for thin films [126]. Re-oxidation to MnO2 is thermodynamically possible,
but requires oxygen pressures above 3000 bar to proceed. In practice, re-
oxidation to MnO2 does not occur under standard atmospheric pressure
conditions [124].
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Figure 3.1: The manganese-oxygen phase diagram as constructed by Grundy et al.
[123].
Manganese oxides have a wide range of applications, such as catalysis
[127–137], energy storage (lithium-ion batteries [138, 139], dry-cell zinc-
carbon [140, 141] and (pseudo-)capacitors [142–146]) and magnetoresis-
tance applications [147]. Their low cost, low toxicity and the high abun-
dance of manganese makes them attractive compounds for these applica-
tions [148].
Several manganese oxides have been of interest for energy storage appli-
cations in combination with lithium ions. In principle, manganese oxides
can provide up to 5V vsmetallic lithium, but the cell voltage does not only
depend on the formal valence state of the manganese ions, but also on the
relative energy of the lithium ion sites in the wealth of various structures
in which manganese oxides can exist. As the electrochemical potential of
the positive electrode is that sensitive to the phase and oxidation state of
the manganese in the compound, control over those properties is critical
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Figure 3.2: Section of the lithium-manganese-oxygen phase diagram, showing the
spinel and rocksalt phases. Lithium ion insertion occurs according to the dotted
lines. Figure reprinted from Thackeray et al. [150].
to determine the properties of the cells. A study of phase- and oxidation-
state control is presented as the topic of Paper I (during ALD) and Paper
II (post-ALD).
The main forms of manganese oxide studied for energy storage were
reviewed by Thackeray [149], and the three main phases for energy storage
are listed here:
• MnO2 for primary batteries. Lithium/MnO2 cells are most known
as the 3V (see figure 3.3(b)), 225mAh button-type non-rechargable
batteries such as the CR2032 (see figure 3.3(a)) used in watches, cal-
culators, computers, scales and small electronics. The manganese
oxide in these is usually γ-MnO2, which is an inter-growth between
ramsdellite-MnO2 and β-MnO2 in which the oxygen ions are hexago-
nally close-packed. These manganese dioxides typically show a lim-
ited rechargability and poor lithium ion insertion properties [150].
However, nanoscaling of MnO2 is believed to unlock higher storage
capacities up to 320mAhg−1 [154, 155]. Besides the use as electrode
in lithium or lithium-ion batteries, MnO2 is also considered as an
electrode in electrochemical supercapacitors [156, 157].
• Spinel LixMn2O4 (LMO) is regarded as a promising intercalation
cathode for lithium-ion batteries thanks to its low material cost, high
natural abundance, low toxicity and good safety compared to LiCoO2
[149]. Furthermore, the spinel structure provides three-dimensional
interstitial space for Li+ transport, and remains intact over a wide
composition range as is shown in figure 3.2 (LixMn2O4 with 0 ≤
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(a) (b)
(c) (d)
Figure 3.3: (a) Primary Li/MnO2 CR2032 button cell. (b) Voltage profile of
Li/MnO2 cells at low currents (reprinted from [151]). (c) Voltage profile of the
4V-region of LiM2O4 (reprinted from [152]). (d) Voltage profile of MnO (reprinted
from [153]).
x ≤ 2) [150]. Two lithium ions can be intercalated per spinel host
structure, one at 4V vs Li+/Li (theoretical capacity of 148mAhg−1,
see figure 3.3(c)) and one at 3V vs Li+/Li, amounting to a total ca-
pacity of 285mAhg−1. Typically however, only the first region can
be charged reversibly due to the lattice changes associated with the
latter (up to 5%), unless the electrodes are nanostructured to cope
with these volume changes [158]. However, even in this limited range
LMO suffers from capacity fading caused by an array of issues, such
as Mn2+ dissolution, oxygen loss, Jahn-Teller lattice distortion at crit-
ical Mn3+ ion concentrations and electrolyte decomposition due to
the catalytic nature of manganese oxides [159–161].
• MnO as conversion anode. Besides the use of high-valence man-
ganese oxides as lithium-ion battery cathodes, the lower-valence ox-
ides enable the use of manganese oxide as low-potential electrodes
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(see figure 3.3(d)). The +2-valent manganese oxide (MnO) for exam-
ple can be used to store lithium ions, and yields a very high capacity
(theoretical capacity of 755mAhg−1) through a conversion storage
mechanism, however, poor coulombic efficiency and high volume
change limit practical applications so far [162, 163].
3.2 literature overview of ald of manganese oxides
MnOx (1 < x < 2) thin films have mainly been deposited by means of
electrodeposition [139, 155, 164, 165] (Electrolytic Manganese Dioxide or
EMD), anodic deposition [144, 145] and chemical vapour deposition [166,
167]. At the start of this research, only two processes were available for
atomic layer deposition of manganese oxide:
• Nilsen et al. developed a thermal process for the atomic layer deposi-
tion of MnO2 in 2003, using the Mn(thd)3 precursor and ozone. Un-
fortunatly, due to the catalytic properties of MnO2 towards ozone,
the deposition of uniform films proved challenging in their flow-
type ALD reactor. Furthermore, the very large (thd)-ligands give rise
to significant steric hinderance (the chemisorbed Mn(thd)2-fragment
spans an area of approx. 11.5Å× 13Å), blocking almost 20 surface
sites [100]. This causes very low growth rates of only ∼0.2Å/cycle.
[100, 101, 168].
• In 2008 and 2009, a water-based ALD process with the Mn(CpEt)2
precursor was reported by Lu et al. [169] and Burton et al. [170],
respectively. As a merit of the much smaller ligands compared to the
thd-ligands, growth rates up to ∼1.2Å/cycle were found. Thanks to
the liquid nature of the precursor and the higher reactivity, lower
deposition temperatures were also possible. As a consequence of the
pure ligands-exchange reaction mechanism with the water and the
+2 oxidation state of the manganese in the precursors, MnO films
were deposited using this process.
Amongst those precursors, the Mn(CpEt)2 precursor was found to be too
unstable to be used for longer periods of time. Since the start of this PhD
research in 2012, several other studies were released detailing further de-
velopment for these films, or novel processes. The three plasma-enhanced
processes developed in the framework of this thesis were published [171].
Since then, two novel manganese precursors have surfaced: the zero-valent
Mn2(CO)10 precursor [172] and the +1-valent MeCpMn(CO)3 precursor
[146]. Table 3.1 provides a complete overview of the reported (PE-)ALD
processes for manganese oxides. ALD of more exotic manganese-containing
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compounds, such as manganese borate [173], manganese fluoride [174]
and manganese sulfide thin films [175], have also been demonstrated re-
cently.
The manganese oxides are envisioned as positive electrodes. If they are
deposited in their delithiated state this, in combination with the depo-
sition of a lithiated negative electrode and an electrolyte, yields the de-
position of a charged battery. However, several arguments can be made
towards the incorporation of a lithiated positive in the battery stack. First,
the deposition of a charged battery at the elevated temperatures at which
ALD happens, would most likely result in a partial discharging the di-
rect deposition of lithiated manganese oxides as potential leakage cur-
rents are temperature-dependant. Secondly, obtaining the desired phase
in the delithiated state is not always possible. The low-density nature of
the spinel structure of LiMn2O4 for example is very difficult to obtain
without the stabilisation of the lithium cations present in the lattice. In-
deed, the deposited MnO2 films in table 3.1 are α-MnO2, β-MnO2 or ϵ-
MnO2, but no atomic layer deposition of lithium-free spinel γ-MnO2 has
ever been reported. If lithium is added to the ALD process cycle, as was
done by Miikulainen et al. using Li(thd) or LiOtBu as a lithium source, it
is possible to obtain spinel LixMn2O4 using either lithium subcycles dur-
ing the ALD growth or gas-phase lithiation of deposited MnO2 films [176].
Another recently reported route is electrochemical conversion. Young et al.
reported that by prolonged charging and discharging of ALD-deposited
MnO in the presence of an aqueous electrolyte, ALD-deposited MnO even-
tually converts to spinel LiMn2O4 [177]. As a post-deposition conversion
is possible according to the mechanisms presented above, the deposition
of lithium-free films is examined in this work, since simple binary oxides
tend to be much easier to deposit using ALD. In this work, the Mn(thd)3
precursor is used as a manganese source due to its low cost and high
stability.
3.3 oxidations states and crystalline phases
As mentioned above, the electrochemical properties of the manganese ox-
ide are heavily influenced by the oxidation state of the manganese and
the crystallographic state of the oxide. For lithium-ion batteries, the use
of manganese oxide requires +4 valent manganese. For this valence state,
potentials above 2.5V vs Li+/Li can be expected, justifying its use as a pos-
itive electrode in lithium-ion batteries. Lower valence manganese oxides
also display lithium ion storage modes, but at lower electrode potentials.
Mn2O3 for example (+3 valent manganese) can be charged to LiMn2O3,
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but this only happens around 1.35V vs Li+/Li, a potential too low to be
used as a positive electrode material [153]. One could envision the use of
Mn2O3 as an negative electrode, but the capacity is rather low compared
to conventional electrodes such as graphite. However, Mn2O3 does find
its applications in for example catalysis, where it generally outperforms
MnO2 [129, 178, 180].
The next section briefly summarises the control of the oxidation state of
ALD manganese oxides by careful selection of ALD process gas/plasma,
or by post-ALD annealing in ambients with oxidizing, inert or reducing
nature. These findings were published in two papers:
• Paper I: Deposition Of MnO Anode And MnO2 Cathode Thin Films
By Plasma Enhanced Atomic Layer Deposition Using The Mn(thd)3
Precursor, published in Chemistry of Materials in 2015 [171].
• Paper II: Manganese Oxide Films With Controlled Oxidation State
For Water Splitting Devices Through A Combination Of Atomic
Layer Deposition And Post-deposition Annealing, published in RSC
Advances in 2016 [102].
These two papers comprise the next two chapters, in which they are pre-
sented as they were published.
3.3.1 Plasma-enhanced deposition of thin-film manganese oxides
ALD with the Mn(thd)3 precursor is the focus topic of the first paper.
Mn(thd)3 is a dark-brown solid at room temperature, and is extremely sta-
ble: the decomposition temperature is reported above 240 ◦C. The low cost
and exceptional stability make this precursor highly interesting. Up to this
work, researchers only investigated thermal ALD with ozone in flow-type
reactor setups. Film uniformity was reported to be poor on 5 cm× 5 cm
substrates due to the catalytic nature of manganese for ozone decomposi-
tion. In this work, the same process was implemented in a vacuum-type
setup. Here, the influx of ozone was directional towards the sample sur-
face, rather than ozone flowing across the sample surface in the flow-type
F120-reactor used in the work of [100]. In contrast to that work, it was
possible to yield uniform films on silicon substrates of comparable sizes,
and saturation was possible with 5 second pulse times.
Plasma-enhanced processes were investigated using the same precur-
sor. Five plasma processes were evaluated, and their properties are sum-
marised in table 3.2. While O2- and N2-plasmas showed non-ideal ALD
growth (non-uniformity and high C-content, respectively), H2O-, H2- and
NH3-plasmas yielded ideal ALD growth characteristics such as saturated
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Reactant Phase Remarks
O3 MnO2 Poor uniformity in flow-type due to
O3 decomposition, resolved in
vacuum-type setup
H2O - No growth
O2 plasma - No uniformity achieved
N2 plasma - Saturated growth but incomplete
ligand removal
H2O plasma Mn3O4 Saturated growth
H2 plasma Mn3O4/MnO Saturated growth
NH3 plasma MnO Saturated growth
Table 3.2: Properties of the (PE-)ALD processes investigated here using Mn(thd)3
as a manganese source.
precursor- and plasma pulses, and complete ligand removal which was
evident from the C-free nature of the deposited films.
Despite the uniform film growth on planar substrates, conformal de-
positions proved very challenging. The deposition of MnO2 using the O3-
based ALD chemistry did not yield conformal films on silicon micro pillar
structures. This can be explained from the ozone decomposition point of
view, similar to the difficulties reported to grow uniform MnO2 films in a
flow-type reactor. A proof-of-concept was attempted for the conformal de-
position of ALD MnO using the NH3-plasma based chemistry. Using high
exposures (up to 8 times the saturated pulse times) resulted in the depo-
sition of manganese oxide along the pillar lengths (50 µm), but a gradient
was observed with EDX/SEM. As these exposure times already ramped
the cycle time up to almost 10 minutes per cycle, these attempts were
further abandoned here.
All deposited films with the H2O, H2 and NH3 PE-ALD processes and
the thermal ozone-based ALD process were crystalline and with low car-
bon impurities. Their oxidation state was determined from XRD, and con-
firmed with XPS (see figure 3.4). Interestingly, it is found that the nature of
the process gas or plasma, more specifically its oxidizing/reducing char-
acter, largely determines the oxidation state of the grown films. Mn(thd)3
has manganese in the +3 oxidation state. The ozone combusts the (thd)-
ligands and raises the manganese oxidation state to +4, resulting in MnO2
films. Optical emission spectroscopy was used to study the active species
in the H2O, H2, N2 and NH3 plasmas (see supplementary information to
Paper I). The plasmas all contain the reductive H · radicals, causing a de-
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Figure 3.4: (left) Analysis of the XPS peak separation described in the text with
literature data [165, 181–183], as shown in the inset for the NH3* PE-ALD film.
(right) XRD patterns measured on MnOx films grown using 1000 (PE)ALD cycles
with different reactants. The (h k l)-planes and corresponding phases are labelled
in the figures.
crease in oxidation state to lower-valent manganese oxides. The severity
of reduction depends on the presence of other active species (OH– or N2 ·
in the H2O- and NH3-plasma, respectively). A more in-depth discussion
concerning this topic can be found in Paper I. By a careful choice of the
oxidative/reductive nature of the process gas/plasma, the manganese ox-
ide phase can be controlled in the MnO-MnO2 range, as shown in figure
3.4.
3.3.2 Influence of ambient and temperature on thin-film oxidation and reduction
Due to the high stability of the Mn(thd)3 precursor, a pure ligand-exchange
reaction was not possible: reactants with higher reactivities such as ozone
or plasma were required to enable film growth. As such, the +3-valence of
the manganese in the Mn(thd)3 did not translate into a +3-valent man-
ganese oxide (Mn2O3) ALD film. Further post-ALD annealing was re-
quired to obtain this phase and complete the MnO-Mn2O3 sequence. Three
types of annealing atmospheres were investigated; i.e. oxidizing (O2), re-
ducing (H2/He) and inert (He) ambients, and the phase formation for
temperatures up to 900 ◦C was studied with in-situ XRD. Figure 3.5 shows
the in-situ X-ray diffraction patterns during annealing in these ambients
for ALD MnO and MnO2 films. Through oxidation (for MnO) and ther-
modynamic reduction (for MnO2), three pathways were found to obtain
thin-film Mn2O3, and it was even possible to obtain this at a relatively low
temperature (∼400 ◦C) without the need for an oxidative ambient.
























































































Figure 3.5: In-situ XRD measurements from room temperature to 900 ◦C at a heat-
ing rate of 0.25 ◦Cs−1 in oxygen, helium and hydrogen ambient of the as-deposited
MnO and MnO2 films: MnO2 in O2 ambient (a), He ambient (b) and H2/He am-
bient (c), and MnO in O2 ambient (d), He ambient (e) and H2/He ambient (f).
Peak identification was performed using the JCPDS database: β-MnO2 (81-2261),
Mn2O3 (89-2809), Mn3O4 (24-0734), MnO (75-0625), α-Mn (32-0637), Mn2SiO4 (35-
0747) and MnSiO3 (89-2809).
Figure 3.6 summarises the ALD deposition and post-ALD heat treat-
ments for the formation of thin-film manganese oxides from a single man-
ganese source; i.e. the Mn(thd)3 precursor. It highlights that the full range
of manganese oxides can be achieved at relatively low temperature (depo-
sition from 150 ◦C, reduction to Mn2O3 from 410 ◦C).
3.4 applications of ald thin-film manganese oxide
Two applications of atomic layer deposited manganese oxides were in-
vestigated. In Paper I, the as-deposited (PE-)ALD films are evaluated as
thin-film lithium-ion battery electrodes. In Paper II, two of the films from




















Figure 3.6: A summary of the formation of thin-film oxides from atomic layer de-
position and post-deposition annealing. The star notation denotes a plasma rather
than a gas.
figure 3.6 are benchmarked as transparent thin-film catalysts for water
splitting applications. The details of both applications can be found in the
next chapters. As the main topic of this PhD thesis is ALD for lithium-ion
batteries, this application is highlighted below.
3.4.1 Thin-film cathode and anodes for lithium-ion batteries
The (PE-)ALD processes with the Mn(thd)3 precursor yield several of the
primary phases of thin-film manganese oxide, as discussed above: MnO,
mixed-phase MnO/Mn3O4, Mn3O4 and MnO2. All of these oxides can be
used to store lithium ions: MnO2 and Mn3O4 in a layered 2D-insertion
mode at higher potentials, and MnO in a conversion mode at lower poten-
tials. These are all tested in their respective potential ranges, of which the
details can be found in Paper I and its supplementary information.
A remarkable observation can be made if the observed electrode po-
tentials are compared to the oxidation states of the as-deposited films. A
nearly linear relation exists between the former and the latter, as shown in
figure 3.7. Since we have shown earlier that the oxidation state of the films
can be controlled by a careful choice of the ALD process gas/plasma, the
electrochemical properties of these films can, in effect, be tuned and grown
into a film that can either be a Li-ion cathode (MnO2) or anode (phase-
pure MnO and mixed-phase MnO/Mn3O4), using a single manganese-
source precursor chemistry.
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Figure 3.7: Relationship between measured as-deposited oxidation states (XPS,





from cyclic voltammetry (see Paper I).
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Figure 3.8: SEM images of EMD films deposited on (a) TiN and (b) TiN with a
1-2nm seed layer of ALD MnO2. (c) Cyclic voltammetry of ∼400 nm EMD films
deposited on both substrates.
3.5 ald manganese oxides beyond thin-film electrodes
As is shown in this chapter, the growth rate of ALD manganese oxides
is very slow, despite the improved growth rates using plasma-enhanced
ALD. This limits the feasible film thickness with this process to around
30 nm. Combined with the limited conformality of these processes, thin-
film electrodes and especially 3D thin-film electrodes appear out of range
for this process chemistry. However, two applications are demonstrated
here using ALD manganese oxides with a film thickness within the realm
of possibilities: thin-film catalysts and seed layers.
In paper II, a MnO2 film grown from 200 ALD cycles and a Mn2O3 film
obtained by reducing the aforementioned MnO2 film are benchmarked as
thin-film catalysts. Both films displayed catalytic activity as was evident
from oxygen evolution experiments in KOH. ALD-derived Mn2O3 showed
a performance which was slightly poorer than the Pt-CB benchmark cata-
lyst, while ALD MnO2 performed better with an onset potential of 1.62V
vs RHE and on overpotential of 619mV at currents of 10mAcm−2. In-
terestingly, both films were almost transparent to solar light, with solar
light transmissions of 95.6% and 98.8% for Mn2O3 and MnO2, respec-
tively, which makes these films interesting for applications with buried
photo-active light harvesters such as TiO2.
Finally, high-quality manganese oxide thin films can also be used as a
seed layer to enable another deposition technique. Electrodeposition of
manganese oxides is an excellent way to deposit thick and conformal
MnO2 (EMD) films on a conductive substrate [155, 184]. This work was
carried out at IMEC. There, it was found that for substrates as TiN, de-
position in acidic environments oxidizes the current collector and discon-
nects the film electronically from the current collector, rendering inactive
electrodes, as shown in figure 3.8(c). By depositing a very thin MnO2 seed
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layer with ALD, the current collector is protected from the acid bath. As
a result, the deposited EMD films are now electrochemically accessible,
enabling them as electrodes. Futhermore, the seed layer allows the deposi-
tion of much thicker films: on the bare TiN current collector the thickness
is limited to ∼400 nm (fig. 3.8(a)), while the ALD-treated TiN accommo-
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abstract
Atomic layer deposition (ALD) of a wide range of Mn oxides (MnO to
MnO2) is demonstrated by combining the Mn(thd)3 precursor with differ-
ent types of plasma activated reactant gases. Typical ALD behaviour is
found with hydrogen, ammonia and water plasma, with a fully precur-
sor controlled temperature window (from 140 ◦C to 250 ◦C) and constant
growth rate (0.022±0.001 nm/cycle). A purely ligand-exchange chemistry
would predict Mn2O3 films with the transition metal in the +III state. How-
ever, it is found that the nature of the process gas or plasma, more specific
its oxidizing/reducing character, largely determines the oxidation state
of the grown films. Our approach provides an effective method for the
deposition of MnO2(+IV), Mn3O4(+II/+III) and MnO(+II) based on the
Mn(thd)3(+III) precursor. All as deposited films are found to be smooth
(<1.2 nm rms roughness), crystalline and with <6% impurities. The result-
ing films are tested as lithium-ion battery electrodes, showing the MnO2
and the MnO films as possible candidate thin-film cathode and anode,
respectively.
introduction
Rechargeable solid state thin-film batteries are emerging from the field
of liquid battery research with applications in small autonomous devices,
such as smart textiles, wearables, wireless sensors and medical implants.
Since they lack the traditional liquid component, they are inherently safer
than their standard liquid-battery counterparts, making them more suit-
able for these sensitive applications. The drawbacks of planar thin-film
batteries are generally low-energy density, which can be overcome by go-
ing to novel battery architectures with high aspect ratios [28, 63, 64, 186,
187]. ALD typically deposits films in the 0.1 nm to 100 nm range, an order
of magnitude lower than the typical electrode in a planar thin-film battery
stack (1 µm) [188]. To overcome this gap, ALD builds on its inherently con-
formal nature. When working in high aspect ratio 3D architestures such
as pillars or carbon nanosheets (CNS), an area enhancement of 10-100 can
overcome and even surpass the planar thin-film battery stack equivalent
thickness, leading to a much higher energy density while still having the
advantage of thin-film kinetics [28, 63, 64, 81, 186, 187, 189]. This approach
has been shown in literature on metal nanorods and -wires, graphene,
CNT’s and so on.
On the other hand, these same electrochemical active conformal films
on a 3D architecture can work as supercapacitors (SC), more specifically,
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pseudo-capacitors. Since a much thinner film is required for a pseudo-
capacitor application, the cost of the ALD film will also be much lower.
Here also very high surfaces are required by the conformal deposition
since a (pseudo-)capacitor works on the surface, and not in the bulk of
the material as is the case for the Li-ion electrodes in a battery. An demon-
strated example of an ALD thin-film as a SC is V2O5 coated on carbon
nanotubes [190].
Manganese oxides have recently attracted a lot of attention in industrial
applications, with the main focus on their electrochemical properties as
a cathode in lithium-ion batteries (with reversible lithiation to LiMn2O4
[138, 139]), as a component for dry-cell zinc-carbon batteries [140, 141], or
as a candidate for thin-film capacitors [142–145]. A wide range of other
applications can be found in the field of catalysis [127], namely in the
oxidative dehydrogenation process [128], the oxygen reduction and wa-
ter oxidation [129, 130], the oxidation and reduction of nitric oxide [131–
134], and the decomposition of hydrogen peroxide [135], benzene [136]
and ozone [137]. In the field of nano-electronics, manganese oxides have
applications as a Cu-diffusion barrier [166].
So far, MnOx (1 < x < 2) thin films have mainly been deposited by
means of electrodeposition [139, 155, 164, 165] (Electrolytic manganese
dioxide or EMD), anodic deposition [144, 145], chemical vapour deposi-
tion [166, 167], atomic layer deposition (ALD) [100, 101, 169, 170] and
sol-gel methods [164]. ALD finds itself amongst the techniques delivering
the highest conformality, inherent to the self-limiting surface-controlled
nature of the gas-solid reactions [72]. Two precursors are reported in liter-
ature for thermal ALD: the Mn(CpEt)2 (with H2O as reactant) [169, 170]
and Mn(thd)3 (with O3 as reactant) [100, 101], yielding MnO and MnO2
respectively. A plasma enhanced ALD process (PE-ALD) for MnOx has
yet to be reported.
For many applications of transition metal oxides, control over the oxida-
tion state in the deposited layer is a key requirement [99]. As ALD is often
governed by ligand exchange type reactions, the oxidation state of the
metal in the deposited compound is typically controlled by the oxidation
state of the metal in the organometallic precursor molecule. Therefore the
oxidation state in ALD layers is often determined by the chemical build of
the precursor, and can only be modified by post-deposition annealing in
an oxidative or reducing ambient [98]. However, for certain applications
or substrates, the required annealing conditions may exceed the allowable
thermal and chemical budgets. Controlling the oxidation state of the de-
posited layer during the ALD process itself is therefore of interest.
102 4 paper i - manganese oxide ald for lib electrodes
In this work, we investigate the PE-ALD of manganese oxides with the
Mn(thd)3 precursor. By varying the second ALD half cycle from the re-
ported oxidative combustion chemistry with ozone [100] over mild to very
reductive chemistries with water, hydrogen and ammonia plasmas, we
show that we can effectively tune the oxidation state of the manganese
in the deposited film, as well as maximize the growth rate within the
temperature window. We finally test the electrochemical properties of the
resulting films as lithium-ion battery electrodes.
experimental
The manganese oxides were grown in an experimental high-vacuum ALD
setup with a base pressure of 10−7mbar [93–95]. The metal-organic precur-
sor used for these experiments was Mn(thd)3 (Tris(2,2,6,6-tetramethyl-3,5-
heptanedionato)manganese (with manganese in oxidation state III) from
Strem, 99%), held in a stainless steel container at 133 ◦C for optimal vapour
pressure without decomposition. Since the vapour pressure at this tem-
perature was still very low, argon carrier gas was applied to introduce
sufficient precursor to the chamber. The precursor was pulsed at a pres-
sure of 1mbar by sealing the reactor from the pumps during the pulse.
In between pulses, reaction products and remaining precursor or reactant
gas were evacuated using a turbomolecular pump. As reactant gases, the
previously reported O3 [100] was tested, as well as H2 (a mixture of 5%H2
in Ar), H2O, N2, O2 and NH3 along with their respective plasmas (re-
mote RF plasma at 300W). The ozone was produced with an OzoneLabTM
generator from a pure O2 gas flow, resulting in a minimum concentra-
tion of 150 µgml−1. None of the non-activated gases were able to grow a
film, likely due to the stable nature of the precursor, so only plasma and
ozone results will be discussed below. The plasma activated gases will be
indicated with the notation gas*. The partial pressures of the ozone and
reactant gases were 1mbar and 1× 10−2mbar, respectively. The full ALD
process consisted of 4 steps, each with a length of time ti: t1 is the precur-
sor pulse time, t2 is the pump time required to remove all the precursor
gas, t3 is the reagent pulse time and t4 is the subsequent pump time. The
full process is thus t1-t2-t3-t4. The films were grown on silicon covered
with 100 nm thermal SiO2 for the in-situ growth characterisation and on
60 nm PVD TiN for electrochemical characterisation.
For the O3 -based process, in-situ spectroscopic ellipsometry (ISE) was
used to monitor the film thickness during ALD. Ellipsometry was able
to give a good estimate of the thickness, as verified by X-ray reflectivity
(XRR), and could therefore be used to determine the saturation behavior
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of the ALD half cycles in situ [191]. For each set of process parameters,
20 ALD cycles were performed and the growth per cycle (GPC) was deter-
mined by fitting a straight line to the ISE growth curve. The ellipsometer
used was a J.A. Woollam M-2000 with a wavelength range of 245 nm to
1000 nm.
X-ray techniques were used to determine film thickness (XRR), crys-
tallinity (X-ray diffraction or XRD) and film composition (X-ray photo-
electron spectroscopy or XPS). XRR and XRD were done in a Bruker D8
Discover with a copper X-ray source (Cu Kα radiation at 0.154 nm). A
point detector was used for the XRR, while the XRD was done using a lin-
ear detector to perform unlocked coupled scans with a 5° offset to avoid
the Si substrate peak. XPS was performed using Al Kα radiation (0.834 nm)
under a take-off angle of 45° in a high-vacuum chamber (2× 10−9mbar).
A resolution of 0.108 eV was obtained.
The filmmorphology was probed using a Bruker Dimension Edge atomic
force microscope (AFM) and film rms roughnesses were fitted to 1× 1µm
AFM images.
Electrochemical measurements were done in an Ar-filled glove box (O2
<1 ppm, H2O <1 ppm) with a Metrohm Autolab PGSTAT302 connected
to a three-electrode setup. Electrical contact to the TiN current collector
was mady by contacting the side of the sample with silver paste to a
Cu foil. Lithium ribbon (99.9% , Sigma Aldrich) was used as counter-
and reference electrodes, and 1M LiClO4 in propylene carbonate (99%,
io-li-tec) was used as Li+ electrolyte solution. Cyclic voltammetry (CV)
measurements were performed at a 10mVs−1 sweep rate between chosen
potential boundaries, and galvanostatic charge/discharge was performed
at positive and negative current densities of 10 µA cm−2.
results and discussion
First, the thermal ALD process with Mn(thd)3 and ozone is compared
to the PE-ALD processes. The thermal ALD process was developed and
reported already by the group of Nilsen. [100, 101] In our case, a pump-
type high vacuum ALD setup was used whereas a flow-type reactor was
used in the work of Nilsen et al. [100]. In contrast to their results the
films showed uniform deposition, as confirmed by XRF mapping on se-
lected samples. This suggests that a high vacuum type ALD setup en-
ables a more uniform ozone concentration over the sample surface, while
the ozone concentration in flow type ALD reactors may be less uniform
due to the laminar-flow geometry and the catalysing nature of the de-
posited manganese dioxide films towards ozone destruction [137]. For the



































Figure 4.1: Growth per cycle curves showing the saturation of the surface reactions
with Mn(thd)3 precursor(a) and the O3 reagent(b) for the thermal ALD process,
and with Mn(thd)3 precursor(c) and the NH3* plasma(d) for the PE-ALD process.
The saturation experiments were performed at 150 ◦C and the growth rates were
monitored using ISE (top) or extracted from XRR (bottom). One pulse time was
varied, while the other was kept at the highest value examined.
reported thermal ALD process, saturation of the half-reactions was exam-
ined using ISE (figure 4.1(a and b)). It was found that 5 s exposures at
a pressure of 1mbar were sufficient to saturate both ALD half-reactions.
An increasing growth rate from 0.15Å/cycle at 150 ◦C to 0.3Å/cycle at
250 ◦C was confirmed within the ALD temperature window, and linear-
ity was established (figure 4.2(top)). Nilsen et al. [100] attributed the low
growth rate to the steric hindrance caused by precursor ligands during
the first half-cycle. Since the precursor is the common factor throughout
this paper, it can be expected that the GPC will also remain relatively low
for the plasma processes under investigation.
The process using ammonia plasma (NH3*) was examined in-depth. Sat-
uration was investigated by growing 200-cycle films with different pulse
times and extracting the GPC from the film thickness determined by XRR.
The saturation curves are shown in figure 4.1 (c and d) and reveal a sat-
urated exposure time of t1=5 s at 1mbar for the precursor and t3=15 s at
1× 10−2mbar for the NH3* plasma at 150 ◦C . The t2=15 s and t4=25 s
pump times were chosen to allow the reactor to reach a pressure of ca.
10−6mbar between each ALD half reaction. Figure 4.1 and figure 4.2 also
show that the saturated GPC at 150 ◦C is almost twice as high for the NH3*























































Figure 4.2: Temperature window for the Mn(thd)3 + O3 thermal ALD process (top),
and the Mn(thd)3 + NH3* PE-ALD process(bottom). The GPC was determined by
XRR. Insets demonstrate linearity at 150 ◦C up to 1000 cycles.
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Figure 4.3: 1 µm× 1 µm AFM images of 500 cycles PE-ALD using the Mn(thd)3
+ NH3* process. From left to right: deposited at 140 ◦C, 200 ◦C and 280 ◦C. The
images are set on the same z-scale to allow for direct comparison. Right: rms
roughness against the deposition temperature.
The temperature dependence of the NH3* process was further investi-
gated using XRR on 500 cycle films (figure 4.2(bottom)). Verification of
the growth linearity ensured a constant GPC from the first ALD cycles,
without any non-ideal initial growth behaviour (inset figure 4.2(bottom)).
Contrary to the O3 based process which shows a clear temperature depen-
dence (figure 4.2(top)), the GPC in the NH3* PE-ALD temperature win-
dow remains constant at a rate of 0.22±0.01Å/cycle, i.e. near the highest
observed GPC in the thermal ALD window.
The rise in GPC at temperatures below 150 ◦C is related to precursor
condensation. Because precursor gas enters the chamber at 140 ◦C, con-
densation of the precursor vapour occurs at temperatures below 140 ◦C,
causing CVD-like side reactions during the plasma pulse [192]. The in-
crease in GPC at temperatures above 250 ◦C on the other hand, can be
associated to thermal decomposition of the precursor which was reported
by Nilsen et al. [193] between 240 ◦C and 260 ◦C, and is accompanied by a
rise in the surface roughness as measured by AFM (figure 4.3). Within the
ALD temperature window, as well as at lower temperatures in the CVD-
like regime, smooth films with an average rms roughness of 0.3 nm were
obtained.
Besides NH3* plasma also O2*, N2* , H2* and H2O* plasmas were exam-
ined as ALD reactant for MnOx growth at 180 ◦C. All plasmas resulted in
film growth, however, for the O2* plasma saturation could not be achieved.
Pulse times up to 120 s were tested for O2* but no uniform films could be
obtained and this process was therefore not considered further.
The experiments with N2* , H2* and H2O* plasmas were done under the
saturated process parameters established for the NH3* process. Saturation
for these processes was conceptually checked by performing a deposition
at double t3 yielding similar growth rates of ∼0.2Å/cycle in all cases.
Film impurities and oxygen content were determined using XPS (figure

















































Figure 4.4: The atomic concentrations of Mn, O, C and N obtained from XPS for
ALD-grown films with the Mn(thd)3 and thermal (O3 and PE reagents (H2O*, H2*,
NH3* and N2*).
O3 ALD processes the carbon and nitrogen impurities were very low, most
of the N2* grown films consisted of carbon (45.8%) and nitrogen (24.5%),
pointing to a substantial build-in of the precursor ligands into the films.
For this reason, the N2* process cannot be considered an ALD process for
a manganese oxide and was therefore not considered as a candidate Li-ion
electrode material.
The rms roughness determined by AFM was 0.8 , 1.2 and 1.5 nm for
20 nm films grown from H2*, H2O* and N2* PE-ALD, respectively. Even
though such rms values still indicate a smooth film for 20 nm films, the
roughness is somewhat higher than that for the NH3* process (0.3 nm),
but comparable to the thermal O3 process (0.8 nm).
The crystalline phases of O3- , H2*- , H2O*- and NH3*-based (PE)ALD
films were investigated using XRD (figure 4.5). Film crystallinity only be-
came apparent for films beyond 500 cycles (≥10 nm), but it was unclear
whether this arose as a growth effect or could be attributed to XRD sensi-
tivity. The crystalline phases found were β-MnO2, hausmannite Mn3O4, a
mixed MnO/Mn3O4-phase and phase-pure MnO for the O3 , H2O*, H2*
and NH3* processes respectively. The crystallinity was most pronounced
for the NH3*-grown MnO films, and weakest for the H2*-grown mixed
phase.
Although atomic concentrations as derived from XPS were used to es-
timate the impurity of the as-deposited layers, the Mn:O concentration
ratio (figure 4.4) cannot be determined with sufficient accuracy to identify
the oxidation state of Mn. In literature, alternative methods have been re-
ported to obtain the Mn oxidation state from XPS data. A linear relation
has been reported between the Mn oxidation state and the energy differ-
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Figure 4.5: (left) Analysis of the XPS peak separation described in the text with
literature data [165, 181–183], as shown in the inset for the NH3* PE-ALD film.
(right) XRD patterns measured on MnOx films grown using 1000 (PE)ALD cycles
with different reactants. The (h k l)-planes and corresponding phases are labelled
in the figures.
O:Mn ratio Crystallinity Manganese oxidation
state (XPS fit)
O3 67.0 : 31.7 2.11 MnO2 3.61 ± 0.21
H2O* 54.2 : 42.5 1.27 Mn3O4 2.95 ± 0.15
H2* 56.6 : 43.4 1.30 MnO/Mn3O4 2.23 ± 0.21
NH3* 46.6 : 47.2 1.01 MnO 1.94 ± 0.25
Table 4.1: Film properties as determined by XPS (figure 4.4, 4.5) and XRD (figure
4.5), clearly illustrating the increase in reductivity from top to bottom.
ence between the Mn 2p3/2 maximum and the peak position of the lowest
energy component of the O 1s spectrum (Mn-O-Mn bond) [165, 181–183].
This was used to estimate the oxidation state of Mn in the (PE-)ALD films.
The results are depicted in figure 4.5 and summarised in table 4.1, and
agree very well with the oxidation states predicted from crystal phase
analysis.
The Mn(thd)3 precursor has manganese in the +III state. If this was
merely a ligand-exchange chemistry, the grown films would be Mn2O3,
which has the same Mn oxidation state. However, none of the films do,
as can be seen in table 4.1: with O3 it goes to Mn(IV), NH3* gives Mn(II),
and both H2* and H2O* give a mix of Mn(II) and Mn(III), with more
Mn(III) in the H2O*-grown films than in the H2*-grown films. The first
half-reaction is assumed to be a simple ligand-exchange reaction with the
surface-bound OH-groups (depicted as *−OH):
∗ −OH+Mn(R)3 −−→ ∗−O−Mn(R)2 (single surface bond) (4.1)
109
with R the 2,2,6,6-tetramethyl-3,5-heptanedionato ligands, leaving the +III
oxidation state of the Mn intact. This reaction happens twice, as was found
in the work of Nilsen. [100] The change of oxidation state from the precur-
sor (+III) to different states (+IV, +II and +II/+III mixed state for the O3 ,
NH3* and H2*/H2O* resp.) can be attributed to the oxidizing or reducing
nature of the reactant gas or plasma in the subsequent step. When an oxi-
dizing atmosphere such as O3 is used the film grows as MnO2, raising the
oxidation state from Mn(III) to Mn(IV). This is readily understood since
Mn(IV)O2 is the low-temperature most stable oxide of the series for MnOx
(1 < x < 2) [123, 194].
To explain the change in oxidation state from the precursor +III state
to the +II and +II/+III mixed states for the NH3* , H2* and H2O* pro-
cesses, the active species in these plasmas were determined using OES
(figure 5.1, supplementary information). In the NH3* and H2* plasmas,
the H · radicals are likely responsible for the reduction of Mn(+III) to the
lowest oxidation state oxide Mn(+II)O. The oxygen in these films does
not originate from the reagent plasma, but is already bound to the Mn
in the 2,2,6,6-tetramethyl-3,5-heptanedionato ligands. The H2O* plasma is
at an in-between state, having both oxidizing (OH−) and reducing (H · )
radicals in its plasma. This in turn induces an in-between oxidation state
in the films, namely a partly reduced +II/+III state for the Mn (Mn3O4).
Some surface molecules will undergo a reduction reaction with the H ·
radicals, as is the case in the H2* plasma, and some will undergo a second
exchange-type reaction with the OH-groups, resulting in a mixed +II/+III
oxidation state, in effect growing as Mn3O4. It is concluded that the ox-
idizing or reducing nature of the reactant gas or plasma determines the
oxidation state of Mn in the ALD grown MnOx layers, and it is found
that the plasmas examined here can be arranged in order of increasing
reductivity as H2O* < H2* < NH3*.
Furthermore, it is worth mentioning that, while N2* itself is not suffi-
cient to avoid a significant build-in of precursor ligands, the presence of
N2 radicals in the plasma does seem to have an impact. The H2* contained
no activated nitrogen while the NH3* does. It was shown in this work that
the two plasmas lead to a different film in terms of impurities, crystallinity
and as we will show later, electrochemical properties. However, the oxida-
tion states are near each other, leading to believe that this is mainly caused
by the H · radicals in both plasmas.
The four manganese oxide films that can be grown with the Mn(thd)3
precursor (MnO2, Mn3O4, MnO/Mn3O4 mixed state and phase-pure MnO)
were tested as lithium-ion electrodes. The cyclic voltammograms of these
films were investigated in their respective relevant potential ranges, as

















































Figure 4.6: Cyclic voltammograms of the four selected films at 10mVs−1. From top
to bottom: 18.3 nm MnO2-film from the O3 process cycled at 2.0-4.5V vs Li
+/Li,
20.0 nm Mn3O4-film from the H2O* process cycled at 0.6-3.0V vs Li
+/Li, 26.3 nm
MnO/Mn3O4-film from the H2* process cycled at 0.1-3.0V vs Li
+/Li and 31.6 nm
MnO-film from the NH3* process cycled at 0.1-3.0V vs Li
+/Li.
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with Upox the cathodic peak potential and U
p
red the anodic peak potential.
The potential for the MnO2 was examined between 2.0-4.5V vs Li
+/Li
and shows reversible lithium insertion and extraction at 2.8V and 3.0V vs
Li+/Li , respectively. This gives an average peak potential of 2.9V for the
reaction
MnO2 + xLi
+ + xe− −−⇀↽− LixMnO2(0<x<1) (4.3)
The as-deposited films showed electrochemical activity without the need
for an additional post-deposition anneal step, in contrast to the reported
Electrodeposited Manganese Dioxide (EMD) [155]. However, the same ac-
tivation behaviour as observed on EMD was seen, meaning that more
than 10 cycles were required to obtain a clear lithiation and delithiation
behaviour around 2.9V vs Li+/Li. This kind of evolution in cycling be-
haviour was ascribed in literature to restructuring, increased electronic
conductivity, pore wall thinning or increased contact between film and liq-
uid [155]. However, since the films investigated here are nonporous, the
last two options can be omitted, leaving either restructuring due to re- or
de-crystallisation, or/and increased electronic conductivity due to lithium
doping as proposed explanations. Here, amorphisation was confirmed as
no crystal structure could be found using XRD after the first lithiation.
The lithium undergoes a similar insertion mechanism into the Mn3O4
crystal lattice when lithiated to 1.0V vs Li+/Li according to Fang et al.
[153] and Thackeray et al. [150]:
Mn3O4 + xLi
+ + xe− −−⇀↽− LixMn3O4(0<x<1) (4.4)
and was cycled in the 0.5-3.0V vs Li+/Li potential range to obtain this
transition. A faint redox waveform was observed at Up1/2 = 1.79V vs Li
+/Li
as shown in figure 4.6, but the capacity was very low, as will be shown
further.
Lithiation into MnO happens according to a reversible conversion mech-
anism, where the oxide is reduced to a metal phase embedded into a Li2O
matrix [153]:
MnO+ 2Li+ + 2 e− −−⇀↽− Mn+ Li2O (4.5)
The films here were cycled between 0.1-3.0V vs Li+/Li. Both as-deposited
films showed electrochemical activity without the need for additional an-
nealing (figure 4.6). Even though their as-deposited oxidation state and
impurity content differed only slightly, very distinctive features in elec-
trochemical performance were observed between the mixed-phase and




























Figure 4.7: Relationship between measured as-deposited oxidation states (XPS,





from cyclic voltammetry (figure 4.6).
phase-pure films. The cyclic voltrammograms for the phase-pure MnO
shows two reduction/oxidation waves: one at Up1/2 = 0.71V vs Li
+/Li,
which is associated with the conversion reaction (reaction 4.5), and an ad-
ditional couple at Up1/2 = 1.69V vs Li
+/Li, which is probably caused by
film deterioration due to volume expansion and is thus a side reaction.
The mixed-phase material has only one wave, at Up1/2 = 0.905V vs Li
+/Li.
Not taking into account the side-reaction wave, a nice result emerges
when we also take into account the redox couples for the MnO2 (U
p
1/2 =
2.93V vs Li+/Li) and the Mn3O4 (U
p
1/2 = 1.79V vs Li
+/Li). In figure 4.7 the
average peak potentials are related to the measured oxidation states and
a linear relationship between the two is revealed. Since we have shown
earlier that we can control the oxidation state by choosing the ALD process
gas/plasma, we can in effect tune the electrochemical properties of these
films, and grow a film that can either be a Li-ion cathode (MnO2) or an
anode (phase-pure MnO and mixed-phase MnO/Mn3O4), using the same
precursor chemistry.
Electrode capacities were also investigated galvanostatically on fresh
films, and charge-discharge curves can be found in supplementary to
this paper for the first 20 cycles at 10 µA cm−2 (figure 5.2), with potential
boundaries chosen corresponding to the oxidation states. The MnO2 films
showed the same activation behaviour as observed in the CV-measurements.
The reversible capacity grew from ∼15% of the theoretical capacity to
∼25% of theoretical capacity after 40 cycles at a C-rate of about 3.5. When
the activated film was cycled at a current density of about ∼0.35C the
measured reversible capacity rose to about 71% of the theoretical capacity.
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Mn3O4 has a low theoretical capacity and an intermediate voltage, mak-
ing it less attractive as an electrode material. Even with that, only 57%
of the theoretical was obtained at ∼1C. Due to the loss of gravimetric ca-
pacity to irreversible storage of Li2O when discharging to a lower voltage
(reaction 4.6, results not shown here), this material can not compete with
the MnO and MnO/Mn3O4 in terms of anodic capacity.
Finally, phase-pure MnO and mixed-phase MnO/Mn3O4 the anodes
were compared in terms of capacity. The reversible capacities during the
first cycle are 68% and 88% of the theoretical capacity for the mixed-phase
and phase-pure samples, respectively. When a negative current is applied
to the mixed-phase films, the Mn(III)-fraction is reduced to Mn(II) accord-
ing to reaction 4.4 and further when lithiated to 0.4V vs Li+/Li
LiMn3O4 + Li
+ + e− −−→ 3MnO+ Li2O (4.6)
Since this last reaction is irreversible, this could explain the difference in
initial reversible capacity between the phase-pure and mixed-phase films.
From the previous results the phase-pure film would seem the best can-
didate for the anode. However, when cycling this material 20 times be-
tween 0.1-3V vs Li+/Li, a capacity loss of 25% was observed in the phase-
pure MnO. The mixed-phase sample on the other hand lost only 4% of its
capacity, which is a much better result. So, even though the phase-pure
films have a much higher initial capacity, the mixed-phase films seem to
be much more stable, as was also observed in cyclic voltrammetry as the
lack of additional reduction/oxidation wave (figure 4.6). This could again
be attributed to the build-in of Li2O in these films. It was shown in other
work on tin oxide that the addition of Li2O in a conversion anode would
accommodate some of the stress associated with volume changes in these
films [195]. It is thus proposed that, similar to the tin oxide case, the irre-
versible incorporation of Li2O in the mixed-phase films stabilises the MnO
conversion reaction, allowing for improved cyclability.
conclusions
The Mn(thd)3-chemistry based ALD process was successfully extended to
PE-ALD with 3 processes using ammonia, hydrogen and water plasma.
The ALD parameters were investigated in detail for the ammonia plasma
process, revealing a saturated growth rate of 0.2Å/cycle in an ALD tem-
perature window of 150 ◦C to 255 ◦C. Saturation was confirmed at 180 ◦C
for the water and hydrogen plasma processes. All films showed low rough-
ness (rms roughness <1.2 nm) and low carbon and nitrogen impurities.
All as-deposited films with a thickness larger than 10 nm were crystalline
114 4 paper i - manganese oxide ald for lib electrodes
according to XRD. The combination of XRD and XPS peak separation anal-
ysis clearly showed that the oxidizing/reducing nature of the reactant gas
or plasma is a determining factor for the oxidation state of manganese in
the MnOx films (1<x<2). The MnO, MnO/Mn3O4 and MnO2-films (ALD-
deposited using NH3*, H2* and O3 as reactant resp.) showed as-deposited
electrochemical activity at 0.71, 0.905 and 2.93V vs Li+/Li respectively,
yielding two conceptual li-ion anodes and one cathode. Further work to-
wards thickness and effective surface area enhancement is required to pro-
vide a structure with sufficient energy density for a microstructured or
so-called 3D thin-film battery. A linear relation between the as-deposited
oxidation state and electrochemical properties was found, demonstrating
that tuning the film properties (oxidation state) allows tuning the elec-
trochemical properties. This work demonstrates an effective method for
the controlled deposition of Mn(+IV)O2, Mn(+II/+III)3O4 and Mn(+II)O
based on the Mn(+III)(thd)3 precursor.
5
SUPPLEMENTARY TO PAPER I
optical emission spectroscopy
The plasmas investigated here were characterised by optical emission spec-
troscopy (OES) using an Ocean Optics QE65000 spectrometer with a wave-
length range of 200 nm to 1000 nm. Acquisition times were chosen to allow
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Figure 5.1: Emission lines of the plasmas under investigation: ammonia (left), hy-
drogen (center) and water (right).
galvanostatic experiments
Galvanostatic cycling of fresh films of all MnOx films were performed to
determine capacity and examine capacity evolution in the first 20 cycles.
Results of these measurements are summarised in table 5.1 and shown in
figure 5.2. The measurement for MnO2 was performed between 2.0-4.0V
vs Li+/Li, as was also done in other work on thin film MnO2 [155]. The
galvanostatic measurements presented in figure 5.2 give an estimate of
the capacity of the ALD-grown materials by comparing the measured val-
ues to the theoretical capacities. For an 18.3 nm MnO2 film a maximum
capacity density of 2.83 µAh cm−2 is expected. Based on this calculated
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theoretical capacity density, the C-rate of the galvanostatic cycling experi-
ments at 10 µAh cm−2 (figure 5.2) was about 3.5C. Under these conditions,
the reversible capacity in the first cycle was only 0.42 µAh cm−2 (∼15%
of theoretical capacity) but grew to 0.72 µAh cm−2 (∼25% of theoretical
capacity) after 40 cycles, without halt in capacity increase. When the acti-
vated film was cycled galvanostatically at a current density of 1 µA cm−2
(∼0.35C) the measured reversible capacity (measurement not shown here)
rose to 2.01 µAh cm−2, about 71% of the theoretical capacity. An addi-
tional delithiation wave developed above 3.7V vs Li+/Li during cycling,
as was also revealed on the CV measurements. The peak potential was
found at 3.99V vs Li+/Li.
For a 20.0 nm Mn3O4 film the theoretical capacity was calculated to be
1.137 µAh cm−2 from the gravimetric theoretical capacity 117mAhg−1 for
the reaction
Mn3O4 + xLi
+ + xe− −−⇀↽− LixMn3O4(0<x<1) (5.1)
while assuming a bulk density of 4.86 g cm−3. However, the measured
reversible capacity (table 5.1 and figure 5.2) was only a fraction of the
theoretical value (22% and 28% in the first and 20th cycle, resp.). When
cycling at 1 µA cm−2 or ∼1C the capacity rose to 0.65 µAh cm−2, about
57% of the theoretical value, but still not a very impressive value due to
its already low theoretical capacity. Due to the loss of gravimetric capacity
to irreversible storage of Li2O when discharging to a lower voltage (as
discussed elsewhere), this material can not compete with the MnO and
MnO/Mn3O4 in terms of anodic capacity.
Finally, phase-pure MnO and mixed-phase MnO/Mn3O4 the anodes
were compared in terms of capacity. The theoretical capacity density for
the 26.3 nm-thick mixed-phase film is found to be 10.8 µAh cm−2, calcu-
lated from theoretical gravimetric capacity of MnO (756mAhg−1) and
assuming bulk-MnO for the density (5.43 g cm−3). The measured initial
reversible capacity at 10 µA cm−2 (∼1C) was 7.39 µAh cm−2 during the
first cycle, or 68% of the theoretical capacity. In comparison, the 31.3 nm-
thick phase-pure MnO had a much higher initial reversible capacity: 11.24
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Figure 5.2: Charge-discharge voltage profiles of the four selected films at
10 µA cm−2. From top to bottom: 18.3 nmMnO2-film from the O3 process cycled at
2.0-4.0V vs Li+/Li, 20.0 nm Mn3O4-film from the H2O* process cycled at 0.6-3.0V
vs Li+/Li, 26.3 nm MnO/Mn3O4-film from the H2* process cycled at 0.1-3.0V vs
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abstract
Solar hydrogen devices combine the power of photovoltaics and water
electrolysis to produce hydrogen in a hybrid form of energy production.
To engineer these into integrated devices (i.e. a water splitting catalyst on
top of PV element), the need exists for thin film catalysts that are both
transparent for solar light and efficient in water splitting. Manganese ox-
ides have already been shown to exhibit good water splitting performance,
which can be further enhanced by conformal coating on high surface-area
structures. The latter can be achieved by atomic layer deposition. However,
to optimize the catalytic and transparency properties of the water split-
ting layer, an excellent control over the oxidation state of the manganese
in the film is required. So far MnO, Mn3O4 and MnO2 ALD have been
shown, while Mn2O3 is the most promising catalyst. Therefore, we inves-
tigated the post-deposition oxidation and reduction of MnO and MnO2
ALD films, and derived strategies to achieve every phase in the MnO-
MnO2 range by tuning the ALD process and post-ALD annealing condi-
tions. Thin film Mn2O3 is obtained by thermal reduction of ALD MnO2,
without the need for oxidative high temperature treatments. The obtained
Mn2O3 is examined for solar water splitting devices, and compared to the
as-deposited MnO2. Both thin films show oxygen evolution activity and
good solar light transmission.
introduction
The rise of the internet of things (IoT) requires, besides sensors and en-
ergy storage, small and autonomous energy production. Integrated solar
hydrogen devices consist of a photo-active material buried beneath a wa-
ter splitting catalyst. The catalyst on top has to fulfil three requirements:
(1) good water splitting performance, (2) excellent solar light transmission
and (3) good stability. In order to minimize the local current density and
improve criterion (1) and (3), thin films on high surface area 3D struc-
tures can be utilized. Atomic layer deposition (ALD) allows for conformal
deposition of thin films of many metal oxides on very high aspect ra-
tio structures [199], meeting the third requirement. Concerning the first
two requirements, benchmark catalysts such as platinum suffer from high
cost, low abundance and no solar light transmission. Other benchmark
catalysts such as IrOx may be more transparent, but iridium has an even
lower abundance than platinum. Transparent, abundant and low cost ox-
ides, such as manganese oxide, are more favourable in this respect. Thin
film manganese oxides have been investigated as water oxidation cata-
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lysts in many reported studies [129, 130, 178, 200–202]. In our previous
work, we showed that the oxidation state of Mn can be controlled dur-
ing ALD growth with the Mn(thd)3 precursor by selecting the proper
oxidative or reductive reactant gas or -plasma during the ALD process.
Mn(+II)O, Mn3(+II/+III)O4 and Mn(+IV)O2 are achievable by using am-
monia plasma, water plasma and ozone, respectively [171]. Mn(EtCp)2
was reported to grow the bivalent manganese oxide Mn(+II)O [170, 178].
Although Mn2O3 is reported as the most active catalyst for the oxygen evo-
lution reaction (OER) thanks to the high activity of the Mn(+III) sites [129,
180], direct ALD of Mn2(+III)O3 thin films has not been reported so far
[100, 101, 171, 199]. Pickrahn et al. evaluated an ALD-based Mn2O3 cata-
lyst for OER by depositing MnO ALD and oxidizing it to Mn2O3 [178].
In that case, it was found that the oxidized Mn2O3 outperformed the
as-deposited MnO. Li et al evaluated the influence of post-annealing of
ALD-grown β-MnO2 in oxidizing ambients up to 700 ◦C [203]. However,
the oxidizing ambient used in those studies to increase the manganese
oxidation state could have a detrimental effect on the surrounding and
underlying materials in integrated materials. From the manganese phase
diagram and earlier studies on bulk manganese oxides it is shown that
re-oxidation of bulk manganese oxides up to Mn2O3 is possible, and re-
duction down to MnO and even manganese metal can be obtained by
raising temperature and varying the oxygen partial pressures [124, 178,
182, 204]. Faster reduction can be achieved when introducing a hydrogen
atmosphere to manganese oxides [204, 205].
In this work, we explore various annealing routes to control the oxida-
tion state of ALD-grown manganese oxide thin films by tuning the ALD
processing conditions and post-ALD anneal conditions. Starting from the
two extrema in the manganese oxide spectrum, MnO and MnO2, we used
XPS and in-situ XRD to monitor the phase evolution in oxidizing, inert
and reducing atmospheres from room temperature up to 900 ◦C. Since
roughness is also a determining factor for catalytic performance, the sur-
face topography of the oxidized and reduced thin films is systematically
evaluated by atomic force microscopy. This paper reports a systematic
study of possible pathways towards the full range of manganese oxides
that can be obtained by tuning ALD process parameters and the post-ALD
annealing conditions, such as temperature (20 ◦C to 900 ◦C) and ambient
(oxidating, inert and reducing) as parameters. Our results show that thin
film Mn2O3 can be obtained by heating ALD MnO2 in an inert atmo-
sphere. This enables a wider range of sensitive substrates. The MnO2 and
MnO2-derived Mn2O3 were evaluated as water oxidation catalysts, and
both perform well when compared to a known catalyst such as platinum,
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with the added advantage of excellent solar light transmission coefficients
and high abundance.
experimental
The manganese oxides were grown in an experimental high-vacuum ALD
setup with a base pressure of 10−7mbar [93–95, 171]. The ALD processes
are based on the Mn(thd)3 precursor (Tris(2,2,6,6-tetramethyl-3,5- heptane-
dionato) manganese from Strem, 99%). In this work we examine the oxi-
dation and reduction behaviour of MnO2 and MnO thin films grown by
thermal ALD (Mn(thd)3 and O3 ALD) and PE-ALD (Mn(thd)3 and NH3
plasma ALD) at 180 ◦C, respectively. ALD characteristics and growth con-
ditions can be found in our earlier report [171]. MnO and MnO2 films
obtained from 1000 cycles of atomic layer deposition were grown on H-
terminated Si (by stripping the native oxide by etching in a 5%HF solu-
tion for 1 min before deposition), 100 nm thermally grown SiO2 on a Si
substrate, resulting in a 37 nm and 20nm film, respectively.
In-situ XRD was used to determine the crystal state during annealing,
measuring with the X-ray source (Cu Kα radiation at 0.154 nm) and lineair
detector in fixed positions at 20° and 35° respectively, resulting in a 24° to
44° window in 2θ with a 5° offset to avoid substrate peaks. Annealing was
done in a stainless steel chamber, under a flow of 20 l h−1 of oxygen (Prax-
air, 99.999%), helium (Praxair, 99.999%) or forming gas (helium + 5%H2,
Praxair, 99.999%), at a heating rate of 0.25 ◦Cs−1 from room temperature
to 900 ◦C [206, 207]. To verify the oxidation states derived from the crystal
state found in XRD (and to confirm the absence of an amorphous fraction
with a potentially different oxidation state) selected samples were investi-
gated by XPS, which was performed using Al Kα radiation (0.834 nm) un-
der a take-off angle of 45° in a high-vacuum chamber (2× 10−9mbar). A
resolution of 0.108 eV was obtained. The Mn-O-Mn bond was investigated
by evaluation of the binding energy difference between the Mn 2p3/2 and
the O 1s signals (Mn-bond component) [165, 171, 181–183, 203].
The film morphology was probed on the as-deposited and quenched
samples using a Bruker Dimension Edge atomic force microscope (AFM)
and film rms roughness was determined from 1µm× 1 µm AFM images.
Film surface morphology was further examined using a high-vacuum elec-
tron microscope (FEI Quanta 200F).
MnO2 and Mn2O3 are examined for their catalytic properties. To this
end, 200 ALD cycles of MnO2 (resulting in a 3 nm film) were deposited on
Toray carbon paper as an electrical contact for the activity measurements,



















































Figure 6.1: In-situ XRD measurements from room temperature to 900 ◦C at a heat-
ing rate of 0.25 ◦Cs−1 in oxygen, helium and hydrogen ambient of the as-deposited
MnO and MnO2 films: MnO2 in O2 ambient (a), He ambient (b) and H2/He am-
bient (c), and MnO in O2 ambient (d), He ambient (e) and H2/He ambient (f).
Peak identification was performed using the JCPDS database: β-MnO2 (81-2261),
Mn2O3 (89-2809), Mn3O4 (24-0734), MnO (75-0625), α-Mn (32-0637), Mn2SiO4 (35-
0747) and MnSiO3 (89-2809).
of their optical properties. MnO2 films were evaluated as such, and con-
verted to Mn2O3by post-deposition annealing. Transmission UV-Vis spec-
troscopy of MnO2 and Mn2O3 on glass substrates was carried out using an
Infinite M200 Pro instrument (Tecan). Light absorbance (A(λ)) of the glass
substrate and of the films deposited on the glass substrate was measured,
and the former was subtracted from the latter to correct for the substrate.
The absorbance, including components from both light absorption and
reflection, was converted to a transmittance using T(λ) = 10−A(λ). Lin-
ear voltammetric sweeps in the anodic direction were performed on the
as-prepared samples with a sweep rate of 2mVs−1 (experimental details
described in supplementary, figure 7.1).
results and discussion
In-situ XRD and AFM results
In-situ XRD patterns measured on both films during annealing in oxidiz-
ing, inert and reducing ambient are shown in figure 6.1. The XRD peaks
clearly reveal the oxidation and reduction behaviour of the manganese
oxides thin films under study. A quench of every intermediate phase was
taken to be examined separately. The oxidation state of the manganese
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Figure 6.2: XRD spectra of selected quenches, starting from the ALD MnO2 film
(top) and from the ALD MnO film (bottom). From left to right: oxygen, helium
and forming gas ambient, respectively. A background was subtracted from the
measured spectra, and they are offset to allow better visualisation. Peak identifica-
tion was performed using the JCPDS database (see figure 6.1), with reported peak
positions shown on the graphs.
in selected samples was examined by XPS (supplementary information,
figure 7.2) which matched the crystalline phase, indicating that no amor-
phous fraction was present with a different manganese oxidation state.
The quenched samples all remained in the crystalline phase they were in
at the time of the anneal, demonstrating that all these intermediate phase
formations observed in in-situ XRD are stable when quenched (figure 6.2).
Next, we examined the roughness of the as deposited films and the
selected quenches. Figure 6.3 shows AFM images of the as deposited sam-
ples, as well as the selected quenches. The as-deposited films are shown
to be very smooth, with a roughness of only 0.40 nm and 0.86 nm for the
MnO and MnO2 films, respectively. Some quenches show little evolution,
but most of the high-temperature quenches show severely changed mor-
phology or increased roughness.
Discussion of the phase evolution
A summary of the phase formation and roughness evolution is presented
in figure 6.4. This figure gives a systematic overview of different strategies
that enable achieving a particular phase and resulting roughness. At low


















Figure 6.3: 1 by 1µm AFM images of the as deposited MnO2(a) and MnO(b) ALD
films on the SiO2 substrate. An AFM image of the H2O PE-ALD film (c), result-
ing in a Mn3O4 film is added for completeness (process conditions according to
earlier work [171]). AFM images of quenches are shown: MnO2 annealed in oxy-
gen to 900 ◦C(d), in helium to 500 ◦C(e), 750 ◦C(f) and 900 ◦C(g), and in He/H2 to
500 ◦C(h), and MnO annealed in oxygen to 425 ◦C(i) and 900 ◦C(j) and helium to
900 ◦C(k). Images are set to the same 15 nm colour scale to allow direct compari-
son.
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MnO2 Mn2O3 Mn3O4 MnO
Figure 6.4: Summary of the manganese oxidation and reduction behaviour based
on in-situ XRD results (figure 6.1) and AFM study (figure 6.3). (a) Thin film phase
stability and (b) roughness evaluation for the as deposited (AD) and resulting
films. The same colour mapping is used in both figures, and in the bottom figure
horizontal or vertical lines indicate films that were originally MnO and MnO2,
respectively.
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[123]. However, it is kinetically not possible to oxidize the MnO films to
MnO2 under standard atmospheric pressure conditions before entering
the temperature regime where Mn2O3 becomes more stable, leaving only
the as-deposited films grown using the ozone-based process with the Mn
in the +IV oxidation state. Indeed, in an oxidizing ambient, the MnO films
quickly transverse the Mn3O4 phase to end up in the Mn2O3 phase, as can
be seen in figure 6.1(d). Even though these films undergo two phase transi-
tions, this is still a smoother film than the Mn2O3 obtained from the MnO2
films in oxidizing or inert ambient. This roughness has a two-fold origin.
Firstly, the MnO2 films themselves have a higher surface roughness than
the MnO films. In the case of the anneal in inert atmosphere of the MnO2
films, where the Mn3O4 is the high-temperature stable phase, the Mn2O3
can be formed at lower temperature, maintaining the surface roughness
of the MnO2. Secondly, when annealing the films in an oxygen ambient,
the MnO2 is stable for a broader temperature range and the Mn2O3 only
forms at a higher temperature. This high temperature induces sharper fea-
tures, as can be seen in figure 6.3(d), increasing the roughness. Besides the
roughness, the Mn2O3 films originating from the MnO2 and MnO process
are also different in crystallinity. As we can readily see from the XRD spec-
tra in figure 6.1 and figure 6.2, the films reduced from the MnO2 phase
show only one, albeit very strong, diffraction peak around a 2θ value of
38°, corresponding to the 400 reflection. This could indicate some form
of preferential alignment of the crystal lattice. The film oxidized from the
MnO on the other hand shows multiple diffraction peaks, indicating a
more randomly oriented film. This corresponds well to the AFM image in
figure 6.3(j), which shows small grains, while the films derived from an
MnO2 origin show much larger and more pronounced grains (e.g. figure
6.3(e)).
Mn3O4 thin films can be achieved in several ways. As was reported
in our earlier work [171], this phase can be obtained without any addi-
tional processing steps when a H2O plasma is used as a reagent during
ALD, instead of the NH3 plasma or ozone here that result in MnO and
MnO2, respectively. However, the films grown with the H2O plasma pro-
cess chemistry have a much higher surface roughness than the films ob-
tained using the NH3 plasma or ozone processes, as shown in figure 6.4.
Indeed, three other pathways to obtain thin film Mn3O4 are shown here,
where one of those has a significantly lower surface roughness than the
as-deposited Mn3O4 obtained directly from the H2O PE-ALD. This path-
way is again the low-temperature method, by annealing the MnO films in
oxygen above 360 ◦C. As was explained earlier the Mn2O3-phase is more
stable at higher temperatures. This is also observed here: raising the tem-
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perature of this film in an oxidizing ambient leads to further oxidation
to a Mn2O3 film at a temperature of 470 ◦C. At high temperatures in an
inert atmosphere, the MnO films also very gradually start to oxidise to
Mn3O4, as can be seen in figure 6.1. This is likely related to oxygen im-
purities still left in the annealing chamber. Finally, the Mn3O4 phase can
also be obtained by annealing a MnO2 film in inert atmosphere, since
this is the high-temperature stable phase in a low oxygen partial pressure
ambient when sufficient oxygen is provided in the initial film. However,
when closely observing the in-situ XRD spectrum at the highest temper-
atures (figure 6.1(b)), we see that the crystallinity fades near 900 ◦C. This
also shows in the XRD spectrum of the quench on that point in figure 6.2,
where barely any crystalline peaks remain visible. This change in the crys-
tallinity translates into a severely increased roughness originating from a
’melt’-like surface topology, as shown in figure 6.3(g) and confirmed using
SEM imaging (supplementary information, figure 7.4).
Since MnO is only thermodynamically favourable at high temperatures
and low oxygen partial pressures, we also examined the effect of annealing
in a reducing atmosphere. For this, a mixture of 5%H2 in He was used
as ambient in the annealing chamber. Here also, phase formation was
monitored using in-situ XRD during annealing in the same temperature
window as above. The resulting in-situ XRD figures are shown in figure
6.1. To allow for full phase identification, ex-situ quenches were made
on selected temperatures and the diffraction patterns and identification is
shown in figure 6.2.
The isXRD analysis in figure 6.1 shows that the introduction of a reduc-
ing ambient significantly influences the phase formation. Below 700 ◦C
this is still the case, where the reducing ambient triggers rapid reduc-
tion of the manganese in the manganese oxide from MnO2 over Mn3O4 to
MnO in the case of a MnO2 starting film. The as-deposited MnO film does
not change phase below 700 ◦C, however, a strong increase in crystallinity
is observed, associated with a peak shift to slightly lower 2θ-values. The
MnO originating from the MnO2 and MnO films are also not identical,
since the ratios of diffraction peaks are inverse for both films. This again
demonstrates that the initial film has some influence over the final film for-
mation. Remarkably, the Mn2O3-phase is not observed here, and is seem-
ingly ’skipped’ when the MnO2 films are first reduced.
Rather than simply remaining within the Mn-O phase system, the man-
ganese oxides are fully reduced to metallic manganese above 700 ◦C. This,
in turn, is able to react with the underlying SiO2 substrate to form vari-
ous forms of manganese silicate above 780 ◦C, as shown in figures 6.1 and
6.2. If the films are deposited on HF-cleaned silicon, a silicide is formed
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instead of a silicate (not shown here). The nature of the silicate is again
influenced by the initial film, even though both films are passing through
the MnO phase before being fully reduced into metallic manganese. This
difference in manganese silicate is seen in the presence of both MnSiO3
and Mn2SiO4 in the film originating from the MnO2 films, while the latter
is found phase-pure in the films originating from MnO.
MnO2 and Mn2O3 thin film water splitting catalysts
Generally, it is believed that the best manganese oxide for water splitting
catalysis is the Mn2O3-phase, since the Mn(+III) sites show the highest
catalytic activity [129, 180]. Above, we find that Mn2O3 can be obtained
by spontaneous reduction at elevated temperatures of MnO2 ALD films
in inert atmosphere, since Mn2O3 is the high-temperature stable phase. In
contrast to the MnO-route which was also investigated by Pickrahn et al
[178], for the MnO2 no oxidative atmosphere is required to transform to
Mn2O3, opening a wider range of substrate compatibility. We investigated
as-deposited MnO2 and Mn2O3 (reduced from MnO2) as water splitting
catalysts. Linear voltammetry sweeps on these samples are shown in fig-
ure 6.5. As a reference, the Toray substrate, Pt on carbon black (PtCB,
E-Tek 60% platinum/carbon black powder, Umicore) on Toray substrate
and sputtered IrO2 on a silicon wafer are also shown. Surprisingly, ALD
MnO2 performs better than the derived Mn2O3: MnO2 has an onset po-
tential at 1.62V vs. RHE (0.1mAcm−2) and an overpotential of 619mV at
10mAcm−2. For Mn2O3 the onset potential was slightly higher at 1.63V
vs. RHE, but the overpotential at 10mAcm−2 was much higher at 801mV.
Despite the similar onset of Mn2O3, it was less active compared to ALD
MnO2. This is clear from the different Tafel slopes of these materials (sup-
plementary information, figure 7.3). These observations make ALD MnO2
a very active OER catalyst with a higher activity compared to Pt-CB. How-
ever, both will still be outperformed by ruthenium oxide and iridium ox-
ides that typically operate at an overpotential of 290mV to 350mV at the
same current density, as shown in figure 6.5.
One important application of thin film catalysts would be integrated
solar hydrogen devices, where electrocatalysts can be directly deposited
on light absorbers [202]. For these applications, parasitic light absorption
and reflection from catalyst layers needs to be minimized and therefore
the transmittance of these films was investigated [208]. Figure 6.6 shows
the transmittance of the ALD MnO2 and derived Mn2O3 films deposited
on glass in the range of 330-1000 nm. This shows a clearly higher trans-
mittance for the Mn2O3, in agreement with the earlier study by Li et al
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Figure 6.5:Anodic direction of linear voltammetry sweeps at 2mVs−1 in 1M KOH.
Results for the as-deposited MnOx films on Toray paper are shown, compared to
Pt-CB, IrO2 and Toray substrate reference samples.
[203]. For integration in a solar hydrogen device, the effect of the catalyst
on light transmission integrated over the whole solar spectrum is particu-








where T(λ) is the transmittance and Φ(λ) the photon flux in function of
wavelength. Integrated over the solar flux, this yields an ηsolar of 95.6%
and 98.8% for ALD MnO2 and derived Mn2O3 films, respectively. As can
be seen from the light transmission in figure 6.1, the main difference in
transmission is found in the ultra-violet wavelength region. This is critical
to enable wide band gap semiconductors, such as TiO2, as photoactive
materials. So, even though the MnO2 has a better catalytic activity, the
derived Mn2O3 exhibits a better solar light transmission.
conclusions
We present a study of transparent thin film manganese oxides, and re-
port that every phase in the MnO-MnO2 range can be synthesized in a
controlled manner by well-chosen combination of ALD process and post-























Figure 6.6: Light transmittance of the 3 nm ALD MnO2 and derived Mn2O3 films
from 330 nm to 1000 nm, corrected for the substrate. Integrated solar light trans-
mission (ηsolar) is calculated according to equation 6.1.
nique used to deposit these films, this allows the coating of complex struc-
tures with any required manganese oxide. We observed that the MnO
films have a lower initial roughness than the MnO2, likely due to the
plasma-enhanced nature of the deposition of the former. The smoothest
films of Mn3O4 and Mn2O3 are also found when using MnO as a start
phase and when processing conditions allow a low-temperature anneal
rather than a high temperature anneal. Re-oxidation to MnO2 was never
possible. When a reducing atmosphere is introduced instead of an oxidiz-
ing or inert atmosphere, all films reduce rapidly to MnO and reduce fully
above 700 ◦C to metallic manganese. The latter can then interact with the
substrate to form manganese silicate or silicide, depending on the nature
of the substrate. We observe a large influence of the ’initial film’ state
(MnO2 or MnO) on the crystalline states observed when reducing and ox-
idizing the manganese oxide thin films. The film resulting from 200 ALD
cycles MnO2 and the corresponding Mn2O3 reduced in inert atmosphere
were both tested as catalysts for OER. The performance of ALD MnO2
lies above that of a Pt-CB reference, but below top-end catalysts such as
RuO2 and IrOx. The derived Mn2O3 does not outperform the Pt-CB ref-
erence, since it has a 182mV higher overpotential than the ALD MnO2
at 10mAcm−2. However, the Mn2O3 shows a higher solar light transmis-
sion coefficient than ALD MnO2, 98.8% and 95.6%, respectively. Since the
difference in transmission lies mostly in the UV region, this could have
a large impact on buried wide band-gap photo-active materials. These re-
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sults show that we are able to acquire MnO2 and Mn2O3 OER catalysts for
integrated solar hydrogen devices operating in alkaline conditions, with-
out the requirement for a post-deposition oxidative atmosphere treatment,
and show that control of the oxidation state of the thin film is critical to
optimize the catalyst properties.
7
SUPPLEMENTARY TO PAPER I I
Figure 7.1: Schematic representation of electrochemical setup. 1 = working elec-
trode (MnOx on Toray paper); 2 = counter electrode (Pt mesh); 3 = reference elec-
trode (Ag/AgCl) and 4 = electrolyte (1M KOH).
experimental details on the linear sweep voltammetry
An electrochemical setup as represented in figure 7.1was used. 3-electrode
electrochemical voltammetric experiments were performed using man-
ganese oxides on carbon fiber Toray substrate served as the working elec-
trode (WE), a Pt mesh as counter electrode (CE) and an Ag/AgCl (3MKCl,
sat. AgCl, Radiometer Analytical) reference electrode. 1M KOH was used
as electrolyte. The solution was vigorously stirred with a magnetic stirrer
while bubbling a high oxygen flow through the solution for 10 minutes
before every experiment. Additionally, oxygen was purged through the
headspace of the container. During the experiments the O2 purge and stir-
ring was maintained. Linear voltammetric sweeps were performed on the
as-prepared samples with a sweep rate of 2mVs−1. As a control experi-
ment, the Ag/AgCl (3MKCl) was referenced against a Hg/HgO electrode
in 1M KOH. From this measurement we could conclude that the potential
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Figure 7.2: Relation between difference in binding energy of the Mn 2p3/2 maxi-
mum and the peak position of the lowest energy component of the O 1s spectrum
(Mn-O-Mn bond) found from literature [165, 181–183], and the oxidation states of
the reported films. The energy difference for selected ALD and annealed films are
plotted on this graph to obtain the oxidation state, which matches to the oxida-
tion state obtained from crystal phase analysis, save an offset to lower oxidations
states.
of Ag/AgCl (3M KCl) in 1M KOH was +0.22V vs. RHE. This scale was
used for analysis of voltammetric curves.
oxidation state confirmation by xps
XPS on four selected films was performed to confirm the oxidations state
obtained by XRD. As was done in our earlier work [171], the linear relation
between the Mn oxidation state and the energy difference between the Mn
2p3/2 maximum and the peak position of the lowest energy component of
the O 1s spectrum (Mn-O-Mn bond) was used to estimate the oxidation
state [165, 181–183]. Figure 7.2 shows the results of this analysis, alongside
with the recipe to obtain these films and the manganese oxide state found
from XRD. Besides an offset to lower oxidation states, likely caused by
the spread in literature data, the trend in oxidation states is clearly visible,
confirming that the XRD analysis is sufficient to obtain the oxidation state
for these manganese oxide thin films.
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Figure 7.3: Tafel plot of the manganese oxides under investigation. Only the linear
regime is shown to highlight the difference in activity.
tafel plot
To illustrate the difference in activity between the MnO2 and derived
Mn2O3 OER catalysts, a Tafel plot resulting from the linear sweep voltam-
mogram is shown in figure 7.3. It can be seen that MnO2 and Mn2O3
show similar onset potentials. However, the overpotential at 10mAcm−2
of both catalysts is very different and since the electrodes are operating
in diffusion limitation regime during the linear sweep, this difference is
best explained by a difference in Tafel slopes in figure 7.3. The derived
Tafel slopes are 68mVdec−1 and 96mVdec−1 for MnO2 and Mn2O3, re-
spectively. Extrapolation of these results would result in overpotentials
of 529mV and 592mV for MnO2 and Mn2O3, respectively, indicating a
higher activity for the MnO2 films.
afm confirmation by sem
Scanning electron microscopy was used to further study the surface topol-
ogy. Similar surfaces were found to the surfaces obtained from AFM as
shown in figure 7.4, confirming the validity of AFM even on the roughest
films.

















































ALD VANADIUM OXIDES FOR 3D THIN-F ILM
LITHIUM- ION BATTER IES
The previous chapter and papers discussed the deposition of ALD man-
ganese oxide films, and their applications as thin-film lithium-ion battery
electrodes and water splitting catalysts. This chapter details the research
concerning ALD of vanadium oxide films, with a more in-depth view on
three focus topics:
• The deposition of vanadium oxides from the TEMAV precursor and
the post-ALD phase transformations in order to obtain all possi-
ble vanadium oxides in the Wadsley series. The excellent control
over the properties of the as-deposited films that ALD offers allows
the use of these films as model systems to study the influence of
ALD process parameters, temperature, ambient and substrate on the
phase transformations.
• The wide range of obtainable phase-pure vanadium oxide films from
the previous bullet allows the use of ALD-deposited thin-film vana-
dium oxides as model systems to study and benchmark all these
crystalline phases as thin-film lithium-ion electrodes.
• The low-temperature nature of the ALD processes using the TEMAV
precursor unlocks the deposition of amorphous vanadium oxide
films, not only VO2 but also V2O5. The controlled composition in-
herited from ALD allows a direct comparison of the performance
as lithium-ion battery electrodes. Amorphous vanadium oxide films
are compared to crystalline films, and VO2 films are compared to
V2O5.
8.1 the vanadium-oxygen phase diagram
As was the case with manganese and manganese oxides, a wide range of
different vanadium oxide states exists, resulting in a rich phase diagram.
Figure 8.1 shows the vanadium oxides in the VOx system (1 ≤ x ≤ 2.5).
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Figure 8.1: Experimental phase diagram of the vanadium oxygen system, with
the principal vanadium oxides marked in red and the extent of the Mangéli and
Wadsley series highlighted. Adapted from Katzke et al. [209].
Vanadium has five possible valence states, i.e. 0, +2 ,+3, +4 and +5, re-
sulting in the metallic vanadium, VO, V2O3, VO2 and V2O5 as princi-
pal base-states, respectively. Even more so than for the manganese oxides,
many mixed-valence states give rise to a multitude of additional phases.
These are categorised into two main sequences. The first sequence has
a mixed +4/+3 oxidation state and is called the Magnéli series (VnO2n-1
with 4 ≤ n ≤ 9). The second sequence are the mixed +5/+4 vanadium
oxides and is called the Wadsley series (VnO2n+1 with n = 3, 4, 6). Vana-
dium oxide is found in many applications thanks to its many phases and
valence states, and related to its specific properties and characteristics.
• The transition-metal nature of vanadium oxides makes them excel-
lently suited as catalysts for propane dehydrogenation [210], oxida-
tion of o-xylene [211, 212] and photocatalytic applications [213].
• The band structure of the vanadium oxides in the Magnéli series dic-
tates they should behave like metals. However, at a critical tempera-
ture they undergo a remarkable temperature-driven reversible phase
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transition that alters their conductivity by several orders of magni-
tude [214]. This semiconductor-to-metal transition is observed in
VO, V2O3, VO2 and many other vanadium oxides in that series, and
the transition temperature is determined by the nature of the vana-
dium oxide [215]. The electronic properties of a compound influence
its optical properties, so that the optical properties of these oxides
are temperature-switched. The transition is most often considered
temperature-driven, but can also be triggered by electrical, optical
or pressure-related stimuli. Several applications have emerged from
this phenomenon, such as optical and electrical switches, micro-elec-
tro-mechanical systems (MEMS) and smart windows [99, 215–217].
• The layered oxides (i.e. VnO2n+1, see figure 8.2) have been exten-
stively investigated for energy applications such as battery elec-
trodes [218–227], supercapacitors [228] and pseudocapacitors. Ap-
plication of thin-film vanadium oxides as lithium-ion battery elec-
trodes is the topic of paper III and paper IV, and will be introduced
and summarized below.
8.2 vanadium oxides as lithium-ion battery electrodes
For insertion materials to be used as active electrodes for electrochemi-
cal storage, they must be able to accommodate a significant number of
lithium ions. Therefore, the most suitable materials are most likely found
among those with an open structure and a relatively low density [229].
One example of such compounds are the vanadium oxides in the Wad-
sley series. VO2, V6O13, V4O9, V3O7 and V2O5 are also known as the
layered vanadium oxides [213]. The oxides in this series are all closely re-
lated structures, and several formalisms have been put forward to explain
this. Katzke et al proposed monoclinic VO2 (B) as the metastable end
compound of a series based on symmetry-breaking from the cubic VO
structure [209]. Indeed, figure 8.2 shows calculated structures of the vana-
dium oxides in the Wadsley series. Derived from a hypothetical VO3 with
the ReO3 structure [230], they are composed of distorted VO6 octahedra
or polyhedra. Strings are formed by edge-sharing amongst the polyhe-
dra, and sheets of vanadium oxides are formed by corner-sharing, giving
them their layered nature [231]. As can be seen on figure 8.2, the shear
structure of VO2(B) results in one-dimensional monotunnels into which
lithium ions can be inserted, rather than a true layered structure. These
available storage sites make these vanadium oxides particularly suited for
the (reversible) intercalation of lithium ions, and provides the oxides in
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Figure 8.2: View along the a-axis of the lattice of the layered vanadium oxides; i.e.
VnO2n+1 (n = ∞, 6, 4, 3, 2). The insets provide an additional view along the c-axis.
Their lattice structure is represented by VOx polyhedra, with the oxygen atoms
(red) on the corners. Figure reprinted from Bahlawane & Lenoble [213].
the Wadsley series with applications in energy conversion and storage.
Some typical electrode potentials for lithium ion insertion into vanadium
oxides are shown in figure 8.3. At the top-end of the Wadsley series, the
single-valence +5 vanadium oxide is found. As the main topics of paper
III and paper VI are related to V2O5, this will be discussed here in some
depth.
Already in 1976, a first report was released by Whittingham [6] that
lithium ions can be reversibly intercalated into the V2O5 lattice. Since that
time, it has been heavily investigated as an insertion electrode for lithium-
ion batteries [6, 219–221, 232–234]. As can be seen from figure 8.3, lithium
ion insertion into V2O5 is accompanied by a series of voltage plateaus, cor-
responding to a series of phase transformations (the relation between volt-
age profile and phase transformations is explained briefly further). Five
phase domains can be distinguished at room temperature, with increas-
ing insertion of lithium ions [219–221]:
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Figure 8.3: Experimental voltage profiles for several layered vanadium oxides as
a function of the mean oxidation state of vanadium. In this figure, E is used to
denote electrode potential. Figure reprinted from West et al. [229].
• α-LixV2O5, with x ≤ 0.01
• ϵ-LixV2O5, with 0.35 ≤ x ≤ 0.70
• δ-LixV2O5, with 0.70 ≤ x ≤ 1
• γ-LixV2O5, with 1 ≤ x ≤ 2
• ω-LixV2O5, with 2 ≤ x ≤ 3
The reversibility of the lithium ion insertion into V2O5 is closely linked to
the degree of lithium ion insertion. The lattice changes associated with the
phase tranformations impose volume changes than can be detrimental for
the cycle life, and irreversibly lock lithium ions into the lattice. Insertion
of the first lithium ion into the V2O5 unit cell is accompanied by two
phase transitions, i.e. α−LixV2O5 ←−→ ϵ−LixV2O5 (3.7V vs Li+/Li) and
ϵ−LixV2O5 ←−→ δ−LixV2O5 (3.5V vs Li+/Li), with a theoretical capacity
of 147mAhg−1. As is illustrated in figure 8.4, insertion of one lithium
ion into the V2O5 lattice does not modify the structure much, save some
change into the c-parameter of the lattice and puckering of the layers.
Insertion of one lithium ion into V2O5 is known to be extremely reversible
(more that 1000 cycles without significant capacity losses [235, 236]) and
display excellent kinetics thanks to the high lithium ion conductivity in
this range of insertion (10−2Ω cm−1 to 10−1Ω cm−1) [229].
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V2O5 δ-V2O5 γ-V2O5
Figure 8.4: (left) Structure of V2O5 and (middle, right) deformation upon different
degrees of lithium stoichiometry. Figure adapted from Delmas et al. [221].
Upon further lithium ion insertion into LixV2O5, a phase transforma-
tion to γ-LixV2O5 occurs at 2.4V vs Li
+/Li. This transition is accompanied
by an irreversible structural modification, as can be observed in figure
8.4. The up-up-down-down alternation of the VO4-pyramids in the lat-
tice structure is changed to an up-down-up-down alternation. A change
in electrochemical performance is caused by this structural modification,
amongst other observed in a higher cell voltage during the second lithia-
tion cycle. It has been shown that lithium ion can be inserted reversibly
into γ-LixV2O5 (0 ≤ x ≤ 2, with a theoretical capacity of 295mAhg−1),
if γ-LixV2O5 is used as a starting material [221]. However, the gradual
phase transformation from the V2O5-based structures to the γ-LixV2O5
structure, along with vanadium dissolution of the +3 and +4 soluble vana-
dium species, causes a significant capacity fade upon cycling [223].
Finally, insertion of a third lithium ion into the V2O5 host structure
occurs at 2.1V vs Li+/Li, and has a promising theoretical capacity of
442mAhg−1. However, the phase transformation into the rock-salt ω-
Li3V2O5 is irreversible and severely changes the structure. This is evident
from the discharge after the first charge, as shown in figure 8.5. Rather
than discharging according to the same step-wise profile, ω-LixV2O5 be-
haves as a solid solution, with a very wide plateau centered around 2.85V
vs Li+/Li. A large degree of irreversibility acompanies this transformation,
as lithium ion insertion into ω-LixV2O5 is only found to be reversible for
0.4 ≤ x ≤ 2.65. These significant lattice changes and large fraction of sol-
uble +3-valent vanadium in the lithiated state give the deep lithiation of
V2O5 a poor cyclability [223].
Despite the main spotlights being thoroughly fixed on V2O5, other crys-
talline vanadium oxides have also been evaluated as lithium-ion cathodes
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Figure 8.5: First cycles of a Li/V2O5 cell, showing the irreversible formation of the
ω-Li3V2O5 phase. Figure reprinted from Delmas et al. [221].
and anodes. The main focus so far has been on the orthorhombic VO2(B)
and V6O13, which will be not discussed here. More information detailing
these oxides can be found in the following references: [237–241].
8.2.1 Amorphous vanadium oxides
A class of often-forgotten electrodes are the amorphous materials, also
called ’glasses’. Rather than exhibiting a long-range order, as is the case for
the layered oxides discussed above, only short-range order exists in these
materials. This gives rise to distinctly different electrochemical properties,
such as a completely different dependence of the electrode voltage on the
state-of-charge of the compound, which can be explained nicely in the
free-energy formalism [242].
As was derived in the introduction chapter (equations 1.5-1.14), the cell
potential depends, amongst other things, on the chemical potential of the
cell components (Nernst equation). As a reminder, the chemical potential
is defined as the rate of change of a free energy of a thermodynamic
system with respect to the change in the number of atoms or molecules
of the species that are added to the system. Imagine a lithium compound
as LixMA. MA is in this case a host structure, such as V2O5 or CoO2.
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Solid solution behaviour Two-phase behaviour Several-phase behaviour
G(x) G(x)G(x)
x in LixMA x in LixMA x in LixMA
x in LixMA x in LixMA x in LixMA
Figure 8.6: Relation between the potential profiles and the Gibbs free energy of
the system. Figure adapted from Van der Ven et al. [242].
with x the stoichiometry of lithium in the host lattice. The Gibbs free en-
ergy term contains configurational contributions (entropy, -T∆S) and mix-
ing (enthalpy, ∆H) contributions, is dependant on the phase and phase
mixing of the system, which implies that the occurrence and nature of
phase transformation will translate into measurable features on the volt-
age profiles. Three generalised cases exist, and are illustrated in figure 8.6.
• Solid-solution behaviour implies that no phase transformations oc-
curs. A single minimum is found in the Gibbs free energy. This trans-
lates to a smooth sloping voltage profile as in figure 8.6 (a-b). LixTiS2
is an example of such a compound. As amorphous compounds have
no long-range order, the concept of a ’phase’ is poorly defined in a
glass, and they typically also behave in this manner.
• Two-phase behaviour is found in compounds that undergo a first-
order phase transformation from a Li poor phase, α, to a Li rich
phase, β. The free energy curve now has two distinct minima, as is
the case in figure 8.6(c). The lithium chemical potential for compo-
sitions between the two minima is constant, as the free energy of
the two-phase mixture resides on the common tangent to the free
energy wells corresponding to α and β. LixFePO4 and LixTi5O12 are
examples of electrode that exhibit this type of behaviour.
• Several phase transitions give rise to several plateaus in the elec-
trode potential. The multiple phase transitions in V2O5 for example
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give rise to 4 plateaus during the first charging cycle, corresponding
to 5 phases (see figure 8.5). This multi-phase situation is the case for
most layered vanadium oxides (see figure 8.3).
For most applications, the two-phase behaviour is preferred, as this pro-
vides little variation in the cell’s output voltage across most of the state-
of-charge range of the cell (the change in electrode potential is preferably
below 0.5V) [241, 243]. However, on-chip devices will usually require less
than the 3 to 4V provided by common electrochemical cells. Typically,
they also have built-in electronics to convert the provided potential to the
required specifications of the chip. This makes the well-defined plateau,
found in most crystalline materials, no longer a requirement for on-chip
energy storage, enabling the use of amorphous materials for these appli-
cations.
The reseach on amorphous vanadium oxide glasses lagged behind crys-
talline vanadium oxides for almost a decade, due to the difficulty in syn-
thesis of a pure V2O5 glass without glass formers like P2O5 and B2O3 from
ordinary melt quenching techniques. Machida et al. succeeded in prepar-
ing pure V2O5 glasses for the first time from rapid quenching, and found
diffusion coefficients for lithium ions 1-2 orders of magnitude higher than
for crystalline LixV2O5 [244]. This fast lithium ion diffusion in glasses is
caused by the lower density (increased free volume) and many sites for
lithium-hopping [243, 245, 246], and gives rise to higher lithium ion con-
ductivity in amorphous solid electrolytes [57, 87, 247] and better rate ca-
pabilities for amorphous electrodes [245, 248–251]. Furthermore, the lower
density and numerous ill-defined vacant sites found in glasses provide
more sites for storage of lithium-ions, translating into higher volumetric
capacity densities [246, 252]. Finally, while the channels and planes in the
crystalline layered vanadium oxides are not large enough to accommodate
larger-than-lithium ions (such as sodium ions), amorphous vanadium ox-
ides can reversibly store these ions, broadening the range of energy appli-
cations in which vanadium oxides find their use [250].
8.3 atomic layer deposition of vanadium oxides
A great variety of thin-film growth techniques including sputtering [273–
275], chemical vapour deposition [213, 276], pulsed laser deposition, elec-
tron beam evaporation, flash evaporation, solgel methods, and thermal
evaporation have been used for the depositing vanadium oxide thin films
on various substrates. A recent review on deposition processes for V2O5
films published by Beke [277] demonstrates the multitude of possible de-
position techniques available. Atomic layer deposition is a gas-phase de-
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position technique, that often inherits precursors from other gas-phase
techniques, such as chemical vapour deposition (CVD). The earliest re-
ports of CVD of vanadium oxides dates back the 1970s [278], and CVD of
vanadium oxides is well established, as is evident from the recent review
by Bahlawane & Lenoble [213]. As a consequence of the CVD research, a
range of vanadium-bearing gas-phase precursors have been developed. So
far, seven of those have made their way into atomic layer deposition. The
first report on atomic layer deposition uses the VO(OiPr)3 precursor, and
dates back to 2000 [77]. Since then, research has expanded to six different
vanadium precursors. An overview of the ALD processes can be found
in table 8.1, based on the following precursors: TEMAV, VTOP, VO(thd)2,
VO(acac)2, VOCl3 and VO(O
nPr)3.
In this work, all depositions were done using the TEMAV precursor,
based on three processes developed by Geert Rampelberg [257]. Here, the
ozone-based and water-based ALD processes were used as reported, and
the O2-plasma PE-ALD process was examined at low temperature to de-
posit amorphous V2O5 thin films.
8.4 oxidation-state tuning of thin-film vanadium oxide
As was clear from the previous chapters on manganese oxide, the elec-
trochemical properties of thin-film transition metal oxides are heavily in-
fluenced not only by the formal oxidation state of the transition metals,
but also by its crystal phase. Control of these two properties is thus essen-
tial, but often not straightforward as a consequence of the broad range of
mixed oxidation-state crystal phases, as is evident from the previous sec-
tions. In this work, the influence of the (PE-)ALD deposition process, sub-
strate, temperature and ambient on the oxidation state, crystallisation and
oxidation/reduction behaviour of thin-film vanadium oxides was studied.
8.4.1 Oxidation state tuning during ALD
Three ALD processes using the TEMAV precursor for the deposition of
vanadium oxides were examined in the course of this work: water-based
ALD, ozone-based ALD and oxygen plasma PE-ALD. The TEMAV precur-
sor has its vanadium in the +4 valence state. The simple ligand-exchange
ALD process using water maintains this oxidation state, and thus deposits
VO2. The ozone-based ALD process combusts the ligands rather than per-
forming a ligand exchange, but contrary to the manganese oxide depo-
sitions in the previous chapter, ozone also maintains the vanadium +4
oxidation state and also deposits VO2, albeit a slightly different VO2 film,

































Figure 8.7: XPS O1s and V2p spectra of the vanadium oxides deposited from the
three ALD processes using TEMAV, as well as crystallised V2O5 and VO2(B).
as will be revealed further. The oxidation state of vanadium oxides can
be determined by the shift in binding energy as was shown by Silversmit
et al. [279]. Figure 8.7 demonstrates that the thermal ALD processes in-
deed maintain the +4 oxidation state for the vanadium. Using an oxygen
plasma however, the vanadium shifts to the +5 valence state, and V2O5 is
deposited.
Interestingly, the low-temperature nature of ALD often enables the de-
position of amorphous films [199]. This empowers ALD to be used as a
tool to study thin-film model systems of high-quality amorphous com-
pounds, which are otherwise very difficult to obtain. Indeed, the two ther-
mal ALD processes deposit amorphous films, as was also reported by
Geert Rampelberg [257]. In his work, it was also reported that plasma-
enhanced ALD with the same precursor raised the oxidation state from
+4 to +5, and in most cases crystallised the films. However, low depo-
sition temperatures (below 125 ◦C) or thin films (< 100 PE-ALD cycles)
can accommodate the deposition of amorphous V2O5. Indeed, in paper
IV the low-temperature boundary of the PE-ALD temperature window
(100 ◦C) is examined and extended to 85 ◦C, for which saturated growth
is demonstrated. Here, the pulse length of the plasma turned out to have
a great influence on the order in the films. Saturated pulse times allowed
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the deposition of C-free amorphous films, while longer pulse times re-
sulted in in-situ crystallisation of the films to crystalline V2O5. The films
grown from this process are amorphous, and have vanadium in the +5 ox-
idation state (see figure 8.7). The oxidation state of the as-deposited amor-
phous films can thus be controlled by the reagent used, while maintaining
the deposition of amorphous films. In this section, crystallisation of these
films into all the vanadium oxides in the Wadsley series will be demon-
strated, with the influence of the reagent, ambient, temperature and sub-
strate. This is summarized and published in paper III: Atomic Layer De-
position Of Vanadium Oxides For Thin-film Lithium-ion Battery Applications,
which is presented as the next chapter. Finally, the simple one-precursor
method to obtain both amorphous and crystalline films in +4 (VO2) or +5
(V2O5) vanadium oxidation states, allows a systematic study of the effect
of long-range order (crystalline or amorphous) and vanadium oxidation
state (VO2 or V2O5) on the electrochemical performance of these thin-film
vanadium oxides as lithium-ion battery electrodes. This study is reported
in Paper IV: Amorphous And Crystalline Vanadium Oxides As High-Energy
And High-Power Cathodes For 3D Thin-Film Lithium-Ion Batteries, and briefly
summarized below (section 8.6).
8.4.2 Oxidation state tuning by post-ALD annealing
Both thermal ALD processes can deposit amorphous VO2 from the TEMAV
precursor. Crystallisation of these films is monitored using in-situ XRD, as
is shown in figure 9.4 of the next chapter for the SiO2 substrate. Four
parameters were varied for this crystallisation: as-deposited film, temper-
ature, ambient and substrate. The crystallisation and phase formation of
these thin-film vanadium oxides is summarized on phase-formation dia-
grams in figure 8.8. Their respective influences are discussed in-depth in
paper III, but the conclusions are summarised here:
• As-deposited film. Both thermal ALD processes deposit amorphous
VO2 with the vanadium in the +4 state. However, it was found that
the films deposited using the H2O ALD process are more dense
compared to the films deposited using the O3 ALD process. This
influences the initial crystallisation in VO2. Crystalline VO2 exists
in two phases; the low-density orthorhombic phase labelled VO2(B),
belonging to the Wadsley series, and the higher density cubic struc-
tures labelled VO2(M1) or VO2(R), which are related to each other by
a semiconductor-to-metal transition, and belong to the Mangéli se-
ries. Figure 8.8 shows that amorphous low-density VO2, deposited
by the O3 process, crystallises into the low-density VO2(B) phase,
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8.4 Oxidation-state tuning of thin-film vanadium oxide 151
while the amorphous high-density VO2, deposited by the H2O pro-
cess, crystallises into the high-density cubic VO2(R) phase. Further-
more, crystallisation to higher oxidation states happens faster for the
O3-deposited films, which could be related to either better oxygen
diffusion through the lower-density films or incorporation of addi-
tional oxygen into the films due to a higher oxidant being used to
deposit them.
• Nature of the substrate. A distinctively different phase-formation is
observed on the three different substrates examined here: SiO2, TiN
and TiN/Pt. First, the phase-formation is much richer on the SiO2
substrate than on the TiN or Pt substrates. Furthermore, oxidation
of the vanadium to higher oxides occurs at lower temperatures on
the SiO2 substrate. This is caused by the presence of TiN in the other
two substrates. TiN itself can be oxidized to TiO2, which is also ob-
served from the presence of TiO2 rutile diffraction peaks in the XRD
scans. the TiN substrate can thus act as an oxygen drain, even be-
fore the actual crystallisation to TiO2 occurs. The Pt-substrate is an
intermediate case, as TiN is buried beneath the 80 nm Pt layer: it can
thus be regarded as a delayed oxygen drain, as oxygen can diffuse
through the Pt layer to oxidize the TiN below.
• Ambient. The influence of the oxygen partial pressure in the anneal-
ing ambient is the most straightforward to interpret. From low to
high oxygen partial pressure, we see that phases emerge and dis-
appear in the order of increasing oxidation state: VO2-V6O13-V4O9-
V3O7-V2O5 with respective average oxidation states for the V of
4− 4.33− 4.5− 4.67− 5.
• Temperature. Intuitively, one might expect thermodynamic argu-
ments to determine the influence of temperature on the phase for-
mation. However, the influence of temperature is not unilaterally
explained solely by thermodynamic stability of the vanadium oxide
phases. The diagrams in figure 8.8 are not thermodynamic phase
diagrams, but rather phase formation diagrams. This implies they
do not represent long-therm experiments on every temperature, but
instead the sequence in which phases are formed and transformed
at a certain linear ramp rate. As these phase formation diagrams are
a dynamical representation of what happens during a ramp anneal
at 0.25 ◦Cs−1, phase formation kinetics complicate the influence of
temperature. However, it is still clear that in general with increas-
ing temperature the average oxidation state rises to higher values,
showing high-temperature stability for the higher oxides.
























































Figure 8.9: Cyclic voltammetry on the selected vanadium oxide thin films, per-
formed at 10mVs−1 in a 3-electrode setup with lithium as counter and reference
electrodes, and 1M LiClO4 in PC as electrolyte. Potential ranges were chosen ac-
cording to the respective electrochemical activity window for each phase.
8.5 layered vanadium oxides as thin-film electrodes
The phase formation diagrams in figure 8.8 demonstrate that it is feasi-
ble to obtain every phase in the Wadsley series of vanadium oxide, start-
ing from amorphous ALD-deposited thin-film vanadium oxides. Based on
this information, an attempt was made to procure a phase-pure film of ev-
ery phase, i.e. VO2(B), VO2 (M1), V6O13, V4O9, V3O7 and V2O5. The in-situ
XRD figures in the supplementary information of paper III demonstrate
that the phases formed during the phase formation could be quenched
successfully, save for the V3O7, which contained a small fraction of V2O5.
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Potential Capacity Kinetics Cyclability
(V vs Li+/Li) (mAh cm−3)
VO2 (B) 1.5-4.0 805 75% +
V6O13 1.5-4.0 894 75% -
V4O9 1.5-4.0 1380 78% -
V3O7 1.5-4.0 1255 49% -
V2O5 (1 Li) 2.9-3.5 488 93% +
V2O5 (2 Li) 2.9-3.5 1010 86% -
V2O5 (3 Li) 1.5-4.0 810 78% - -
Table 8.2: Summary of the electrochemical performance of the evaluated crys-
talline thin-film vanadium oxide thin films in the Wadsley series. The capacity
at 1C is determined from extrapolation of the capacity at various C-rates to a C-
rate of 1C. Kinetics were evaluated as the drop off from 1C to 10C. Cyclability was
tested over 50 cycles at 2C
All these phases were tested electrochemically as lithium-ion insertion
electrodes, as demonstrated in figure 8.9.
8.5.0.1 Crystalline vanadium oxides
It was found that all layered vanadium oxides, i.e. the vanadium oxides
in the Wadsley series (VO2(B), V6O13, V4O9, V3O7 and V2O5), were able
to reversibly store lithium ions. The cyclic voltammograms in figure 8.9
also show some activity for VO2 (M1), which is a phase from the Magnéli
series, but further electrochemical testing revealed a very low capacity for
this phase. As explained in section 8.2, lithium ion storage is possible in
the layered oxides thanks to their low density and open channels (VO2)
or planes (VnO2n+1 with n = 6, 4, 3, 2). The cubic VO2(M1) has a higher
density, i.e. 4.031 g cm−3 and 4.67 g cm−3 for VO2(B) and VO2(M1), respec-
tively. The higher density translates into a lower availability of lithium ion
storage sites, and thus a lower capacity.
The crystalline vanadium oxides in theWadsley series all display lithium
ion intercalation characteristics. They are discussed in some more detail
in paper III and in the master thesis of Kobe Geryl [280]. 10 cyclic voltam-
metry sweeps were performed prior to the kinetics tests to ensure initial-
cycling behaviour did not influence the capacity evaluations. Kinetics were
tested by applying a range of currents, corresponding to C-rates in the
range of 0.5-200C. The cyclability was evaluated on fresh films by charg-
ing and discharging 50 times at a current corresponding to ∼2C. Their
electrochemical properties are summarized in table 8.2.
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Figure 8.10: Cyclic voltammetry of the as-deposited amorphous VO2 films from
the water process (left) and the ozone process (right), performed at 10mVs−1.
From a kinetics and cyclability point of view, insertion of one lithium
ion into V2O5 provides the best thin-film electrode. Almost 100% of its
capacity can be retained after 50 charge-discharge cycles, and excellent
kinetics are observed. However, the capacity of this storage mode is very
limited: 488mAh cm−3 at 1C. Deeper lithiation of V2O5 increases the stor-
age capacity, but is detrimental for the kinetics and cyclability of the thin-
film electrodes. The capacity of V2O5 is little more than half of VO2(B)
(805mAh cm−3 at 1C), and a third of V4O9 (1380mAh cm−3 at 1C). The
latter also displays good charge-discharge kinetics, but cyclability can still
be improved significantly. Severe side reactions, likely related to dissolu-
tion of low-valent vanadium into the liquid electrolyte, should be tackled
before this material could be considered a candidate electrode. VO2(B)
however has an excellent capacity retention over the 50 charge-discharge
cycles examined. Despite the lower kinetic capacity retention (75%, com-
pared to 93% for V2O5), the higher capacity of VO2(B) enables it to store
more charge up to 100C, compared to insertion of one lithium ion into
V2O5.
8.5.0.2 Amorphous VO2
As was mentioned above, VO2(B) shows promising battery characteristics,
while VO2(M1) is almost incapable of storing lithium ions. Interestingly,
this behaviour is already visible in the amorphous films. The water-grown
As a point of reference for the reader; note that the reversible capacity of LiCoO2
is about ∼550mAh cm−3, and that of commercial high-capacity cathodes such as
LiNi0.8Co0.15Al0.05O2 only ∼700mAh cm−3[16]. All vanadium oxides here, save V2O5, easily
surpass those values.
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and ozone-grown as-deposited films, i.e. amorphous vanadium dioxide,
also have a different density, which translates into their formation into
VO2(R) (which settles to VO2(M1) upon cooldown) and VO2(B), respec-
tively, as explained in the previous section. The poor capacity for the
VO2(M1) phase crystallised from the water-grown amorphous VO2 is al-
ready clearly visible when comparing the electrochemical performance of
both amorphous films in figure 8.10. The flat CV-profile reveals a far lower
capacity for the water-grown film than for the ozone-grown films, while
they are of comparable thickness (∼20 nm).
A second remarkable observation that can be made from figure 8.10
is the presence of a peak in the cyclic voltammogram during the first
cycle. As was explained above, a peak in the cyclic voltamogram (or a
plateau on the voltage profile) is a signature of two minima in the Gibbs
free energy, i.e. an abrupt phase transformation occurring at critical poten-
tials (potentiostatic measurements) or state-of-charge (galvanostatic mea-
surements), as can be seen for crystalline VO2(B) on figure 8.9. However,
amorphous compounds do not display long-range order, and typically
a solid-solution behaviour is expected during their lithiation, translating
into a sloped potential profile or a ’blob-like’ cyclic voltammogram. The
ozone-grown amorphous films however display a clear critical potential
during the first lithiation in figure 8.10, that is furthermore remarkably
similar to the peak potential of its crystallised form, VO2(B), in figure
8.9. Despite the absence of observable crystallinity using X-ray diffraction,
the O3-grown amorphous VO2 appears to be ’primed’ into a state closely
resembling VO2(B). In the next section and in paper IV, they are bench-
marked in more depth.
8.6 benchmarking (pe-)ald thin-film vanadium oxides
In the previous section, it was established that all vanadium oxides in the
Wadsley series can intercalate lithium ions reversibly (to a certain extent).
Crystalline VO2(B) and V2O5 are the valence-pure end members of this
series. In section 8.4, it was shown that these two vanadium oxides can
also be established in their amorphous forms, a-VO2 from O3-based ALD
process and a-V2O5 from a low-temperature variation on the O2-plasma
ALD process. The possibility to deposit both amorphous and crystalline
film of both +4- and +5-valent vanadium oxides enables us to do a more
in-depth study on the effect of (dis)order and valence on the performance
Amorphous VO2 can also be grown from H2O-based ALD, but cannot be used for lithium
ion storage.
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Figure 8.11: Summary of the electrochemical performance properties of the ex-
amined thin-film vanadium oxide cathodes. The size of the circles indicates the
power capability according to the scale displayed in the inset, representing the
kinetic capacity retention from 1C to 100C.
of the thin-film electrodes, and compare the results to some reported ALD-
derived vanadium oxide electrodes.
8.6.1 ALD vanadium oxides in this work
The capacity, kinetics and cyclability of these four cases were evaluated
as was done for the crystalline vanadium oxides in the previous section.
As the depth-of-charge is a critical parameter in the electrochemical per-
formance of V2O5, crystalline and amorphous V2O5 were evaluated up to
several lower limits. The detailed characterisation can be found in paper IV.
Figure 8.11 provides a summary graph of their reversible capacities, their
kinetic performance and their capacity retention upon prolonged charge-
discharging. Several conclusion can be drawn from this evaluation.
• VO2 has a higher volumetric capacity than V2O5, both for the amor-
phous and the crystalline case. The highest capacity found was for
a-VO2, and was almost 1.4Ah cm−3. This is related to the lower den-
sities of the lower oxides. Gravimetrically, the capacities are much
closer together, but since the vanadium oxides are envisioned for
thin-film electrodes here, the volumetric capacity density is the rele-
vant parameter. One has to take into account that the lower oxidation
state of the +4-valent oxides also implies a lower electrode potential
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(caused by a higher electrochemical potential), so the difference in
energy density will also not be as explicit as the difference in volu-
metric capacity density.
• Generally, the capacity of the amorphous compound is higher than
for their crystalline counterparts. This is related to the lower den-
sity and numerous ill-defined vacant sites found in an amorphous
compound, that can provide more sites for storage of lithium-ions.
• The kinetics of the amorphous vanadium oxides outperform their
crystalline counterparts in the same potential range. While most
crystalline films have a kinetic loss of almost 40% from 1C to 100C,
the drop-off for amorphous films is closer to 20%. This better perfor-
mance is related to a diffusion coefficient that is quasi-independent
of the state-of-charge, and thus higher than for the crystalline mate-
rials in the lithiated state.
• All examined vanadium oxides display better cycling behaviour than
deep lithiation of crystalline V2O5. Especially, discharging of amor-
phous V2O5 to 2V vs Li
+/Li retains 90% of its initial capacity after
50 charge-discharge cycles, and the loss is very gradual, making it an
interesting candidate. Crystalline VO2(B) even increases in capacity
after 50 cycles, which is likely related to gradual increase in electrode
kinetics.
8.6.2 Comparing ALD vanadium oxides electrodes to reported literature
Figure 8.12 compares the rate capability and capacity of several of the
above discussed ALD and ALD-derived vanadium oxides thin-film elec-
trodes from this work, to some reported ALD and ALD-derived vanadium
oxides thin-film electrodes. The bottom part of the graph contains V2O5
in its crystalline form with insertion up to LiV2O5, due to the low capacity
of that storage mode. The reported capacities of the films are comparable
at low C-rates to the capacity of the films in this work, as expected. How-
ever, it can be sees that the capacity retention of the c-V2O5 in this work
outperforms the reported values, which could be related to its thin nature.
Secondly, Le Van reported the deposition of an amorphous V2O5 film
with V4+ surfaces. This is thus a case in between amorphous V2O5 and
amorphous VO2, which are reported here. Indeed, the low C-rate capacity
of the film reported by Le Van can be found between the values of a-VO2
and a-V2O5 in this work. The kinetics are much poorer however, which is
caused by a thicker film used in the work of Le Van (∼200 nm) compared
to the work here (30 nm to 40 nm).






























Figure 8.12: Comparing the kinetics of a-VO2, a-V2O5 (1.5V vs Li
+/Li) and c-
V2O5 in the single lithium insertion region from this work to some reported ALD-
derived vanadium oxides [235, 261, 267].
8.7 conformal vanadium oxides as 3d thin-film electrodes
Finally, 3D thin-film electrodes were grown on a silicon scaffold. A silicon
wafer was Bosch-etched to obtain silicon pillars with a diameter of 2 µm
on a cubic lattice, with an center-to-center pillar spacing of 4 µm. The etch
was continued until the pillars were 50 µm high. As a current collector,
the pillars were coated with ALD TiN and ALD Pt. The ALD exposure
doses were increased by sealing the pumps from the ALD chamber during
precursor pulses, allowing ∼20 times higher pressures. For the O2 PE-
ALD process, it was found that raising the plasma exposure resulted in
crystallisation of the films into crystalline V2O5. Thus, it was not possible
to deposit conformal amorphous V2O5 on the pillar structures.
40 nm ALD films of a-VO2 were deposited on the silicon micropillar
structures. A 40 nm film of c-V2O5 and c-VO2 (B) was obtained by de-
positing an a-VO2 film and crystallizing the films as was discussed in
section 8.4. The conformality was examined used SEM/EDX, as shown in
figure 8.13. Line scans were made at equidistant spacings between the top
and the bottom of the pillars. The detected vanadium content was inde-
pendent of the position within the pillar substrates, indicating a uniform
thickness of ALD vanadium oxide along the pillar walls.
Finally, these electrodes were also evaluated electrochemically. The real
strength of atomic layer deposition for LIB electrodes emerges when thin
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Figure 8.13: (a) Cross-sectional SEM image of the silicon micro pillar substrate
used. EDX profiles resulting from line scans at equidistant lines between the top
and bottom of 40 nm c-V2O5 film deposited on the bare Si micro pillar substrate,
resulting from crystallizing a deposited a-VO2 film (b) and a 40 nm a-VO2 film
deposited on the current collector-coated Si micro pillar substrate (c). The current
collector is responsible for the presence of titanium and platinum characteristic
X-rays.
films are able to be coated conformally on complex 3D substrates. This en-
hances the energy per footprint area by a factor of surface enhancement,
while maintaining the excellent thin-film kinetics compared to the same
energy electrodes in thicker films. In theory, the kinetics of the electrodes
on the planar substrates should translate into the same kinetics on the
surface-enhanced electrodes, since the current density and lithium ion dif-
fusion is the same for both cases. The capacity per footprint area should
be enhanced by a factor of surface enhancement of the substrate. The sur-
face enhancement for this silicon micropillar substrate is 20.6 times that of
the planar substrate.
Figure 8.14 shows the capacities of the planar electrodes and the 3D
electrodes at various current densities, corresponding to C-rates between
0.1 C and 200 C. The capacities are indeed enhanced by deposition on the
pillar substrates, and are even higher than the 20.6-factor expected from
the 3D-structured substrate. The higher-exposure condition at which these
films were grown could have resulted in slightly thicker films. The excel-
lent thin-film kinetics observed for the planar electrodes is maintained
when these are coated on the micro pillars, demonstrating the power of a
conformal deposition technique in combination with micro- or nanostruc-
turing of the electrodes. Compared to the benchmark crystalline V2O5, a
3.1-fold and 2.5-fold higher capacity is observed for the same thickness of
amorphous VO2 and crystalline VO2(B) respectively, allowing either thin-
ner films to obtain the same capacity, or a higher device storage with the
same film thickness.

































Figure 8.14: Illustration of the capacity enhancement from planar to micropillar
electrodes, without loss of kinetics. Electrodes are constituted of 40 nm a-VO2 (red),
c-VO2 (B) (blue) and c-V2O5 (black) films deposited on a planar Pt current collector
(solid symbols) or on Pt-coated silicon micropillars (hollow symbols).
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abstract
Amorphous VO2 thin films are deposited by atomic layer deposition (ALD)
using tetrakis [ethylmethylamino] vanadium (TEMAV) as vanadium pre-
cursor and water or ozone as oxygen source. The crystallisation and ox-
idation behaviour is investigated for different oxygen partial pressures
between ambient air and 3.7 Pa, resulting in phase formation diagrams
on SiO2, TiN and Pt substrates demonstrating a series of stable vanadium
oxide phases in the VO2-V2O5 series. Most of the obtained phases exhibit
lithium intercalation behaviour in the 1.5-4.5V vs Li+/Li potential range,
and demonstrate high volumetric capacities in the order of V2O5<VO2
(B)<V6O13<V3O7<V4O9, with the latter at more than twice the capacity
of the best commercial cathode materials.
introduction
The development of an ’internet of things’ requires both wireless sensor
networks and autonomous micro systems [59, 60]. While the electronics,
sensors and wireless communication systems abide Moore’s law, the en-
ergy storage devices lag behind [3, 59]. To advance from traditional sec-
ondary batteries to energy storage systems tuned for these micro-devices,
all-solid state thin-film batteries can provide the answer [54]. While the
lack of liquid component in an all-solid state battery provides a huge
advancement in battery safety and bio-compatibility [281], the thin-film
approach provides integrability to on-chip devices as well as improved
charge-discharge kinetics.
Due to the transition metal nature of vanadium oxides and the high
number of vanadium-oxygen ratio compositions, vanadium oxides are
heavily investigated materials for applications such as catalysis [210], op-
tical switching [99] and thin-film batteries [218–227]. Although V2O5 and
VO2(B) are the most investigated cathode materials in lithium ion battery
research [218–227], all vanadium oxides in the Wadsley series (VnO2n+1)
are related to one another [282] and show promising electrochemical prop-
erties [219, 241]. Even though vanadium oxides have a high theoretical
energy density, they suffer from poor charge-discharge kinetics due to
their moderate electronic conductivity and intrinsically low ionic diffu-
sion [283].
By going from a typical thin-film battery (1 µm to 10 µm thick elec-
trodes) to truly thin-film electrodes (10 nm to 100 nm), the resistance for
electronic current drops orders of magnitude, and interface intercalation
dominates over the bulk diffusion [284]. However, the thin-film nature
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of these batteries inherently leads to a low energy density. This problem
can be overcome by depositing these thin-films on complex battery archi-
tectures leading to significant enhancements in effective surface area and
thus in energy density per footprint area [28, 64, 80, 186, 187]. Many depo-
sition techniques have been used to deposit a variety of vanadium oxides
such as PVD [285, 286], sol-gel [286] and CVD [213], however, only few
techniques have the high step-coverage of atomic layer deposition (ALD)
required to coat the high-aspect-ratio structures required in 3D thin-film
batteries [95]. Several ALD processes exist for vanadium oxides [77, 94, 98,
99, 253, 254, 270, 272].
In this work, we will investigate the formation of vanadium oxide thin
films in the VO2-V2O5 series, based on the atomic layer deposition of
amorphous VO2. We will show that we can obtain all vanadium oxide
phases in the series by changing the post-deposition annealing conditions,
and demonstrate electrochemical activity of different phases.
experimental
The vanadium oxides were grown in an experimental high-vacuum ALD
setup with a base pressure of 10−7mbar with walls heated at 95 ◦C [93–95].
The ALD process used here was characterised earlier by Rampelberg et al
[98, 99, 253, 254, 287], and is based on tetrakis[ethylmethylamino]vanadium
(V(NC2H5CH3)4, or TEMAV) in combination with H2O and ozone. The
precursor was held in a stainless steel container at 70 ◦C with argon as a
carrier gas. TEMAV and argon were pulsed at a pressure of 6× 10−3mbar.
As reactant gases H2O and O3 were applied, pulsed at 7.5× 10−3mbar
and 2× 10−1mbar respectively. The ozone was produced with an Ozone-
LabTM generator from a pure O2 gas flow, resulting in a minimal con-
centration of 150 µgml−1. In between pulses, reaction products and re-
maining precursor or reactant gas were evacuated using a turbomolecular
pump to a pressure of <2.0× 10−6mbar. The films were grown on silicon
substrates covered with 100 nm thermal SiO2, 60 nm PVD TiN and 80 nm
PVD Pt. Two thermal ALD processes were used here: the TEMAV-H2O
process and the TEMAV-O3 process. To ensure similar conditions both pro-
cesses were performed at a substrate temperature of 150 ◦C with saturated
process parameters, as determined by earlier experiments [98, 99]. Pulse
times for the TEMAV precursor were 5 s and 4 s in the water and ozone
processes. Water and ozone pulse times were 5 s on the SiO2 substrate. The
Pt substrate influenced the growth, as was also reported by Premkumar
et al. [254], so higher ozone pulse times (8 s) were required to ensure uni-
form films. The growth rate for the water process was 0.67Å/cycle. The
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growth rate for the ozone process was 1.05Å/cycle, a higher value than
reported by Rampelberg et al. [99], but still lower than the reported value
by Premkumar et al. [254].
X-ray techniques were used to determine film thickness (X-ray reflectiv-
ity or XRR), crystallinity (X-ray diffraction or XRD) and film composition
and oxidation state (X-ray photo-electron spectroscopy or XPS). XRR and
XRD were performed in a Bruker D8 Discover using a copper X-ray source
(Cu Kα radiation at 0.154 nm) and a point detector (for XRR) or a linear
detector (for XRD). To determine the film crystallinity during annealing in
a controlled ambient, in-situ XRD was performed using a linear detector
and a controlled ambient/temperature system. XPS was performed using
Al Kα radiation (0.834 nm) under a take-off angle of 45° in a high-vacuum
chamber (2× 10−9mbar). A resolution of 0.108 eV was obtained.
The filmmorphology was probed using a Bruker Dimension Edge atomic
force microscope (AFM) and film rms roughnesses were determined from
1µm× 1 µm AFM images.
Electrochemical measurements were performed in an Ar-filled glove
box (O2 <1 ppm, H2O <1 ppm) with a Metrohm Autolab PGSTAT302
connected to a three-electrode setup. Electrical contact to the TiN or Pt
current collector was mady by contacting the side of the sample with sil-
ver paste to a Cu foil. Lithium ribbon (99.9% , Sigma Aldrich) was used as
counter- and reference electrodes, and 1M LiClO4 in propylene carbonate
(99%, io-li-tec) was used as Li+ electrolyte solution. Cyclic voltammetry
(CV) measurements were performed at a 10mVs−1 sweep rate between
1.5 and 4.5V vs Li+/Li, or relevant potential boundaries. Galvanostatic
charge-discharge measurements were performed to examine the capacity
and thin film kinetics at varying current densities.
results and discussion
VOx thin film deposition by thermal ALD
First, the properties of the as-deposited amorphous films were investi-
gated. The rms roughness of the as-deposited films on a Pt substrate, as
measured by AFM, was 1.95 and 1.77nm for the H2O- and O3-based films,
respectively. The Pt substrate was also measured, and showed a rough-
ness of 1.75nm, so the deposition of a 10nm film on the substrate barely
increases the roughness, indicating smooth films. The surface morphology
was investigated using SEM, and images are shown in figure 9.1 for both





Figure 9.1: Morphology of the as-deposited VOx films on the Pt substrate as mea-
sured by SEM, showing the H2O-based (left) and O3-based (right) ALD films.
for both processes. These results imply that the choice of process barely
influences the as-deposited film morphology and topology.
Next, the film composition was investigated using XPS. Since vanadium
oxides are reported to be very sensitive to the preferential sputtering of
oxygen during depth profiling with XPS, only the surface spectra are eval-
uated to determine the composition and the oxidation state [279]. The
measured spectra were calibrated to the O1s signals at 530.0 eV, since cal-
ibrating using the C1s peak is not ideal for vanadium oxides [288]. As
the V2p core level binding energy depends strongly on its oxidation state
[99, 279], fitting can be used to determine the oxidation state of the as-
deposited films. Furthermore, the separation of the V2p3/2 peak from the
O1s VOx-component at 530.0 eV was also used to compare the two as-
deposited ALD films [279]. Figure 9.2 shows the results of this analysis,
alongside a V2O5 reference, using the reported binding energies for the
V2p components: 515.8eV and 523.2eV for the V2p3/2 and V2p1/2, and
517.2eV and 524.5eV for the V2p3/2 and V2p1/2 for the V4+ and V5+ com-
ponents, respectively. Both as-deposited films clearly have vanadium in
the 4+ oxidation state.
Even though the morphology and oxidation state of the as-deposited
films are shown to be quite similar, a difference in film density was found
by evaluating the V XRF counts, normalised to the Si-substrate XRF counts
to account for surface and distance factors. When these values are com-
pared to the film thicknesses measured by XRR, it is clear from figure
9.3 that there is more vanadium per unit thickness in the H2O-deposited
films than in the O3-deposited film, a direct proof that the films grown
by utilizing the water process are denser when compared to those grown
from the ozone process, as is consistent with XRR and XRF measurements
performed in earlier work.

































Figure 9.2: XPS spectra for the VOx film surface: (a) a crystalline V2O5 reference
film, (b) as-deposited film using the water-based ALD process and (c) as-deposited
film using the ozone-based ALD process. The binding energies are referenced to
O1s calibrated at 530.0eV [288].
VOx crystallisation and oxidation state control for 2 ≤ x ≤ 2.5
The as-deposited films using the TEMAV ALD processes are found to be
amorphous by XRD with vanadium in a 4+ oxidation state. By post-ALD
annealing in ambients with carefully controlled oxygen partial pressures,
vanadium oxides in the VnO2n+1 series could be reached. The crystalli-
sation was monitored using in-situ XRD and the oxidation states were
in accordance to the crystal state, as was confirmed by XPS on selected
quenches (not shown here). Ex-situ XRD on selected quenches confirmed
the crystal states at intermediate temperatures. The crystallisation of the
thin films was investigated on three substrates: SiO2, Pt and TiN.
First, we will discuss the results on the SiO2 substrate. The systematic
study of the crystallisation behaviour of the ALD VOx on the SiO2 sub-
strate is presented in figures 9.4(a) and 9.4(b) for the H2O- and O3-ALD
deposited films, respectively. As an example, the phase evolution of the
ozone-grown film during annealing in a 3.7 Pa oxygen partial pressure is
discussed here (top section of figure 9.4(b)). One can observe that the film
is initially amorphous by the lack of diffraction peaks. When heating in
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Figure 9.3: Relation between the XRF vanadium counts (normalised to the Si sig-
nal) and the measured film thickness (XRR) for different film thicknesses for both
processes. The higher values for the H2O-based ALD films indicate a higher VOx
density for these films. The dashed lines are a guide to the eye to illustrate this.
a controlled ambient, the film crystallises into VO2 (B) just above 400 ◦C,
and finally oxidizes between 500 ◦C and 600 ◦C to V6O13.
The results of the in-situ XRD measurements are summarized in ’phase
formation diagrams’, as shown in figure 9.5 for the crystallisation and
oxidation on a SiO2 substrate. These should not be interpreted as thermo-
dynamic phase diagrams, since no constant-temperature steps were made
to allow film stabilisation to the equilibrium state, but as phase formation
diagrams displaying the kinetic path the films go through while being
heated at 0.25 ◦Cs−1 in the ambients under study (He with oxygen partial
pressure of 3.7, 7.4, 14.8, 29.6 and 48.1Pa, and ambient air).
The in-situ XRD data provides a wealth of information on the often
quite complex phase formation sequence. On SiO2 substrates, phase-pure
regions were only observed for the VO2, V6O13 and V2O5 phases. A clear
trend emerges when examining the influence of the oxygen partial pres-
sure. When going through both formation diagrams in figure 9.5 from low
to high oxygen partial pressure, we see that phases emerge and disappear
in the order of increasing oxidation state: VO2-V6O13-V4O9-V3O7-V2O5
with respective average oxidation states for the V of 4− 4.33− 4.5− 4.67−
5. The influence of the temperature is more complex since the phases have
no time to settle to an equilibrium state at each temperature, so thin-film
kinetics will complicate this behaviour. However, we can see that in gen-
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(a) H2O ALD (b) O3 ALD
Figure 9.4: Crystallisation of the as-deposited VOx thin films on the SiO2 substrate,
as studied by in-situ XRD in varying oxygen partial pressure at a heating rate of
0.25 ◦Cs−1. Symbols indicate VOx crystal states (2 ≤ x ≤ 2.5), as shown in the
legend (top left).
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eral with increasing temperature the average oxidation state rises to higher
values, showing high-temperature stability for the higher oxides.
Futhermore, we can see the remarkable influence of the as-deposited
film on the initial crystallisation of the amorphous layers. Since all param-
eters are equal except for the ALD process gas during the ALD process
(ozone or water), this translates to an influence of the latter on the initial
crystallisation. The ozone-based ALD crystallizes into the VO2(B)-phase,
while the water-based process crystallizes into the high-temperature stable
(>68 ◦C) VO2(R)-state (which settles to the VO2(M1) state when quenched
in that phase). Both these phases are based on a bcc lattice with vanadium
on the octahedral sites. The difference lies in the mutual orientation of the
fourfold axis of the oxygen octahedra, being aligned or perpendicular for
the VO2(B) and VO2(R), respectively [289]. This translates into a difference
in structure as well as in density: VO2(R) has a higher density (4.67 g cm−3)
than VO2(B) (4.03 g cm−3) [289]. Earlier, we showed that the water-based
process grows a higher density amorphous VOx layer than the ozone pro-
cess. The high density amorphous layer deposited using the H2O-based
ALD proces crystallizes into the high density VO2 (R) phase, while the
lower density amorphous layer deposited using the ozone process crys-
tallizes initially into the lower density VO2 (B) phase. So, by choice of
ALD process, we can choose to crystallise the film to either the VO2(B) or
VO2(M1) phase for electrochemical testing.
We hypothesize that the use of ozone in the ALD process also has an
influence on the oxidation behaviour. Even though XPS shows that these
films have the same oxidation state for the vanadium (4+), we observe
a lower temperature for the introduction of higher oxidation state vana-
dium oxides for the ozone grown films. For the lowest oxygen partial pres-
sure we obtain phase-pure VO2 for both films. For higher oxygen partial
pressures, we see the presence of V4O9 upon crystallisation of the ozone
grown films, having a higher oxidation state. For the water-grown films
this was not the case, and we could obtain phase-pure VO2 for all oxy-
gen partial pressures examined (except for air), before further oxidation
occurred. Even though the oxidation state is the same, a stronger oxidant
is used during the ozone-based ALD process, which could incorporate
more oxygen into the films. Another hypothesis is based on the fact that
the films are less dense when using the ozone process. This could allow
faster oxygen diffusion into these films, enhancing the oxidation kinetics
during post-ALD annealing.
The crystallisation of the films on the Pt and TiN substrates was exam-
ined next, since a current collector is required to test the vanadium oxides
as LIB electrode materials. The results are shown in figure 9.6. Similar

















































Figure 9.5: Phase formation diagrams for the formation of crystalline VOx phases
(2 ≤ x ≤ 2.5), based on the isXRD measurements (figure 9.4) at 0.25 ◦Cs−1 for
He ambients with oxygen partial pressures of 3.7, 7.4, 14.8, 29.6 and 48.1Pa, and in
ambient air. The same set of symbols is used as in figure 9.4 except for the extrema,
namely VO2 and V2O5 states, since these dominate the phase formation diagrams
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Phase ALD Ambient Temperature (◦C)
reactant
VO2 (B) O3 He + 3.7 Pa O2 420
VO2 (M1) H2O He + 18Pa O2 450
V6O13 O3 He + 3.7 Pa O2 550
V4O9 H2O Ambient air 356
V3O7 O3 He + 48Pa O2 560
V2O5 H2O or O3 Ambient air 500
Table 9.1: Conversion paths from the as-deposited films to their crystallised and
oxidized forms, on the Pt-substrate.
trends were observed, with again formation of the VO2(B) or VO2(M1)
as first phases for the ozone and water-based ALD, respectively, and the
V2O5 phase occurring at high-temperature and/or high oxygen ambients.
However, one can note two main differences when comparing these phase
formation diagrams to those on SiO2. Firstly, the SiO2 formation diagrams
are much richer in phase zones than their counterparts on Pt and TiN.
Furthermore, we observed that on SiO2 the transformation to higher oxi-
dation state vanadium oxides happens at lower temperatures than on the
other investigated substrates. In the case of a TiN substrate, the vanadium
oxide phases with the highest oxidation states appear at the highest tem-
peratures, or not at all, when compared to SiO2 and Pt. The Pt case lies
in between both other cases. Here, we see the influence of the TiN in the
substrate. We hypothesise that the TiN-substrate acts as an oxygen drain,
extracting oxygen from the film, and thus preventing further oxidation of
the vanadium oxides, as was also observed by the presence of TiO2 rutile
diffraction peaks in the XRD scans taken after the oxidation experiments.
The SiO2 is completely oxidized already, so it does not act as an oxygen
drain, lowering the oxygen pressure and temperatures required to oxidise
the vanadium oxides. The Pt substrate has a TiN layer underneath. Since
oxygen can diffuse through the Pt layer, the underlying TiN can still get
oxidized, as was confirmed by XRD. However, this oxidation is delayed
by the presence of the Pt layer. This causes both observed differences: the
phase-richness in the formation diagrams likely also occurs for TiN or
Pt substrates, but at higher oxygen partial pressures than examined here,
when the supply of oxygen is higher than the harvesting effect of the TiN.
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Electrochemical characterisation of the possible VOx phases (2 ≤ x ≤ 2.5)
All of the obtained crystalline vanadium oxides (VO2 (B), VO2 (M1), V6O13,
V4O9, V3O7 and V2O5) were tested as LIB electrodes on Pt substrates.
Film crystallisation was monitored by in-situ XRD to ensure correspond-
ing phase formations and oxidations (supplementary information, figures
10.1 to 10.6), and summarised in table 9.1. Only V3O7 was not obtainable
in a phase-pure form on the Pt substrate, but the oxidation path indicated
in table 9.1 shows only a small fraction of the V3O7 film crystallised to
V2O5, as was confirmed by XRD and XPS. This makes the V3O7 almost
phase-pure, and will be denoted further just as V3O7. The path to V6O13
does not match the phase formation diagram, since phase-pure V6O13 was
obtained by performing a ramp slower than the one used for the formation
diagrams. Cyclic voltammetry at 10mVs−1 was performed down to 1.5V
vs Li+/Li to examine the electrochemical intercalation behaviour of the
different vanadium oxides. As can be seen in figure 9.7, all phases show
a clear lithiation and delithiation behaviour. However, even though the
VO2 (M1) appeared to show activity, initial galvanostatic charge-discharge
tests showed only very low electrochemical storage capacity. Furthermore,
some peaks of the cyclic voltammogram appear closely related to the elec-
trochemical activity of the Pt substrate, as shown in supplementary (figure
10.7). Due to the absence of storage of lithium into these films, VO2 (M1)
was not examined in-depth further. All other films showed a clear lithium
insertion/extraction behaviour, indicating lithium can be stored in these
films reversibly.
Galvanostatic charging and discharging was performed on the films to
determine the available storage capacity and compare it to V2O5, which is
the most investigated form of vanadium oxide and is generally considered
to be the most promising phase. The films were cycled at varying current
densities between 0.1C and 100C, and the capacity was extrapolated to the
1C capacity to allow direct comparison between the different VOx phases,
as shown in figure 9.8. Extrapolation was performed by fitting a linear
relation to the logarithm of the capacity plotted to the logarithm of the
C-rate, which provided fits with R2 > 0.98, demonstrating the validity
of this approach. Table 9.2 summarizes the extrapolated capacities at 1C.
Both table 9.2 and figure 9.8 clearly demonstrate that, although V2O5 is
the most investigated vanadium oxide for LIB cathodes, the capacity of the
stable region (which corresponds to insertion of one lithium into V2O5),
has a limited volumetric capacity. This is related to the low density of
this V2O5 (3.36 g cm−3) compared to that of commercial lithium-ion cath-
odes such as LiCoO2 (4.9 g cm−3) [16]. All of the other investigated vana-
























































Figure 9.7: Cyclic voltammetry on the selected vanadium oxide thin films, per-
formed at 10mVs−1 in a 3-electrode setup with lithium as counter and reference
electrodes, and 1M LiClO4 in PC as electrolyte. Potential ranges were chosen ac-
cording to activity.
dium oxide phases have capacities well above the commercial cathodes,
which is spearheaded by LiNi0.33Mn0.33Co0.33O2 (NMC) with a capacity
of 600mAh cm−3. The higher capacity for other vanadium oxides has an
origin in material density and insertion range. First, the densities of the
lower oxidation state vanadium oxides are higher than that of V2O5, lead-
ing to a higher volumetric capacity density. V3O7, V4O9, V6O13 and the
VO2 (B) films have a density of 3.61 g cm−3, 3.78 g cm−3, 3.91 g cm−3 and
4.0 g cm−3, respectively. Second, while V2O5 can only be used in the nar-
row range that leads to LiV2O5, i.e. reduction of vanadium from V
5+ to
an average oxidation state of V4.5+, the vanadium in the series of vana-




































Figure 9.8:Measured delithiation capacity of the examined films on a logarithmic-
linear scale (solid symbols). The data was extrapolated (dashed lines) resulting in
a good match to the data (R2 > 0.98). Micron-sized LMO is shown as a model bulk
cathode,(red circles) [290] and more general bulk cathodes (shaded left corner) [16]
from literature are shown for comparison.
from a change in average oxidation state of 0.62 for VO2 (B) to almost 1.2
for V4O9. So, while V2O5 and VO2 (B) are generally considered the most
promising cathode materials, vanadium oxides in between them exhibit
higher volumetric capacities.
conclusions
We demonstrated the deposition of two different forms of amorphous VO2
using two different ALD chemistries based on the same TEMAV precur-
sor. Films were shown to be similar in morphology and as-deposited ox-
idation state of vanadium, but differ in density. By annealing these films
in controlled ambients with varying oxygen partial pressures, we demon-
strated that all crystalline phases between VO2 and V2O5 could be ob-
tained. the substrate was found to influence the oxidation and crystallisa-
tion behaviour, with TiN acting as an oxygen drain delaying the oxidation.
All obtained crystalline phases were characterised electrochemically, and
showed activity as lithium-ion electrodes. We demonstrated that, while
V2O5 is the most widely investigated vanadium-based cathode material,
also VO2 (B), V6O13, V4O9 and V3O7 can be used as cathodes, with capaci-
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Potential Volumetric capacity
(V vs Li+/Li) (mAh cm−3)
this work
VO2 (M1) 1.5-4.0 no activity
VO2 (B) 1.5-4.0 805 (1C)
V6O13 1.5-4.0 894 (1C)
V4O9 1.5-4.0 1380 (1C)
V3O7 1.5-4.0 1255 (1C)
V2O5 (→LiV2O5) 2.9-3.5 488 (1C)







Table 9.2: Delithiation capacities for the examined thin films, calculated by charg-
ing and discharging the films at varying current density over several orders of
magnitude and extrapolating the measured capacity to 1C (fig. 9.8), which corre-
sponds to the current necessary to reach the theoretical capacity in 1 hour. Vol-
umetric capacities of commercial cathode materials are included for comparison
[16].
ties up to 1380mAh cm−3 (V4O9), more than twice the volumetric capacity
for commercial cathode materials such as NMC.
10
SUPPLEMENTARY TO PAPER I I I
in-situ xrd
To demonstrate the formation of the phases that are examined electro-
chemically, in-situ X-ray diffraction is done during the formation of the
phases. Table 10.1 shows an overview of the atmosphere, temperature and
initial film conditions used to obtain all phases between VO2 and V2O5.
Figures 10.1 to 10.6 show the resulting isXRD plots on the current collector
substrate, demonstrating the successful phase formation.
Phase ALD Reactant Ambient Temperature
VO2 (B) O3 He + 3.7 Pa O2 420
VO2 (M1) H2O He + 18Pa O2 450
V6O13 O3 He + 3.7 Pa O2 550
V4O9 H2O Ambient air 356
V3O7 O3 He + 48Pa O2 560
V2O5 H2O or O3 Ambient air 500
Table 10.1: Conversion paths from the as-deposited films to their crystallised and
oxidized forms, on the Pt-substrate.
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Figure 10.1: In-situ XRD during the oxidation of ozone-grown amorphous VO2
to crystalline VO2 B on the Pt substrate. The temperature was ramped linearly to






























Figure 10.2: In-situ XRD during the oxidation of water-grown amorphous VO2 to
crystalline VO2 M1 on the Pt substrate. The temperature was ramped to 450 ◦C in


































Figure 10.3: In-situ XRD during the oxidation of ozone-grown amorphous VO2 to
crystalline V6O13 on the Pt substrate. The temperature was ramped to 550 ◦C in






























Figure 10.4: In-situ XRD during the oxidation of water-grown amorphous VO2 to
crystalline V4O9 on the Pt substrate. The temperature was ramped to 356 ◦C in
ambient air.

































Figure 10.5: In-situ XRD during the oxidation of ozone-grown amorphous VO2 to
































Figure 10.6: In-situ XRD during the oxidation of ozone-grown amorphous VO2
to crystalline V2O5 on the Pt substrate. The temperature was ramped linearly to
500 ◦C in ambient air.
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cyclic voltammetry on the pt substrate and the vo2 m1 phase
Figure 10.7 shows the cyclic voltammograms of the VO2 M1 film and
of the uncoated Pt substrate. Some similarities can be seen between the
peak positions of both cyclic voltammograms. Furthermore, galvanostatic
charge-discharging showed the film displayed almost no storage capacity,
indicating almost no bulk energy storage, and thus mostly surface-related
electrochemical activity is present for these films.





















Figure 10.7: Cyclic voltammetry on the Pt substrate and VO2 M1 thin film, per-
formed at 10mVs−1 in a 3-electrode setup with lithium as counter and reference
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abstract
Flexible wearable electronics and on-chip energy storage for wireless sen-
sors drive rechargeable batteries towards thin-film lithium ion batteries.
To enable more charge storage on a given surface, higher energy density
materials are required, while faster energy storage and release can be ob-
tained by going to thinner films. Vanadium oxides have been examined
as cathode in classical and thin-film lithium ion batteries for decades, but
amorphous vanadium oxide thin films have been mostly discarded. Here,
we investigate the use of atomic layer deposition, which enables electrode
deposition on complex 3D battery architectures, to obtain both amorphous
and crystalline VO2 and V2O5, and we evaluate their thin-film cathode per-
formance. Very high volumetric capacities are found, alongside excellent
kinetics and good cycling stability. Better kinetics and higher volumetric
capacities were observed for the amorphous vanadium oxides compared
to their crystalline counterparts. The conformal deposition of these vana-
dium oxides on silicon micropillar structures is demonstrated. This study
shows the promising potential of these atomic layer deposited vanadium
oxides as cathode for 3D all-solid-state thin-film lithium ion batteries.
introduction
Lithium ion batteries (LIBs) are currently the energy storage system that
offers the highest specific power and energy, almost double that of NiMH
batteries. This explains why LIBs have gradually taken over the market
since their first introduction by Sony in 1991. Their market share for elec-
tric vehicles for example is expected to increase from 56.4% in 2011 to
91.8% in 2020 [291]. This position is consolidated further by the wide
range of applications that call for energy storage. The LIB is able to pro-
vide energy for MWh applications such as grid storage, kWh applications
such as electric vehicles (EV) and hybrid electric vehicles (HEV), down to
Wh energy storage in consumer electronics and µWh energy storage for
on-chip devices such as sensors. This wide range of applicability makes
LIBs indispensable in current day society.
In a classical battery, such as the LIB for EV/HEV applications, the main
focus of research lies in further advancing the available energy and power
density. For the µWh range batteries, energy and power density advance-
ments are also relevant, but many other factors become equally important.
For on-chip devices, integrability and processability are paramount to en-
able the combination with an integrated circuit design. Thin film batteries
enable this combination of energy storage with microdevices [54]. Safety
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and biocompatability become critical when considering implantable sen-
sors, which is one of the main motivators to go to all-solid-state LIBs [281].
If the energy storage is combined with a microscale energy harvester, such
as a photovoltaic element, power density also becomes an important fac-
tor to enable fast charging of the battery while energy is being harvested,
and fast and safe release of the stored energy when the sensor requires it,
are key to the good operation of an autonomous sensor system. Thin-film
all-solid state LIBs are the energy storage device of choice for this range
of applications.
Going from traditional thin-film batteries with 1 µm to 100 µm elec-
trodes to truly thin-film electrodes in the 10 nm to 100 nm regime reduces
the impact of the slow diffusion in the bulk of the material, allowing bat-
teries to be (dis)charged at far higher rates [158, 284], an effect also ob-
served for nanoscaling of electrode powders [1]. The downside is that
the transition from micro- to nano-electrodes limits the available energy.
This can be overcome by moving from traditional planar thin-film bat-
teries to thin-film batteries deposited on complex 3D architectures, such
as silicon nanopillars [292, 293] or carbon-based nanostructures [294–296].
This maintains the excellent power capability of thin film nano-scaled elec-
trodes, while at the same time elevates the energy density per footprint
area, the relevant parameter for an on-chip battery [28, 54, 64, 80, 186, 187].
Another way to obtain a higher power capability in lithium ion batteries
is moving from crystalline to amorphous electrodes. In typical crystalline
cathode materials, a transition metal superlattice offers a periodic lattice
with sites for lithium storage and pathways for lithium conduction [241,
297], and research has shown that a higher degree of order generally en-
hances the energy and power densities of the electrode material [298–301],
causing what is known as the ‘ordering paradigm’ [245, 302]. However,
amorphous electrodes can offer several potential advantages over their
crystalline counterparts [243, 303]. Since most amorphous materials have
a lower density than crystalline and numerous ill-defined vacant sites ex-
ist, more storage is available [246, 252]. Due to the lack of long-range order,
no preferred ion diffusion channels exist, causing isotropic lithium diffu-
sion [243]. Furthermore, a lower density and many lithium-hopping sites
enable higher lithium diffusion coefficients [243, 245, 246], reported to be
several order of magnitude higher than in crystalline electrodes. This is ex-
pressed in the high conductivity found in lithium phosphate glasses used
as electrolytes [57, 87, 247], but also in the excellent power capability often
found in amorphous electrodes [245, 248–251].
Vanadium oxides have been heavily investigated as possible electrode
materials starting from the early beginning of the lithium ion battery in
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the 1970’s [237, 239]. The excellent stability of the V2O5 to LiV2O5 cycling
made it an excellent cathode candidate, but it was never commercialized
on a large scale due to the relatively low capacity of this intercalation com-
pound compared to commercial cathodes such as LiCoO2 and LiMn2O4
[6, 219–221]. While deeper lithiation of V2O5 would increase the capacity,
it unfortunately leads to poor cyclability due to vanadium dissolution and
structural instability [221, 223]. Therefore, other vanadium oxides such as
V6O13 [237–239, 304] and VO2 [237, 239, 305–309] have been studied. Even
though they have a lower oxidation state for the vanadium, resulting in
a lower electrochemical potential, far higher theoretical capacities and de-
cent electrochemical performance can be obtained. Amorphous vanadium
oxides have also been studied with the main focus on amorphous V2O5 or
V2O5-based glasses as cathodes [29, 243, 244, 246, 250–252, 261, 310–313]
or lower valent a-VOx based bronzes as anodes [314, 315].
Various 3D-structured electrode concepts based on vanadium oxides
have been proposed in literature, such as core-shell structures or nanobelt
arrays. To enable vanadium oxides for the complex structures required
for 3D thin-film all-solid-state LIBs, a conformal deposition technique
is needed. Atomic Layer Deposition is unmatched in its ability to con-
formally cover high aspect ratio structures, due to the self-limiting gas-
surface reactions of the precursors [69, 72, 95]. Furthermore, the low depo-
sition temperature typically required for ALD often enables the deposition
of amorphous films rather than crystalline, which is the case for the high
temperatures typically required in for example sol-gel depositions [199].
Several processes have been developed for the ALD and post-ALD anneal-
ing of vanadium oxides [77, 98, 253, 254, 270], and ALD vanadium oxides
have been demonstrated as 3D thin film cathode [235, 261, 267].
The main part of the literature details either crystalline V2O5, crystalline
V6O13 or crystalline VO2. In this work, we perform a systematic study
comparing amorphous and crystalline forms of thin-film VO2 and V2O5,
and evaluate the electrochemical performance of the two amorphous vana-
dium oxides thin films (a-VO2 and a-V2O5) and their crystalline counter-
parts (c-VO2 (B) and c-V2O5) as thin-film LIB cathodes. We report high
energy density and exceptional power capability for all amorphous films.
While the cyclability of the amorphous films is better for V2O5, c-VO2 has
a much longer cycle life than a-VO2, at a volumetric capacity still beat-
ing the best available commercial cathode materials. Finally, we report
the deposition of several ALD vanadium oxides on a 3D silicon micropil-
lar structure, demonstrating a >20-fold enhancement of the capacity per
footprint area, while maintaining the excellent thin film kinetics.
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experimental
Amorphous vanadium oxide thin films were grown in a home-built ultra-
high vacuumALD setup [93–95]. The setup has a base pressure of 10−7mbar.
To avoid precursor condensation on the reactor walls, the entire system
is heated to 95 ◦C. The vanadium-bearing ALD precursor used here was
tetrakis[ethylmethylamino]vanadium (V(NC2H5CH3)4, or TEMAV). Ozone
or oxygen plasma were used as oxidants. For the VO2 ALD, process con-
ditions were reported in earlier work by Rampelberg et al [98, 99, 253, 254,
287], and a substrate temperature of 150 ◦C was chosen. For the deposi-
tion of amorphous V2O5 (a-V2O5), the substrate temperature was 85 ◦C,
and the RF plasma pulse time (200W) was optimized to be as short as
possible. The substrates used were silicon covered with native oxide for
process characterisation, and 80 nm PVD Pt on 60 nm PVD TiN on SiO2 as
current collector substrate for the electrochemical characterisation. A sili-
con micropillar array was etched into a silicon substrate, yielding 50 µm
high pillars with a diameter of 2 µm, spaced 2µm apart. To use these as
a substrate for the electrode, they were coated with 20 nm ALD TiN and
5nm Pt.
To characterize the film thickness, X-ray Reflectivity was used. Crys-
tallinity of the films was evaluated by X-ray Diffraction (XRD), and moni-
tored during annealing by in-situ X-ray diffraction (isXRD) in a controlled
ambient/temperature system [206, 207] using a copper X-ray source (Cu
Kα radiation at 0.154 nm) and a point detector (for XRR) or a linear detec-
tor (for XRD). X-ray photo-electron spectroscopy (XPS) was used to deter-
mine the oxidation state of the vanadium in the deposited films from the
V2p3/2 and V2p1/2 binding energies [99, 279, 288]. XPS was performed
using Al Kα radiation (0.834 nm) under a take-off angle of 45° in an ultra-
high vacuum chamber (2× 10−9mbar). A resolution of 0.108 eV was ob-
tained.
The film surface morphology was examined using a high-vacuum elec-
tron microscope at a magnification of 100000x (FEI Quanta 200F).
Electrochemical measurements were performed on thin-film electrodes
(∼50 nm) in an Ar-filled glove box (O2 <1 ppm, H2O <1 ppm) with a
Metrohm Autolab PGSTAT302 connected to a three-electrode setup. Elec-
trical contact to the TiN/Pt current collector was established by contact-
ing the side of the sample with silver paste to a Cu foil. Lithium ribbon
(99.9%, Sigma Aldrich) was used as counter- and reference electrodes,
and 1M LiClO4 in propylene carbonate (99%, io-li-tec) was used as Li
+
electrolyte solution. Cyclic voltammetry (CV) measurements were per-
formed at a 10mVs−1 (planar electrodes) or 1mVs−1 (micropillar elec-
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Figure 11.1: Saturation curves of the pulse times during (a) the TEMAV and ozone
ALD process (150 ◦C) and (b) the TEMAV and oxygen PE-ALD process (85 ◦C).
The data for the ozone process has been reported elsewhere, and is reproduced
with permission.
trodes) sweep rate between relevant potential boundaries. Galvanostatic
charge-discharge measurements were performed to examine the capacity
evolution and thin film kinetics at varying current densities. All capacities
and currents in this work are expressed volumetrically (Ah cm−3) or per
footprint area (Ah cm−2), as thin-film devices are envisioned. To accom-
modate a comparison to reported gravimetric capacities (Ahg−1), a table
with the densities of the examined films is placed in the supplementary
information (table 12.1). The potentiostatic intermittent titration technique
(PITT) was performed as described in supplementary information.
results and discussion
Deposition and physical properties of the vanadium oxide films
Amorphous VO2 (a-VO2) was deposited using TEMAV and ozone, accord-
ing to saturated process conditions. Saturation is demonstrated in figure
11.1 (a). To the best of our knowledge, no process was previously reported
to deposit a-V2O5 using the TEMAV precursor and an oxygen plasma in
a plasma-enhanced ALD (PE-ALD) process. The deposition of V2O5 us-
ing TEMAV was reported to grow crystalline V2O5 (c-V2O5) [99]. How-
ever, the work of Rampelberg et al indicated that extrapolating the known
oxygen plasma based process to short plasma exposures and to low tem-
peratures could lead to amorphous films. Therefore, we investigated the
low-temperature border of the temperature window, which was already
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explored to a lower limit of 100 ◦C, and extend it by reporting ideal ALD
behaviour at temperatures down to 85 ◦C (saturation shown in figure 11.1
(b)). Here, we find a lower growth rate at 85 ◦C, which is in line with the
reported decrease in growth rate with decreasing temperature from the
work of Rampelberg et al. No carbon content could be detected in the
films from XPS measurements, indicating that a complete ligand removal
takes place even at this relatively low temperature.
First, the crystallinity of both layers was examined. XRD measurements
indicated that both the layer grown from the ozone process at 150 ◦C and
the layer grown from the oxygen plasma process grown at 85 ◦C were
amorphous at saturation conditions, as shown in figure 11.2 (a). To crys-
tallize the films, the samples were ramp annealed under well-chosen am-
bients in a home-built in-situ monitoring chamber. Annealing conditions
for these films have been thoroughly investigated in previous work. To
obtain crystalline V2O5, a ramp anneal was performed on the a-V2O5 in
ambient air to allow a high oxygen partial pressure to the films. To obtain
crystalline VO2, the oxygen partial pressure and temperature are critical,
and a slow ramp (0.25 ◦Cs−1) up to 425 ◦C on the a-VO2 sample was done
in a helium ambient, mixed with 20 Pa partial pressure of oxygen. Results
on the SiO2 substrates are shown in figure 11.2 (b) and (c), demonstrat-
ing that (1) the films are initially amorphous, (2) can be converted to a
crystalline VO2 or V2O5 state which (3) remains stable during and af-
ter cooldown. The film morphology of the as-deposited amorphous films
and their crystalline counterparts was examined, and can be found in fig-
ure 12.1 in supplementary information. The amorphous films are smooth
and closed films. The crystallisation of VO2 to VO2(B) largely retained
the morphology of the original films, but induced some pinholes into the
films. Crystallisation of amorphous V2O5 to crystalline V2O5 drastically
changed the morphology from a smooth, closed film to a non-closed film
constituted of interconnected V2O5 crystallites with sizes around 100 nm.
To confirm the oxidation state of the as-deposited amorphous films, and
their crystallized counterparts, the binding energy of the vanadium was
investigated. It is well known that the position of the V2p peaks relate to
the oxidation state of the vanadium oxide [279, 288]. X-ray photo-electron
spectroscopy measurements in figure 11.3 show that the as-deposited films
had their vanadium oxidation in the 4+ and 5+ state for the ozone and
oxygen plasma process, respectively. Crystallisation had little effect on
the oxidation state of the V2O5 films, but shifted the vanadium peaks to
slightly higher binding energy for the c-VO2 (B), indicating a rise in oxi-
dation state. However, the film composition matched that of VO2, and the
XRD clearly confirmed the c-VO2 (B) state.

















































































































Figure 11.2: (a) XRD patterns recorded before and after the crystallisation of the
films. In-situ XRD measurements during the crystallisation of the VO2 (b) and




































Figure 11.3: XPS O1s and V2p spectra of the amorphous (b and d) and crystallized
(a and c) VO2 and V2O5 films.
Electrochemical performance evaluation of amorphous and crystalline vanadium
oxides
Crystalline compounds, such as the c-VO2 (B) and c-V2O5 films here,
are in a well-defined crystalline phase. This phase changes abruptly as
the compound moves across the (lithium)-(metal oxide) phase diagram,
when a critical lithium concentration enables the sudden phase transfor-
mation to another minima in the Gibbs free energy [242]. These abrupt
changes in crystalline phase at certain critical lithium contents of the
electrode give rise to abrupt shifts in electrochemical potential, which
in turn cause distinct peaks in the cyclic voltammograms (CV, potential
driven measurement), or plateaus in the charge-discharge profiles (current
driven measurements, corresponding to the lithium-content in the elec-
trode). Amorphous electrodes typically have a CV-profile without sharply
defined peaks, resulting from the lack of distinct phase-transformations
during the (de)lithiation of amorphous materials [243]. This is reminis-
cent of capacitive storage, which also happens without peaks, but does
not have the same origin: capacity storage happens at an interface, while
lithium storage in amorphous materials originates from bulk-storage into
a solid-solution type compound without phase changes, due to the pres-
ence of only one minimum in Gibbs free energy [242], as is also the case
for ω-V2O5, as will be explained below. While the well-defined potential
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Figure 11.4: Cyclic voltammetry sweeps during the first three cycles of (a) ozone-
grown a-VO2 and (b) c-VO2 (B), formed by crystallizing the ozone-grown VO2 at
20 Pa oxygen partial pressure.
plateau is a critical factor for use of a battery in Wh-range applications and
above (consumer electronics to EV/HEV), on-chip devices will usually re-
quire less than the 3-4V provided, and have built-on electronic conver-
sion of the provided potential to the required specifications. This makes
the well-defined plateau, found in most crystalline materials, no longer a
requirement for on-chip energy storage, enabling the use of amorphous
materials for these applications.
The cyclic voltammograms (CV) for the first three charge-discharge cy-
cles of the VO2 films are shown in figure 11.4. Indeed, the c-VO2 (B) films
display clearly defined lithium insertion and extraction peaks during the
first cycle at 2.47 and 2.70V vs Li+/Li, respectively, in agreement with
the crystalline nature of the electrode. This electrochemical behaviour is




















































Figure 11.5: Cyclic voltammetry sweeps during the first three cycles of (a) oxygen
plasma-grown a-V2O5 (top) and (b,c) c-V2O5 films in two potential ranges.
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During the first lithiation (negative current range of the CV), an insertion
peak is visible at 2.41V vs Li+/Li, superimposed on a more continuous
current. While the peak typically corresponds to a crystalline material,
no crystallinity is found on these films using XRD. This suggests some
short-range order present in the a-VO2 films in the as-deposited state. The
similarity of the insertion peak to those that were found for the c-VO2 (B)
points to a similar short-range order as the latter. However, during the first
delithiation (positive current range of the CV), no recurring peak is found,
indicating that the initially present short-range order is converted to a film
with a higher degree of disorder during the first lithiation. Only the con-
tinuous quasi potential-independent current is left, resulting in blob-like
features in the CV, signifying the earlier mentioned homogeneous single-
phase state of the amorphous film. Besides the change in the first cycle for
a-VO2, not much evolution is visible during the first three CV cycles of
both a-VO2 and c-VO2 (B), indicating good initial cycling stability.
Crystalline V2O5 is known to have three ranges of insertion, correspond-
ing to x = 1, 2, 3 in LixV2O5. The x = 1 region is known to be very stable,
since the V2O5 lattice undergoes no significant changes, and the poten-
tial range is far above the V-dissolution boundary. x = 2 and x = 3 have
higher theoretical capacities, but are less stable over charge-discharge cy-
cles, due to the irreversible structural modifications observed for x = 2
and the transformation to a solid solution rather than a crystalline struc-
ture for x = 3 [221]. Indeed, in the cyclic voltammograms of c-V2O5 in
figure 11.5 (middle and bottom figure), the insertion and extraction peaks
decrease even over the first few cycles for insertion of two lithium into
the c-V2O5, and disappear completely if three lithium ions are inserted
into the c-V2O5, indicating a poor cyclability for these films. The a-V2O5
on the other hand (figure 11.5, top) displays excellent cyclability in the
same potential range, as indicated by an almost perfect overlap of the 3
CV sweeps, regardless of the potential range. Contrary to the a-VO2, no
peaks are observed on these voltammograms, indicating no as-deposited
short-range order. A second significant difference is present between the
VO2 and V2O5 films. Due to the higher oxidation states in the latter, elec-
trochemical activity is observed above 3.0V vs Li+/Li. For the VO2 films
on the other hand, almost no lithiation is seen above that potential, result-
ing in a lower available energy of the cathode.
To investigate the obtainable capacity and the rate capability, the thin
films are lithiated and delithiated at varying current densities, as shown
in figure 11.6 on films of approximately the same thickness (∼ 50 nm). The
obtainable capacities are compared by extrapolating the obtained capaci-






























































































Figure 11.6: Evaluation of the capacity and capacity fading upon fast charging
of the amorphous (hollow symbols) and crystalline (solid symbols) vanadium ox-
ides: (a) VO2 and (b) V2O5. Theoretical capacities (right bars) are calculated taking
into account the measured effective density of the films, and are thus different
for amorphous and crystalline films. Literature data for LiMn2O4 thin-film (gray
squares) [158], micron-sized LiMn2O4 (red circles) [290] and commercial bulk cath-
odes (shaded left corner) [16] is included.
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the theoretical capacity of the film in one hour. The rate capability is eval-
uated by extrapolating the same data to a C-rate of 100C, i.e. charging or
discharging in 36 seconds, and comparing that value to the 1C value. The
extrapolated capacities and kinetic drop-off from 1C to 100C are summa-
rized in table 11.1.
Several observations can be made from these experiments. First, the
c-V2O5 shows excellent kinetics in the 1-lithium range (2.9V to 4.0V vs
Li+/Li). However, as explained below, the capacity of this range is rather
low at only 488mAh cm−3. This capacity lies below that of commercial
cathode materials such as LiCoO2, LiMn2O4 and LiMn0.3Ni0.3Co0.3O2, typ-
ically in the range of 550mAh cm−3 to 700mAh cm−3 [16]. All of the
other investigated vanadium oxides here show better capacity than the 1-
lithium range of c-V2O5, and even better than the commercial range. The
downside to the high available potential is that c-V2O5 in the 2- and 3-
lithium range and c-VO2 (B) have poorer kinetics (close to 40% dropoff,
i.e. almost four times poorer than the 12.6% of the crystalline V2O5 in
the 1-lithium range). The reader should note that the ‘poorer’ kinetics re-
ported here are still quite reasonable due to the thin-film nature of these
electrodes. A second note that has to be made is that, even though these
materials have poorer kinetics than the limited-range c-V2O5, all of them
still have a comparable capacity to the latter at high C-rates, due to the
far higher volumetric capacities available. The amorphous films on the
other hand (a-VO2 and a-V2O5) display both good capacity and kinetics,
with the best kinetics for a-V2O5 in the 2.0V to 4.0V vs Li
+/Li range
(only 19.4% dropoff), and the best capacity for a-VO2 (1393mAh cm−3
at 1C, double the capacity of commercial cathodes and well above other
thin-film cathodes like LMO [158]). This makes the amorphous vanadium
oxides very interesting thin-film cathode candidates.
From the previous paragraph, figure 11.6 and table 11.1, it is clear
that the amorphous films outperform the crystalline films on rate cap-
bility. Typically, amorphous electrodes are reported to have much higher
lithium diffusion coefficients than their crystalline counterparts [243, 245,
246]. To investigate this for the vanadium oxide films here, the lithium
diffusion coefficients were measured using PITT measurements across
the examined potential range [115–117]. The diffusion coefficients for the
amorphous anodes are almost independent of state-of-charge in the en-
tire potential range investigated, as shown in supplementary information
(figure S4), with average diffusion coefficients of 1.4× 10−13 cm2 s−1 and
1.9× 10−13 cm2 s−1 for a-VO2 and a-V2O5, respectively. The diffusion co-
efficients for the cyrstalline vanadium oxides are much more potential-
or state-of-charge-sensitive, as was also reported in literature [316]. While
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Voltage range Capacity at Kinetic drop from x in LixVOy
(V vs Li+/Li) 1C (Ah cm−3) 1 to 100C (%) at 1C
a-VO2 1.5-4.0 1.393 22.1 1.33
c-VO2 (B) 1.5-4.0 0.806 44.9 0.62
a-V2O5 2.0-4.0 0.884 19.4 0.94
1.5-4.0 1.091 28.2 1.18
c-V2O5 2.9-4.0 0.488 12.6 0.49
2.0-4.0 0.820 39.1 0.82
1.5-4.0 0.810 39.3 0.82
Table 11.1: Summary of the volumetric capacity and kinetic performance of the
vanadium oxide thin films.
the crystalline films have higher diffusion coefficients just below the mea-
sured OCP (7× 10−13 cm2 s−1 and 1× 10−12 cm2 s−1 for c-V2O5 and c-
VO2(B), respectively), the diffusion coefficient drops two orders of mag-
nitude when the films are lithiated, with minima at 8× 10−15 cm2 s−1 and
6× 10−15 cm2 s−1 for c-V2O5 and c-VO2(B), respectively. These low diffu-
sion coefficients at high state-of-charge can explain the poorer kinetics ob-
served for the crystalline vanadium oxides, compared to their amorphous
counterparts.
Finally, the cyclability was examined by charging and discharging the
films for 50 times at a current density corresponding to 2C. The delithiaton
capacity of the films is shown in figure 11.7, and the results summarized in
table 11.2. Again, the crystalline V2O5 performs excellent in the 1 lithium
range, but at a lower capacity than all other vanadium oxides. However,
deeper charging of the c-V2O5 has a detrimental effect on the cyclability, as
the capacity retention drops to only 68.2% or even 33.5% for charging two
or three lithium into the c-V2O5 respectively. This is caused by irreversible
lattice changes upon overcharging and vanadium dissolution upon deep
discharging of the crystalline V2O5 close to 1.5V vs Li
+/Li, as can be seen
from the additional inflection point below 1.8V vs Li+/Li on the potential
profiles in figure 12.2 (a) in the supplementary information of this paper.
Indeed, if the amorphous vanadium oxide is charged to the same poten-
tial, vanadium dissolution is also observed, as is visible from the rapid
loss of delithiation capacity in figure 11.7 (b). Observing the potential pro-
file in figure 12.2 (c), an inflection point can be seen below 1.8V vs Li+/Li
(visible from the decrease of the slope of the first lithiations), indicating
the vanadium dissolution, observed in the same potential region as the
vanadium dissolution on c-V2O5. This conclusion is further supported by
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c-V2O5(2.9V vs Li+/Li)
c-V2O5 (1.5V vs Li +/Li)
c-V2O5 (2.0V vs Li+/Li)
a-V2O5 (2.0V vs Li+/Li)




















































c-VO2 (B) (1.5V vs Li+/Li)
a-VO2 (1.5V vs Li+/Li)
(a)
(b)
Figure 11.7: Cyclability of the examined amorphous (hollow symbols) and crys-
talline (solid symbols) vanadium oxides: (a) VO2 and (b) V2O5. Cyclability experi-
ments were performed at current densities corresponding to 2C for the respective
films.
the uncontrolled electrolyte-electrode interface reaction observed above
3.5V vs Li+/Li, indicating a destabilized interface region related to vana-
dium dissolution. This causes an apparent capacity increase during the
first cycles, but should be disregarded, as this capacity is not related to
lithium storage in the films. However, if the a-V2O5 is kept above 1.8V vs
Li+/Li, no vanadium dissolution occurs (figure 12.2(b)), and a fairly stable
capacity is observed (figure 11.7(b). Taking into account the better kinet-
ics and slightly higher capacity, the a-V2O5 in the 2.0V to 4.0V vs Li
+/Li
range can be considered the best V2O5 candidate thin film electrode. The
a-VO2, having the highest capacity and kinetics similar to that of a-V2O5,
displays a similar capacity fading (figure 12.3(a)), also related to the same
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Voltage range Delithiation capacity Retention after
(V vs Li+/Li) (Ah cm−3) 50 cycles (%)
Initial - Final
a-VO2 1.5-4.0 1.19 - 1.02 85.2
c-VO2 (B) 1.5-4.0 0.75 - 0.82 110.4
a-V2O5 2.0-4.0 0.91 - 0.82 90.0
1.5-4.0 1.60 - 1.22 76.3
c-V2O5 2.9-4.0 0.50 - 0.49 98.0
2.0-4.0 0.78 - 0.53 68.2
1.5-4.0 1.47 - 0.49 33.5
Table 11.2: Summary of the results from the cyclability evaluation of the vanadium
oxide thin films (figure 11.7).
vanadium dissolution close to 1.5V vs Li+/Li. Further investigation into
the region between 1.5 and 2.0V vs Li+/Li region could find an ideal opti-
mum trade-off between capacity and cyclability for the amorphous V2O5
films. Since most capacity fading is likely related to vanadium dissolution,
a protective coating could also mitigate the capacity fading problem while
retaining the high capacity and good kinetics related to the amorphous
vanadium oxide, as was demonstrated recently by Xie et al [310]. Remark-
ably, c-VO2 (B) does not suffer from the vanadium dissolution issue, as is
evident from the stable storage capacity and the lack of an electrochem-
ical dissolution signal of vanadium dissolution at low potentials. Figure
12.3 (b) shows a clean potential profile, displaying only a single inflection
point at 2.5V vs Li+/Li. The capacity even slightly increases over time.
This can be explained by a kinetics mechanism. The c-VO2 (B) has the
poorest kinetics of all investigated vanadium oxides, as shown in table
11.1. The cyclability experiments in figure 11.7 are performed at a C-rate
of 2C. This has as a consequence that not all VO2 in the c-VO2 (B) films
can be reached during the first cycles. However, upon cycling the iR-drop
decreases: the (quasi)-plateaus corresponding to the insertion and extrac-
tion of lithium in c-VO2 (B) are much closer together for the 50th cycle
than for the 2nd cycle (fig. 12.3 (b)). This implies that by cycling the c-
VO2 (B) its kinetics are enhanced, and an increasingly larger fraction of
the film becomes available for storing lithium. This kinetic enhancement
upon cycling gives the impression that the capacity rises. The c-VO2 (B)
is the most stable vanadium oxide, not in the least due to the absence of
vanadium dissolution.
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Figure 11.8 provides a combined summary of the electrochemical prop-
erties of the investigated vanadium oxides. Most of the vanadium oxides
show some degree of capacity fading. However, since most of the capacity
fading is related to vanadium dissolution close to 1.5V vs Li+/Li, this issue
could be overcome by (a) a careful choice of the lower potential boundary
or (b) a protective coating to mitigate this dissolution. The amorphous
layers always have a higher capacity than the crystalline counterparts,
with a-VO2 displaying the highest capacity at 1393Ah cm−3. The a-V2O5
films have a capacity close to that (1091Ah cm−3) but display electrochem-
ical activity above 3.5V vs Li+/Li, making the energy of both amorphous
films almost equal. The amorphous films do not only have high capacity,
but also excellent charge-discharge kinetics, making them excellent can-
didates for high energy and high power applications. Finally, the c-VO2
(B) films have a capacity comparable to V2O5, but a much better cycling
stability due to the lack of vanadium dissolution and the very stable 2.5V
vs Li+/Li potential window. Figure 12.5 shows the absolute volumetric
capacities upon cycling (a) and high-rate charge-discharing (b). Here, it
can be seen that, although c-VO2 (B) has a relatively low initial capacity
compared to the other tested films, the far better capacity retention leads
to comparable capacities after 50 cycles. While kinetic capacity retention is
best for the crystalline V2O5 in the 1-lithium range, all other tested films
outperform it at 100C, with the highest capacity retention for a-VO2 due
to the high initial capacity and excellent retention.
The real strength of atomic layer deposition for LIB electrodes emerges
when thin films are able to be coated conformally on complex 3D sub-
strates. This enhances the energy per footprint area by a factor of surface
enhancement, while maintaining the excellent thin-film kinetics compared
to the same energy electrodes in thicker films. To test this, vanadium oxide
films were coated on silicon micro pillar substrates. To obtain a conformal
coating in these structures, higher precursor exposure were required to
allow precursors to penetrate into the 50 µm-deep pillar structures. This
was obtained by closing the valve to the turbo molecular pump, essentially
raising the precursor pulse pressure to 1mbar. Due to the very sensitive
nature of the amorphous V2O5 PE-ALD process to the plasma exposure,
we were not able to coat amorphous V2O5 in the pillars. Crystallisation
was always found, caused by the highly reactive nature of the plasma step.
Alternative set-ups, using a capacitively coupled plasma applied directly
to the sample, rather than an inductively coupled plasma remote from
the sample, could be envisioned to attempt the conformal deposition of
amorphous V2O5 in high aspect-ratio structures, but this goes beyond the
scope of this report.
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Figure 11.8: Summary of the electrochemical performance properties of the ex-
amined thin-film vanadium oxide cathodes. The size of the circles indicates the
power capability according to the scale displayed in the inset, representing the
kinetic capacity retention from 1C to 100C.
40 nm ALD films of a-VO2 were deposited on the silicon micropillar
structures. A 40 nm film of c-V2O5 and c-VO2 (B) was obtained by deposit-
ing an a-VO2 film and crystallizing the films using the same conditions as
for the planar films: to c-V2O5 in air, and to c-VO2 (B) in a 20 Pa ambient
of oxygen. Cross-sectional electron microscopy was used to visualize the
silicon micropillar forest, as shown in figure 11.9(a). Using EDX line-scans
along different depths within the pillar structure, the conformal nature of
the depositions was verified. Figure 11.9(b) shows the crystallized c-V2O5
film on a bare silicon micro pillar substrate, and figure 11.9(c) shows the
a-VO2 film on a substrate already covered with the aforementioned cur-
rent collector layers. In 11.9(b) and (c), the V-peaks around 500 keV and
550 keV are almost independent of the position on the pillars, indicative
of a conformal deposition along the pillars. The same can be said for the
current collector related peaks in figure 11.9(c), indicating that the latter
is also conformally coated.
The electrochemical activity and performance of the surface-enhanced
electrodes was characterised. Cyclic voltammetry was performed at a slow
scan rate (1mVs−1) to examine the electrochemical activity. The potential
range for the a-VO2 and c-VO2 (B) on pillars was chosen the same as for
the planar electrode, i.e. 1.5V to 4.0V vs Li+/Li. For the c-V2O5 on pillars,
the reversible potential range was chosen, i.e. 2.9V to 3.8V vs Li+/Li, due
to the poor kinetics and cycle life observed for the further lithiation of





























































































































































Figure 11.10: Cyclic voltammograms of 40 nm c-V2O5 (black), a-VO2 (red) and c-
VO2 (B) (blue) films, coated on the silicon micro pillar substrates. The potential
was varied at 1mVs−1.
c-V2O5. The cyclic voltammograms in figure 11.10 show a clear lithium
insertion and extraction behaviour for the surface-enhanced electrodes.
Finally, the capacity per footprint area and rate capability of the surface-
enhanced electrodes was examined, and compared to 40 nm films of a-
VO2, c-VO2 (B) and c-V2O5 on planar substrates. In theory, the kinetics
of the electrodes on the planar substrates should translate into the same
kinetics on the surface-enhanced electrodes, since the current density and
lithium diffusion is the same for both cases. The capacity per footprint
area should be enhanced by a factor of surface enhancement of the sub-
strate. The silicon micro pillar substrate used here is made by etching sili-
con pillars in a silicon substrate, at a pillar width and pillar-to-pillar spac-
ing of 2 µm and a pillar height of 50 µm. This results in a surface enhance-
ment of 20.6. The C-rates of the surface-enhanced electrodes were calcu-
lated using the theoretical capacity of a 40 nm film, and the theoretical
surface enhancement factor. Remarkably, the Peukert plot in figure 11.11
shows capacity enhancement factors that are consistently higher than 20.6.
This could be caused by thicker films deposited using the process condi-
tions required for the conformal coating of these micro pillar structures.
Nevertheless, the films are coated conformally, as is clear from figure 11.9.
As figure 11.11 shows, the excellent thin-film kinetics observed for the pla-
nar electrodes is maintained when these are coated on the micro pillars,

































Figure 11.11: Rate capability for planar and micropillar electrodes of 40 nm a-VO2
(red), c-VO2 (B) (blue) and c-V2O5 (black).
demonstrating the power of a conformal deposition technique in combina-
tion with micro- or nanostructuring of the electrodes. At high C-rates, the
kinetics are not maintained any longer. This is most likely caused by the
20 times higher currents required to cycle the surface-enhanced electrodes
at these C-rates, and the thinner nature of the current collectors (20 nm
TiN and 5nm Pt) compared to the planar case (60 nm TiN and 80 nm Pt),
causing an iR drop which is more severe. Finally, we see that the sur-
face enhanced a-VO2 is able to deliver a capacity above 130 µAh cm−2, 3.1
times higher than the same film thickness of c-V2O5 on the micropillars.
The c-VO2 (B) film also delivers almost 100 µAh cm−2, beating the c-V2O5
with a factor of 2.5. From a device engineering point of view, this implies
that a 3.1 or 2.5 times thinner film can be used to obtain the same capacity,
or the same film thickness in a lower aspect ratio 3D structure. The latter
not only implied a lower production cost for the 3D structures, but also
lower precursor cost and higher ease of deposition from a deposition point
of view [317, 318]. This demonstrates that, even though the cyclability of
amorphous VO2 or the kinetics of crystalline VO2 (B) are not as excellent
as is the case for crystalline V2O5, a significant amount of capacity can
be gained through the use of VO2, especially for amorphous VO2. This
illustrates that amorphous ALD electrodes are very promising for 3D thin
film lithium ion batteries.
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conclusions
Thin film vanadium oxide cathodes were synthesized and characterised.
a-VO2 was deposited using a reported TEMAV and ozone process. c-
VO2 (B) was obtained upon careful annealing in a well-controlled am-
bient, which was monitored using in-situ XRD. a-V2O5 was deposited by
low-temperature (85 ◦C) and PE-ALD using TEMAV and oxygen plasma
(200W), and crystalline V2O5 films were obtained by annealing these films
in ambient air. The oxidation state of the vanadium in the amorphous
films was examined using XPS, and was confirmed to be 4+ and 5+ for
the a-VO2 and V2O5 films, respectively. The four thin-film vanadium ox-
ides were characterised electrochemically as lithium-ion cathodes. It was
found that all other vanadium oxides outperform crystalline V2O5, even
though the latter is the most investigated vanadium oxide cathode. Amor-
phous vanadium oxides show excellent kinetics, which is likely related to
a higher diffusion coefficient in those films, but also good capacity reten-
tion and volumetric capacities which are close to double that of commer-
cial cathode materials. c-VO2 (B) shows a lower capacity but remarkably
does not suffer from vanadium dissolution issues, making it an extremely
stable 2.5V vs Li+/Li cathode. We demonstrate the conformal coating of
a-VO2, c-VO2 (B) and c-V2O5 on silicon micropillar substrates to enhance
the capacity per footprint area. The excellent thin-film kinetics found on
the planar substrates is maintained, while the capacity per footprint area
is significantly enhanced. A micropillar electrode of 40 nm of a-VO2 or c-
VO2 (B) is able to deliver a capacity above 130 µAh cm−2 or 100 µAh cm−2
respectively, which is 3.1 or 2.5 times higher than the same film thickness
of c-V2O5 on the micropillars. These results shed new light on the use
of vanadium oxides in thin-film batteries, and highlight the potential of




SUPPLEMENTARY TO PAPER IV
surface morphology of the vanadium oxides films
The surface morphology of the vanadium oxide films is evaluated us-
ing scanning electron microscopy. Figure 12.1 shows the surface under
a 100000x magnification. The amorphous films are closed and appear
smooth. While a-VO2 still displays some surface features, the a-V2O5 is
completely featureless. The SEM was focussed on surface contaminations
near the image area to ensure a good focus, but still no features could be
distinguished. The crystalline VO2(B) film shows a very similar morphol-
ogy to its amorphous counterpart, although some pinholes are present in
the films. The morphology of c-V2O5 on the other hand is clearly different
from that of amorphous a-V2O5: the film has transformed into intercon-
nected V2O5 flakes with crystallite sizes around 100 nm.
galvanostatic charge-discharging
The paper discusses the cyclability of the amorphous (a-) and crystalline
(c-) forms of thin films VO2 and V2O5. To better understand the capacity
evolution, the potential profiles during charging and discharging of the
films are shown in figures 12.2 (V2O5) and 12.3 (VO2) for the initial cy-
cles (1-2), steady state cycles (5,10) and the last cycle (50). The theoretical
capacities for each respective film is denoted on the graphs.
The reader can note that the capacities here are expressed volumetrically
(Ah cm−3), rather than gravimetrically (Ahg−1), as is customary in bat-
tery research. This notation stems from the fact that thin-film electrodes
are discussed. In this paper specifically, 3D thin-film lithium-ion batter-
ies are envisioned, with applications such as on-chip energy storage. For
those applications, the mass of the electrode is a less critical parameter
than the volume and the footprint area. Hence, all capacities are volumet-
ric (Ah cm−3) or normalized on footprint area (Ah cm−2). However, to
allow the reader to compare these results to values reported gravimetri-
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Figure 12.1: Surface morphology at a 100000x magnification of 30 nm amorphous
VO2 (a) and amorphous V2O5 (c) films, and their crystallized counterparts; i.e.
c-VO2 (B) (b) and c-V2O5 (d).
cally, the density of these compounds can be used as a conversion factor.
Table 12.1 summarizes the measured and reported densities that can be
utilized to perform a conversion.
potentiostatic intermittent titration
To study the lithium diffusion in the vanadium oxide films, the widely
used potentiostatic intermittent titration was used [115–117]. By applying
small potential steps below the equilibrium potential, information can be
obtained from the decay of current over time. In the initial stage of re-
equilibration (t ≪ L2/D, with D the diffusion coefficient and L the char-
acteristic length of the electrode, which was chosen as the film thickness
here) the diffusion coefficient can be obtained from the linearity between
current and the square root of time, and for longer equalisation times
(t ≫ L2/D) from the linearity between ln(I(t)) and time, as discussed by
Wen et al. [115]. Here, we use the latter method. 50mV potential steps are
applied, and the current is measured until one of three cut-offs occurs:
the measuring time has exceeded 1800 seconds, the current has decreased


































































Figure 12.2: Potential profiles of the crys-
talline V2O5 (a) and a-V2O5 (b and c)
during the cyclability experiments.











































Figure 12.3: Potential profiles of the a-
VO2 (a) and c-VO2 (B) (b) during the cy-
clability experiments.
210 12 supplementary to paper iv
Phase Deposition temperature Density (g cm−3)
a-VO2 150 ◦C 3.24
c-VO2(B) 150 ◦C + anneal 4.00
a-V2O5 85 ◦C 3.05
c-V2O5 85 ◦C + anneal 3.35
Table 12.1: Densities of the amorphous and crystalline films. The densities were
measured b XRR for the amorphous films, and are reprinted from the crystal-
ligrapic datasheets for the crystalline films (VO2(B) 01-081-2392, V2O5 00-041-
1426).




























Figure 12.4:Diffusion coefficients as obtained from potentiostatic intermittent titra-
tion for the (a) crystalline and (b) amorphous vanadium oxides.
region of the relation between the logarithm of the current and time was
evaluated, and the slope was fitted using linear regression. The diffusion







and L was chosen to the film thickness of the measured films. Figure
12.4 shows the obtained diffusion coefficients, which are discussed in the
manuscript.
summary of the electrochemical properties of the films
Figure 11.8 the relative performance of the different vanadium oxide films.
However, the information about the actual capacity is lost visually by sum-












































Figure 12.5: Summary of the absolute values of the volumetric (delithiation) ca-
pacity (Ah cm−3) from the (a) cyclability and (b) kinetics experiments performed
on the thin-film vanadium oxide cathodes.
the volumetric capacities of all films for comparison, before and after the




INTERFACE MODIF ICAT ION IN
L ITHIUM- ION BATTER IES
Great things are done by a series of small things brought together.
– Vincent Van Gogh

13
ATOMIC LAYER DEPOS IT ION AND THE
L ITHIUM- ION BATTERY INTERFACES
In this chapter, the role of ALD-deposited thin films is examined as in-
terface modifier for lithium-ion battery electrodes. First, the issues related
to electrode-electrolyte interfaces are briefly discussed. Next, a literature
overview of ALD surface modifiers for lithium-ion batteries is presented.
Finally, the work done in the context of this PhD thesis is briefly summa-
rized, and presented in the form of two submitted papers: paper V, which
discusses the role of ALD Al2O3 and ALD TiO2 coatings on two model
thin-film electrodes, and paper VI in which the role of an ALD TiO2 coat-
ing on nanostructured electrodes composed of ALD V2O5 on a carbon
nanosheet scaffold is examined.
13.1 introduction
In section 1.4 of the introduction chapter, the different application areas for
atomic layer deposition in the lithium-ion battery were introduced. Part
iii discussed ALD for electrodes, more specifically vanadium-based and
manganese-based lithium-ion cathodes and anodes. ALD is very suited
when nano-structured electrodes are envisioned. Three main concepts
have been proposed for nanostructured electrodes in lithium-ion batter-
ies [79]:
• Nanoparticle-based electrodes: common electrodes are mostly com-
prised of µm-sized particles of active material. The particle dimen-
sions can be reduced to accommodate greater lithium ion diffusion
into the electrodes, enabled by shortened diffusion lengths and greater
electrode-electrolyte contact area.
• 3D-structured electrodes are especially engineered for short diffu-
sion lengths. Rather than maintaining the particle-based electrode
structure, electrodes are composed of specifically designed 3D archi-
tectures that allow for easy transport of the electrons and the ions.
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The nanostructuring of these electrodes arises from a structured scaf-
fold, such as anodised aluminium oxide (AAO) or the silicon mi-
cropillars used in part iii of this thesis. The 3D-structuring can also
arise from a 3D-structured current collector scaffold, such as metal
nanowires, carbon nanosheets (CNS) or carbon nanotubes (CNTs)
[294].
• 3D all-solid-state microbatteries come into view when scaling en-
ergy storage to small devices, as packaging methods for liquid elec-
trolytes do not scale down well. The challenge here is to achieve
high energy densities for very small sizes. They can be considered
as either a solid-state version of the above 3D-structured battery, or
as a 3D version of the all-solid-state thin-film microbattery.
In part iii, planar thin-film electrodes were developed and extended to 3D-
structured electrodes on a passive scaffold, i.e. silicon micropillars, where
a thin metal film provided the current collection. Unfortunately, the use of
ALD for 3D-structured electrodes is limited by the slow growth of films.
Only on very high aspect ratio structures, where no other deposition tech-
niques can conformally deposit layers, the use of ALD for the electrodes
can be justified, but the cost of the electrode will be very high.
However, the shift towards nano-structured electrodes highlights an-
other field of application for atomic layer deposition in lithium-ion bat-
teries: interface modification. Even without nanostructured electrodes, the
interfaces in a lithium-ion battery are already very important. A great deal
of the ageing mechanisms of the lithium-ion battery are associated with
interface- or surface-related effects both at the anode and at the cathode
[319]. For batteries with nanostructured components, the interface-to-bulk
fraction becomes increasingly larger with the degree of downsizing of the
components. Electrode performance can be typically enhanced by a larger
electrolyte-electrode contact area (faster lithium ion injection into the elec-
trode), downsizing of the electrode particles or films (shorter diffusion
paths for lithium ions, short electronic pathways in the electrode) and a
larger electrode-current collector contact (better current collection). How-
ever, since ageing mechanisms are often also associated with the surface
area, these are also amplified.
13.2 ageing of lithium-ion batteries
Today, more than 25 years after the commercialisation of the first lithium-
ion battery, counteracting of battery ageing is still one of the holy grails
of battery research. Stabilizing a battery for 100 to 1000 cycles has been





















Figure 13.1: Electronic band diagram of a graphite and LiCoO2 Li-ion battery, il-
lustrating the electronic stabilisation effect of the SEI layer. This stabilisation is
paramount when the Eanode or Ecathode energy levels lie above or below the elec-
trolyte band gap, respectively. Figure adapted from Julien et al. [327].
demonstrated extensively, but to access the next orders of magnitude (e.g.
10 000 cycles to 100 000 cycles) an extremely stable chemistry is paramount.
To obtain this performance, an excellent understanding of battery ageing
mechanisms is crucial, as is evident from the several reviews that have
been published over the last decade [319–326]. Several ageing mechanisms
are related to structural or morphological changes in the electrodes, such
as irreversible phase changes or volume changes, but the true devil lives
at the interfaces.
13.2.1 Anode stability and the solid electrolyte interphase
Lithium-ion battery anodes can be classified into low- and high-volume
change anodes. The low-volume change anodes such as carbonaceous
compounds have been heavily investigated, and graphite is still mainly
used in lithium-ion batteries today. Ageing of these electrodes is mostly
related to the low electrode potential at which they operate. Graphite has
an average electrode potential below 0.5V vs Li+/Li, while reductive sol-
vent decomposition typically takes place in the 0.4-0.9V vs Li+/Li potential
window [18]. This reductive solvent decomposition can be readily under-
stood from the band diagram in figure 13.1: the low electrode potential
corresponds to a high fermi level energy (or electron electrochemical po-
tential), allowing electron flow from the electrode to the electrolyte. This
initiates reductive solvent decomposition, forming an SEI on the anode
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Figure 13.2: Schematic representation of the ageing phenomena associated with
graphite and the solid electrolyte interphase. Reproduced from Vetter et al. [319].
which imposes an energy barrier at the interface, preventing further elec-
tron flow. Similarily, a decomposition film is also formed on the cathode
if the electrode potential lies outside of the stability window of the elec-
trolyte [328]. This decomposition can be considered both advantageous
and disadvantageous. Primarily, the solid electrolyte interphase (SEI) that
is formed during the first cycle(s) acts as a ’protective coating’ during the
remainder of the battery lifetime, as it is almost impenetrable for both elec-
trons and electrolyte components, preventing further reductive decompo-
sition and stabilizing the anode-electrolyte interface [329], as illustrated in
figure 13.1. However, the beneficial SEI layer suffers from several pitfalls,
as shown schematically in figure 13.2:
• Lithium ions are irreversibly consumed when the SEI is formed.
• SEI formation is accompanied by release of gaseous electrolyte de-
composition products.
• The SEI layer is not a perfect solid electrolyte, as the transference
number for lithium ions is not unity, i.e. some current is still carried
by other charges such as electrons.
• The SEI layers are not thermally stable. At elevated temperatures,
SEI degradation takes place, which can in turn give rise to restruc-
turing or re-precipitation of dissolved SEI products.
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Figure 13.3: Schematic representation showing SEI formation on SnO2 particles
upon cycling. Figure adapted from Wang et al. [330].
• Solvents or impurities can also still be transported through the elec-
trolyte. Thus, the SEI layer does not completely stabilize the inter-
face, as electrolyte decomposition is still ongoing throughout the
entire anode lifetime.
High volume change anodes typically face the same issues. Silicon for ex-
ample has an electrode potential that also lies outside of the stability win-
dow of the electrolyte. However, the substantial morphological strain asso-
ciated with the high volume changes (up to 320% for silicon) causes addi-
tional impedance-increasing and capacity-fading effects, such as cracking,
delamination and electrode-current collector contact loss [331, 332]. Fur-
thermore, particle swelling causes the formed SEI layers to open up, and
the freshly exposed surface caused by this phenomenon and the particle
pulverisation can promote further irreversible capacity loss by re-initiated
SEI formation, as shown in figure 13.3.
13.2.2 The complex nature of ageing at the cathode
As is clear from the previous section, ageing of the anode and the for-
mation of the SEI layer have an unmistakable influence on the battery
performance. However, the performance and cycle life are still mainly de-
termined by the cathode material. Moving from the expensive LiCoO2
cathode to alternatives such as LiNiO2 and LiMn2O4 is hindered by the
rapid deterioration of cathode performance for those compound. Under-
standing the ageing mechanisms in novel cathode materials is thus of
paramount importance. Here, some concepts will be introduced, but the
full extent of ageing mechanisms is not yet fully understood, and is still
the topic of active investigation.
Figure 13.4 provides an overview of the cathode-related phenomena
influencing the long-term performance of lithium-ion batteries. In general,
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Figure 13.4: Schematic overview of the ageing phenomena for lithium-ion battery
metal oxide cathodes. Reproduced from Vetter et al. [319].
capacity fading and impedance rising in cathode materials can be ascribed
to two main classes of phenomena; i.e.
• Structural changes during cycling such as conductive agent contact
loss and particle cracking are mostly related to volume changes at
different degrees of lithiation. Structural disordering within the bulk
of the electrode particles is an inherent compound property.
• Chemical decomposition and chemical dissolution occurs both at
the cathode interface (electrolyte decomposition, SEI formation, metal
dissolution) and at the surface of the non-active components (binder
decomposition, corrosion of the current collector, oxidation of con-
ductive particles). The dissolution of soluble species gives rise to
additional unwanted side reactions, as these can precipitate on the
cathode particles to form new (inactive) phases, or migrate towards
the anode. Metal deposition at the anode results in severe side reac-
tions, such as lithium plating and accelerated solvent decomposition
reactions.
While structural changes are material-specific and mostly related to bulk
phenomena, the latter class of chemical decomposition and dissolution re-
actions primarily occurs at the interfaces with the liquid electrolyte. To ac-
commodate long-term stability, interface stabilisation is paramount, both
at the cathode and anode interfaces.
The occurence of ageing phenomena related to the interfaces in lithium-
ion batteries can be mediated by clever interface engineering, which has
been the topic of many studies over the past decades [45, 46, 50, 327, 333].
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The decoration of the surface with many coatings has been studied. Car-
bon is the focus of many studies due to its excellent electronic properties,
which not only enables the alleviation of ageing effects, but also betters the
performance of the battery materials. LiFePO4 (LFP), for example, has a
lower electrode potential, corresponding to energy levels within the band
gap of most electrolytes, which eludes electrolyte oxidation on this com-
pound. However, the specific crystal structure of olivine LFP in essence
makes it an electronic insulator. Highly electronically conductive coatings
are needed to establish an electronic network throughout the LFP-based
cathodes. Hence, LFP is almost never used without the presence of a car-
bon coating [11, 327].
Of course, not only carbon has been investigated as an electrode coating.
The review paper by Li et al. [50] regarding surface coatings on cathode
materials demonstrates the broadness of coated materials:
• Simple oxides as Al2O3, MgO, ZnO, ZrO2 and CoO.
• Complex oxides as AlPO4, MgAl2O4 and ZrTiO4.
• Lithium-containing compounds, such as solid electrolytes (e.g. Li2CO3,
Li2O−2B2O3 glass) or with another electrode material (e.g. LiCoO2,
LiMn2O4, LiMnCoOx)
• Conductive coatings such as carbon, TiN, silver, gold or acetylene
black.
A broad range of deposition techniques has been investigated the past
decades for lithium-ion battery surface coatings, such as co-precipitation,
sol-gel deposition, dry coating, melting impregnation, pulsed laser deposi-
tion, intermixing nanoparticles into the electrode slurry preparation or de-
position of films by chemical vapour deposition. Generally, a beneficial ef-
fect of the coating is reported, typically attributed to a reduced electrolyte-
electrode contact, an improvement of the structural stability or the sup-
pression of unwanted phase formations. Remarkably, the performance of
the coating particles varies significantly from one coating technique to an-
other, implying that the film quality and the deposition conditions them-
selves have a great influence on the sensitive surface chemistries. For ex-
ample, cathode materials with a high nickel are known to be extremely
sensitive to water, so a co-precipitation technique could be detrimental for
the surface of the cathode compound [334].
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Figure 13.5: Illustration of the different surface modifications from different coat-
ing techniques.
13.3 ald coatings for interface modifications
Atomic layer deposition itself has been used for various applications, from
high-k oxides and barrier layers in semiconductor devices to thin-film
catalysis, but ALD has also been a rising star in lithium-ion battery in-
terface modification. Since initial research on this topic started in 2010,
an interest has been sparked onto ALD for surface coatings, as is evident
from the many published research papers and the reviews on this topic
[79–82, 335]. Most of the work deals with ALD Al2O3 coatings of various
thickness on electrode powders [47, 138, 336–347], the composite electrode
[47, 49, 88, 138, 330, 336, 343, 347–360] or even the separator[88]. Not only
ALD Al2O3 has been investigated: other compounds such as TiN [39, 361],
ZrO2 [345, 347, 356, 362–365], HfO2 [335, 366], TiO2 [39, 310, 344, 349, 355,
356, 367–369], ZnO [48, 345, 347, 370, 371], hybrid metal-organic films [352,
372], fluorides [342, 373], phosphates [374] and ALD solid electrolytes [87,
375–377] were also evaluated. In this section, some of these coatings will
be discussed to highlight the advantages and pitfalls of ALD coatings for
electrodes.
13.3.1 Coating the electrode particles or coating the composite electrodes
Most of the above-mentioned deposition techniques deposit the coating
directly on electrode particles, which are then mixed into a slurry to be
fabricated into a composite electrode. ALD deposition has also been in-
vestigated on the electrode particles prior to electrode composition. One
of the main differences between ALD and other deposition techniques is
the excellent conformality and uniformity of the films that are deposited.
The particles coated with ALD can be considered as core-shell particles
with an excellent, closed shell, depending on the number of ALD cycles
deposited. Other deposition techniques, such as deposition from a solu-
tion of nanoparticles, can also deposit a shell on the electrode particles,
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but the quality of the shell is typically less uniform due to the nature of
the deposition technique, as is schematically illustrated in figure 13.5. Fur-
thermore, ALD operates at a much lower temperature than is required
for solvent evaporation in sol-gel based deposition for example, and can
deposit much thinner coatings (down to 1Å) compared to conventional
coating techniques (typically 50 nm to 100 nm), accommodating a minimal
gravimetric capacity loss due to particle mass loading.
13.3.1.1 ALD coating on the electrode particles
Suprisingly, these ’ideal’ coatings not always match the performance bene-
fits observed for non-ALD coated electrodes, and often performance degra-
dation is even observed for ALD-coated powders. Anodes assembled from
graphite powder coated with just 2 or 5 cycles of ALD Al2O3 have been
reported to display a larger overpotential and decreased cycling stability
[336]. Similarly, 4 cycles of ALD Al2O3 on MoO3 particles yielded an in-
feriour rate performance compared to the uncoated particles, and even
an accelerated capacity fading [47, 378]. This poor performance of direct
particle coating is related to the electronic network between the active par-
ticles and the current collector.
On cathodes, where battery ageing is often mostly related to metal dis-
solution and oxygen release rather than to SEI-related phenomena, coating
the battery particles yielded beneficial results on the cyclability, but in-
creased the impedance of the electrode, reducing electrode performance.
Just a few cycles of ALD Al2O3 on high-voltage cathodes such as LMNO
or NMC indeed enhanced the cycle life of the electrodes by reducing SEI
formation, acting as an HF scavenger or suppressing metal dissolution,
but at the cost of an increased overpotential, which resulted in reduced
rate capabilities [340, 343, 345, 346].
The aforementioned examples all use ALD Al2O3 as a surface modi-
fier, as does the bulk of ALD literature. Al2O3 is a well-known electronic
insulator with a bulk resistivity around 1014Ω cm. A conformal coating
of this oxide can shield the electrode particles electronically from the
electronic network formed by the current collector and the conductive
agent particles, as illustrated in figure 13.6(a). This intuitively results in
degraded electrode performance. The Al2O3 deposited from other coat-
ing techniques is believed to be less uniform or non-closed due to the
high-temperature nature often related to these deposition techniques (see
figure 13.5). In those cases, the non-closed nature of the coatings actually
still allows for reasonable battery performance, while the coated surface is
stabilized towards the ageing phenomena related to the exposed electrode
surfaces.
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(a) (b)  
Figure 13.6: Electronic considerations for (a) ALD-coated electrode particles or (b)
ALD-coated electrode. The "AB" in the figure stands for "acetylene black"Figure
adapted from Jung et al. [336].
It is clear from figure 13.6(a) that the electronic network is not disturbed,
and perhaps even enhanced, if the coating applied to the electrode parti-
cles is electronically transparent or even conductive. ZrO2 coatings, for
example, have been shown to enable enhanced cycle life and kinetics
on cathode particles, especially at high temperature when ZrO2 becomes
more conductive [345, 363]. The deposion of amorphous TiO2 on V2O5-
based electrodes enabled improvements in the cyclability, without com-
promising the kinetics of the electrodes [310]. However, the use of an elec-
tronically conductive protective coating has the downside that electrolyte
decomposition, which is an electronically driven phenomenon, is not com-
pletely suppressed. An ALD ZnO coating on Li1.2Mn0.54Ni0.13Co0.13O2
particles for example was able to reduce the oxygen loss, but an SEI layer
was still formed due to the high electrode potential of this cathode and
the conductive nature of this coating [371].
13.3.1.2 ALD coatings on composite electrodes
When the coating is applied directly on the assembled or ’composite’ elec-
trode, as is shown in figure 13.6(b), the electronic network is not influ-
enced by the surface modification. To achieve these coatings uniformly in
the porous high aspect-ratio and high surface-area structure that is the
composite electrode, a conformal coating technique is required with excel-
lent thickness control, which is where ALD excels. The same argument is
valid for 3D-structured electrodes or thin-film electrodes. As the coating is
only applied as the final step of the electrode assembly, it does not directly
influence the current collector-electrode network. Interestingly, this makes
thin-film electrodes ideal model systems to study the electrode-electrolyte
surface interactions. Below and in paper V, thin-film TiO2 will be used to
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evaluate the effect of ALD coatings on the kinetics of a lithium-ion battery
electrode.
Indeed, an evaluation of the available literature shows that research is
either on conductive coatings, both on the electrode particles or composite
electrodes, or non-conductive coatings, but mostly on the composite elec-
trodes. Jung et al for example compared ALD Al2O3-coated graphite when
the coating was applied either on the particles directly, or on the compos-
ite anode. The latter showed improved cyclability, while the former only
decreased the performance [88, 336].
13.3.2 Lithium ion transfer through ALD coatings
The paragraphs above only consider the transport of electrons into the
electrode particles. Using an electronically conductive ALD coating, or
coating the composite electrode rather than the electrode particles, has
been shown to deliver better battery performance than coating of the in-
sulating ALD Al2O3 directly on electrode particles. However, a battery
does not rely on electrons alone, and lithium ion diffusion through the ap-
plied coatings needs to be considered as well. Independent of whether the
coating is applied onto electrode particles, composite electrodes or nanos-
tructured electrodes, without transfer of lithium ions the battery can not
function, so the coatings need to be (at least) transparent towards lithium
ions or (preferably) lithium-ion conducting to some degree.
Taking these and the previous considerations into account, ALD coat-
ings can be classified into four categories according to their ionic and
electronic conductivities:
• blocking coatings (σe− and σLi+ low)
• electronically conductive coatings (σe− high and σLi+ low)
• solid electrolytes (σe− low and σLi+ high)
• dual or ’mixed’ conductors (σe− and σLi+ high) [379]
One should note the thickness of the coatings here. ALD coatings typi-
cally scale from 1Å to 100 nm, but surface modifications are typically be-
low 10nm. This puts ’low’ and ’high’ conductivities in perspective: while
a solid electrolyte in a thin-film battery has a low conductivity towards
lithium ions if σ <10−6 S cm−1, ALD electrolytes are typically two orders
of magnitude thinner, so 10−7 S cm−1 is an excellent conductivity.
Intuitively, one can envision a range of applicability for coatings ac-
cording to their conductivity. As lithium ions need to pass through the
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coatings, good lithium ion conductivity is always required. For coatings
directly on the electrode particles, electronic conductivity is an additional
requirement, so particle coating needs to be done with dual conductor
coatings. For a coating on the composite electrode, electronic conductivity
is not a requirement. Solid electrolyte coatings have the advantage that the
ageing processes involving electronic contact with the liquid electrolyte
(SEI formation, metal dissolution, ...) are also suppressed. Indeed, a good
solid ALD solid electrolyte can be considered as the ’holy grail’ of ALD
for lithium-ion battery applications, and is being researched intensely. A
non-exhaustive list of ALD lithium-ion electrolytes contains lithium alu-
minates, lithium silicates, lithium aluminium silicates, lithium tantalates,
lithium phosphates and lithium aluminium sulphides [87, 357, 375–377,
380–389]. However, from the above list it is clear that the lithium-ion elec-
trolytes are almost exclusively ternary or even quaternary compounds.
Furthermore, several of them require higher deposition temperatures (typ-
ically 200-300 ◦C) and many are air sensitive, especially the sulphides. This
makes the deposition of these films much more challenging than simple
binary oxides with a far easier process chemistry, such as Al2O3 or TiO2.
Blocking coatings without lithium ion conductivity, such as Al2O3 and
AlPO4 for example, or coatings with only electronic conductivity, such
as TiN, are rather counter-intuitive in the framework of this simplified
image, and should not find their application into this field. Nevertheless,
ALD Al2O3 is still the most investigated coating for surface modifications.
The strength of ALD for non-conductive coatings such as ALD Al2O3 is
the ultimate thickness control: by scaling the coating down to only a few
monolayers, the small nature of the lithium ions still allows them to be
transferred through the inactive coating and enables the beneficial proper-
ties of these coatings to still be applicable and even to be commercialized
[390].
13.4 influence of the ald coating on the lithium ion kinet-
ics
Despite the fact that non-conductive ALD coatings can in principle be
used as surface modifiers in lithium-ion batteries, the poor lithium-ion
conducting properties of for example Al2O3 raise the question of the in-
fluence of such coatings on the rate capability of the battery electrode
whose surface it is meant to stabilize. The rate performance of Al2O3-
coated electrodes is often omitted in literature, and the few reports where
rate information is being mentioned indeed confirm a very sensitive bal-
ance. A sufficiently thick ALD Al2O3 needs to be present to stabilize the






































Figure 13.7: Rate performance of the (a) ALD Al2O3 coated and (b) ALD TiO2
coated thin-film electrodes.
electrode, but the coatings need to be sufficiently thin to avoid introducing
a kinetic bottleneck on the electrochemical performance of the electrode
[330, 337, 391]. The question can be posed whether better options are avail-
able which can provide the beneficial effects a high-quality coating such
as ALD Al2O3 has to offer, without raising the impedance of the cell.
In paper V, planar thin-film electrodes are used to study the effect of
amorphous ALD Al2O3 and ALD TiO2 coatings on the rate performance
of LIB electrodes. The benefit of using a thin-film system lies in the sep-
aration of the electron source and drain (current collector | electrode)
from the lithium ion source and drain (electrode | electrolyte), which
are 1-dimensionally and spatially separated, which is not the case for the
complex 3-dimensional nature of lithium ion and electron transport in a
particle-based LIB electrode. Furthermore, the planar thin film geometry
is very easy to cover with atomic layer deposition, so additional effects
related to coating imperfections at corners or particle-particle interfaces
can also be excluded.
In this case, two thin-film electrode systems are used: a 40 nm anatase
TiO2 film and a 100 nm LiMn2O4 (LMO) film. The former can be consid-
ered as a model for an ideal electrode, as TiO2 has an electrode potential
well within the stability window of the electrode, and is not known to
suffer severely from metal dissolution or dramatic volume changes. Thus,
any effect of the coating on the performance of the electrode is purely
related to kinetic transfer of lithium ions across the modified electrode in-
terfaces. The latter electrode, i.e. the LMO film, does suffer from a range
of issues such as metal dissolution and electrolyte oxidation, and can thus
be used as a model system for electrode ageing.
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ALD coatings with thicknesses in the range of 0.5 nm to 5 nm were de-
posited on the anatase TiO2 electrode. The rate performance was evalu-
ated, as shown in figure 13.7. Al2O3 is considered a non-conductive com-
pound for lithium-ions. As expected, a decrease in rate performance can
already be observed for extremely thin films (0.5 nm) in figure 13.7(a). For
thicker coatings the effect becomes increasingly dramatic: a 1 nm Al2O3
reduces the 200C capacity to half the available 200C capacity for the un-
coated TiO2 electrode, and with a 2 nm Al2O3 coating only 7% remains.
Films beyond 2nm no longer accommodate the transfer of lithium ions
across the modified interface.
As a second case, amorphous ALD TiO2 was evaluated. TiO2 itself is
also an electrode material: its crystalline form is used as thin-film elec-
trode here. This implies that it is a conductor for lithium ions. From figure
13.7(b), it can be seen that a coating of up to 5 nm has no performance
degrading effect on the electrode, and the kinetics of the underlying thin-
film electrode are completely preserved.
The blocking nature of ALD Al2O3 is a rather surprising result as it
is easily the most investigated coating in literature. To further clarify its
blocking nature, cyclic voltammetry and electrochemical impedance spec-
troscopy were used to study the different aspects of the resistive nature
of these coatings. Cyclic voltammetry revealed that the lithium ion trans-
fer through ALD Al2O3 is surprisingly asymmetrical; the coating poses a
greater kinetic barrier for lithium ion insertion from the liquid electrolyte
to the electrode than vice versa. Electrochemical impedance spectroscopy
was performed at OCP for a film thickness of 0.5 nm to 3.0 nm of ALD
Al2O3 coated on the TiO2 electrode. A fit was performed according an
R-RQ-RQ-Q equivalent circuit, with Q representing a constant phase el-
ement. The latter RQ-element is not present for the uncoated TiO2 elec-
trode, and is thus related to the additional surface coating imposed by the
ALD Al2O3 film. Figure 13.8 shows that an increasingly larger semicircle
is present for increasing thickness of the coating. An almost linear relation
can be found between the two, which can be fitted to a room temperature
conductivity of σLi+ = 6.7× 10−13 S cm−1. A coating of 3 nm ALD Al2O3
appeared to be completely shielding the electrode from lithium ion inser-
tion, as is evident from the lack of a distinguishable semi-circle. As a point
of note here, the reader has to take into account that a semicircle could still
be present, but the magnitude may be too large, which places it outside
of our measuring range. Furthermore, the constant phase element evolved
from a non-ideal capacitor to an ideal capacitor for 0.5 nm to 3 nm of ALD
Al2O3, respectively. Thus, a coating of 3 nm of ALD Al2O3 appears to act
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Figure 13.8: (left) Electrochemical impedance spectroscopy measurement of the
ALD Al2O3 coated thin-film electrode as depicted in figure 13.7(a). The solid lines
are fitted spectra according to the equivalent circuit shown. (right) The fitted in-
terface resistance imposed by the ALD Al2O3 coating, indicating the boundary
where the ALD Al2O3 coating becomes blocking towards lithium ions.
as an impenetrable capacitor for lithium ions, rather than a lithium-ion
transferring resistor for thinner coatings.
In conclusion, it appears that to reap the benefits of an ALD Al2O3
coating, a sacrifice will have to be made towards rate performance. Other
coatings, such as ALD TiO2, have also been reported to yield improved
battery performance [39, 310, 344, 349, 355, 356, 367–369]. These coatings
can be a wiser choice if rate performance is critical, as is often the case in
nano-structured batteries.
13.5 case studies for improvement of battery performance
by interface engineering
With the effects of the ALD Al2O3 unravelled in the previous section on
an ideal system, less ideal model systems need to be explored to investi-
gate whether non-blocking coatings such as ALD TiO2 can indeed be both
beneficial and at the same time maintain the rate performance. In paper
V, a thin-film LMO film is examined in the overcharged region (3.5V to
4.5V vs Li+/Li) to study the effect of these coatings on the solvent oxi-
dation at those potentials. Finally, in paper VI one of the electrodes from
the previous chapter, i.e. crystalline V2O5 from ALD vanadium oxide, is
revisited on a 3D-structured current collector scaffold provided by a forest



































Figure 13.9: (a) Cyclic voltammogram (at 1mVs−1) and (b) rate performance of
100 nm LiMn2O4 films, either uncoated (black) or coated with 1 nm ALD Al2O3 or
5 nm ALD TiO2 (blue).
of carbon nanotubes (CNTs). By deep lithiation of the V2O5, this nanos-
tructured electrode suffers from metal dissolution, and can be considered
a model system for this ageing phenomenon. The effect of an ALD TiO2
coating on these electrodes is evaluated.
13.5.1 Lithium manganese oxide and the electrolyte oxidation
LiMn2O4 or LMO is a material that is heavily investigated as a candidate
cathode to replace LiCoO2 because of its low cost and high safety (high
flash point). However, it is known to suffer from a range of issues causing
accelerated ageing, such as undesirable lattice distortions, metal dissolu-
tion and solvent oxidation due to the highly oxidative nature of Mn4+.
The solvent of the electrolyte used in this work, propylene carbonate, is
reported to decompose on noble metal substrates above 4.0V vs Li+/Li
[392]. Here, we will intentionally drive LMO outside of the stability win-
dow of the electrolyte by performing a delithiation step up to 4.5V vs
Li+/Li. The influence of the two ALD coatings, i.e. ALD Al2O3 and ALD
TiO2, is studied on this decomposition behaviour and how this translates
to the rate capability of the thin-film electrodes.
First, the electrodes are ’strained’: several CV sweeps are performed
in the 3.5V to 4.5V vs Li+/Li range, which corresponds to (dis)charging
the LixMn2O4 spinel for 0 > x > 0.5. In the completely discharged state,
i.e. above ∼4.2V vs Li+/Li, no lithium is left in the film, meaning that
all the manganese has a 4+ oxidation state. By further raising the poten-
tial, the propylene carbonate electrolyte is oxidized and deposited on the
electrodes, forming a solid-electrolyte interphase.




(a) DLMO + RSEI (b) DLMO + RAl2O3 + RSEI (c) DTiO2 + DLMOLi+
Figure 13.10: Charge transfer resistances for the uncoated LMO (left), ALD Al2O3-
coated LMO (middle) and ALD TiO2-coated LMO (right). R represents a charge
transfer resistance, while D represents bulk diffusion.
Two amorphous ALD coatings are examined to prevent this ageing
mechanism from occurring: ALD Al2O3 and ALD TiO2. Based on the pre-
vious results, thick ALD Al2O3 coatings are too resistive towards lithium
ions, and thus a 1 nm ALD Al2O3 film was chosen as the first coating.
Since ALD TiO2 poses no kinetic bottleneck whatsoever, the maximal in-
vestigated coating thickness (5 nm) was used for this film. Figure 13.9(a)
shows the cyclic voltamograms during straining of the electrodes. Two
observations can be made straight away from these measurements:
• Although an ultrathin ALD Al2O3 coating was chosen, i.e. only 1 nm,
the two peak couples related to lithium ion insertion and extraction
from the LMO are still severely suppressed for the Al2O3-coated
LMO. The TiO2-coated LMO does not suffer from peak suppression,
rather, the insertion and extraction peaks are sharper and closer to-
gether, indicative of a lower internal resistance.
• A third cathodic feature can be observed above 4.3V vs Li+/Li, which
is linked to solvent oxidation. This feature is not suppressed for the
Al2O3-coated LMO, but a clear reduction of solvent oxidation is read-
ily observable for the TiO2-coated LMO electrode.
Figure 13.9(b) shows the rate capability after the straining of the electrodes
for several cycles. For the lowest C-rates, the capacity for the three elec-
trodes coincides. The rate capability of the Al2O3-coated LMO is inferior
to the uncoated LMO, and drops dramatically for higher C-rates. This
was to be expected, based on the previous discussion of the nature of the
ALD Al2O3 coating, alongside the observation that the solvent oxidation
is not suppressed. For this electrode, a double kinetic bottleneck thus ex-
ists, one formed by the solid electrolyte interphase (RSEI), and one posed
by the deposited ALD Al2O3 coating (RAl2O3 ), resulting in very poor rate
performance.
The rate capability of the ALD TiO2-coated LMO is surprisingly much
better than the uncoated LMO. Here, the hypothesis is that this is caused
by a deteriorated rate performance of the LMO itself, i.e. diffusion through
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the solid-electrolyte interphase layer (DSEI) formed on the LMO. As is
clear from figure 13.9(a), the PC solvent oxidizes when the potential is
swept to 4.5V vs Li+/Li. Figure 13.10 shows that a solid electrolyte inter-
phase is thus present on the electrode surface, imposing a charge transfer
impedance for the lithium ions to be inserted or extracted from the elec-
trode. The ALD TiO2 in itself does not pose a significant charge transfer
impedance as the diffusion through amorphous ALD TiO2 is reported
to be very fast [393]. So, suppression of the solvent oxidation and thus
the formation of the SEI impedance allows the kinetics for this electrode
to surpass that of the uncoated electrode. In conclusion, for this case an
ALD TiO2 surface modifier is a superior choice compared to ALD Al2O3.
13.5.2 3D Vanadium pentoxide and metal dissolution
Figure 13.11: The synthesis route towards TiO2/V2O5/MWCNTs electrodes.
With the excellent performance of ALD TiO2 as a stabilizing layer in
mind, its functionality on a far more complex system is investigated. The
synthesis of these electrodes is summarized in figure 13.11. A 3D-structured
electrode is devised by coating amorphous ALD VOx on a ∼5 µm thick,
highly porous current collector, i.e. a dense forest of carbon nanotubes
(CNTs). The VOx is crystallized by a careful anneal in air to V2O5, in or-
der to leave the CNTs and TiN current collector unchanged. As was shown
in part iii of this thesis, crystalline V2O5 films suffer from serious capac-
ity fading when lithiated to Li2V2O5, i.e. to a potential of 2.0V vs Li
+/Li.
From the previous section, it is clear that ALD TiO2 can act as a retardant
for the solvent oxidation at high potentials, without imposing a bottleneck
on the battery kinetics. Here, the ageing mechanism of V2O5 is shown to
be related to the dissolution of vanadium into the liquid electrolyte. An
amorphous ALD TiO2 was deposited on the V2O5/CNTs electrodes to in-
vestigate whether this coating could also act as a metal dissolution barrier,
and improve the cycle life of the high capacity V2O5/CNTs electrodes.
As the topology of this electrode is much more complex than the thin-
film systems described above, the quality of the coatings needed to be
evaluated. Advanced electron microscopy measurements were performed






Figure 13.12: (a) Cross-sectional SEM, (b) HRTEM and (a) HAAFD-STEM im-
age of the 25 cycles coated V2O5/CNTs electrodes. (d) A superposition of 3D-
reconstructed elemental distributions of C, V and Ti of a V2O5/CNTs electrode
coated with 25 cycles of amorphous ALD TiO2, from EDX-STEM.
234 13 ultra-thin ald films at the interfaces



























Figure 13.13: Rate performance of the uncoated V2O5/CNTs (black squares), and
V2O5/CNTs coated with 5 (red circles) or 25 (blue triangles) ALD cycles of TiO2.
The capacities are normalised to the amount of vanadium in the electrodes.
at the EMAT electron microscopy centre in Antwerp. Figure 13.12(a) is a
cross-section of the CNTs as measured by SEM. A dense forest of inter-
linked CNTs is visible, with a substantial degree of porosity in between.
Coating these substrates with ALD vanadium and titanium oxides did
not change the morphology on this scale. However, HRTEM revealed the
coatings deposited on a single CNT. The crystalline nature of the V2O5 is
clear from the periodic spacing of the individual atoms in this layer. No
such periodicity was observed for the ALD TiO2 layer, indicating an amor-
phous film. An HAADF-STEM image of individual coated CNTs is shown
in figure 13.12(c). By varying the measurement angles, a tomographical
reconstruction could be made from the individual CNTs. Furthermore, by
combining this with EDX, a 3D elemental map could be reconstructed, as
shown in figure 13.12(d). The reader is invited to view a short movie of
this HAAFD-STEM and EDX-STEM reconstruction at this link.
Finally, the performances of the uncoated and ALD-coated V2O5/CNTs
electrode are evaluated in figure 13.13 and 13.14. To allow for direct com-
parison between the samples, the capacities had to be normalised, as the
CNT density was not equal for every sample. The actual capacities are
presented in the supplementary of paper VI. To give the reader a point
of reference; the footprint capacities measured at 1C are in a range from
70µAh cm−2 to 90 µAh cm−2.
As was expected from the previous sections, the addition of an ALD
TiO2 coating did not impede the rate capability, except for very high C-
cocoon.ugent.be/sites/default/files//M1.mpg
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Figure 13.14: Cyclability of the uncoated V2O5/CNTs (black squares), and
V2O5/CNTs coated with 5 (red circles) or 25 (blue triangles) ALD cycles of TiO2.
The capacities are normalised to the amount of vanadium in the electrodes. The
inset shows the amount of vanadium retained on the electrode after 100 charge-
discharge cycles, compared to the respective pristine electrodes.
rates, where the electrode coated with 25 cycles of TiO2 performs marginally
poorer than the other two electrodes. The cyclability of these electrodes
on the other hand changed significantly by the coating. The uncoated
V2O5/CNTs age rapidly: close to 17% of the initial capacity is lost over
100 charge-discharge cycles. This capacity fade is delayed by coating the
electrode with 5 cycles of ALD TiO2; capacity fading for those electrodes is
only observed after the 65th cycle, and a larger fraction of the capacity re-
mains available after 100 cycles. Coating the V2O5/CNTs electrodes with
25 cycles of ALD TiO2 on the other hand completely impedes their ageing.
As can be seen from the inset in figure 13.14, this ageing corresponds very
well to a fraction of the vanadium oxide dissolving from the surface of the
electrodes into the electrolyte. A coating of 5 ALD cycles of TiO2 appears
to be insufficient to completely halt this dissolution, but for 25 ALD cycles
of TiO2 on the other hand almost all of the V2O5 is still present after 100
cycles.
Moreover, for the V2O5/CNTs electrodes coated with 25 cycles of ALD
TiO2 an increase in capacity is observed, which is linked to the gradual
amorphisation of the V2O5 films. In the previous part, it was shown that
amorphous films of V2O5 have a better rate performance compared to
their crystalline counterpart, and it is thus hypothesized that this increase
in capacity is related to an increasing fraction of amorphous vanadium
oxide in the electrode.
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To conclude, despite the fact that ALD Al2O3 is attributed beneficial
properties in literature, the same beneficial properties are found here for
ALD TiO2 coatings, while much better kinetics can be maintained. In elec-
trode engineering, Al2O3 should not be considered as the only option, and
perhaps not even as the ideal coating, and especially coatings with better
lithium ion conducting properties are by definition a better choice.
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abstract
Interface modification is a heavily investigated method of extending the
lifetime of lithium ion batteries. While many studies have explored the ef-
fect interface coating on the lifetime, the rate capability is often overlooked.
In this study, we investigated the influence of ultrathin (<10nm) ALD
coatings of amorphous Al2O3 and amorphous TiO2. It was found that, on
thin-film anatase TiO2, the rate capability is unaffected by an amorphous
TiO2 coating since it does not pose an additional impedance on the sys-
tem, while Al2O3 coatings are detrimental for the rate performance due
to the 1.5× 1012Ω cm resistivity towards lithium ions. A thicker than 2nm
ALD Al2O3 film was found to block lithium transfer completely, result-
ing in a purely capacitive film. Solvent oxidation was studied on thin-film
LiMn2O4. We demonstrated that both coatings can partially solve the sol-
vent decomposition. However, the kinetic bottleneck posed by 1nm Al2O3
was still greater than the uncoated LiMn2O4, leading to worsened rate
capability. ALD TiO2 on the other hand could prevent most of the sol-
vent decomposition, resulting in smoother electrodes. The absence of the
decomposition layer and lithium conducting properties of the ALD TiO2
films result in an improved rate capability for the ALD TiO2 coated elec-
trode.
introduction
Autonomy comes in all shapes and sizes, ranging from electric vehicles re-
quiring a sufficient reach and acceleration, to small chip devices requiring
local energy storage and production. No matter the size of the application,
modern day technology could not be where it was, and where it’s going,
without energy storage. Lithium ion batteries (LIBs) are nowadays storage
medium of choice, due to the superior storage capacity and power density
compared to other mature battery types. However, industry is still push-
ing to further improve the power capability and lifetime of the battery,
which is constantly being out-paced by the demands of new applications
[62].
To obtain such advances in LIBs, two routes are under investigation. On
the one hand, novel material chemistries are being investigated, for ex-
ample moving from the classical graphite anode to high capacity compos-
ites of graphite including silicon, and moving from the original cathode
LiCoO2 to cheaper and safer high-power cathodes such as spinel LiMn2O4
(LMO), and higher energy compounds such as LiMn1.5Ni0.5O4 (LMNO)
[16]. On the other hand, the classical lithium ion battery can still be im-
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proved to some extent, by nanoscaling the electrodes [26, 158, 393], moving
to complex 3D battery architectures [63, 187], Carbon nanotube or carbon
nanosheet based electrodes [394], and interface engineering [355, 395–397].
Interface engineering in particular has received much attention, since
many of both the lifetime and power density degradation effects are re-
lated to what happens at the interface. On the negative electrode side, the
potential is often too low for the electrolyte’s solvents, causing them to
reduce during the first charge of the battery and forming an organic layer
called the Solid-Electrolyte Interface (SEI). While this layer is in itself a pro-
tective layer against further SEI formation, several downsides are found
because of it, amongst which are irreversible lithium loss, reduced lithium
diffusion coefficient, temperature instability and incontrollability of the
critical solid-liquid interface. On the positive electrode side, many battery
lifetime killer phenomena are also related to direct electrode-electrolyte
contact, such as metal dissolution, which is particularly troublesome for
manganese-containing cathodes [241, 397], or solvent oxidation, causing
an SEI on the cathode side [328, 392].
Electrode surface coatings can be applied to mediate these effects. Many
coatings techniques are used to improve battery lifetime; but the best re-
sults are obtained using atomic layer deposition (ALD) because of its con-
formal nature, allowing direct coating on the composite electrode in stead
of coating on the electrode particles, and because of the extremely uni-
form nature of the films, causing no pinholes or thickness variations along
the coating [69, 72]. Jung et al for example compared an ALD Al2O3 film
coated on graphite particles and on a composite graphite anode. The lat-
ter showed improved cyclability, while the performance of the former was
decreased [88, 336]. Many materials have been investigated since research
on ALD coatings for lithium-ion batteries started in 2010 [81, 83–85], most
of the work dealing with ALD Al2O3 coating of various thickness on elec-
trode powders [47, 138, 336–347], composite electrode [47, 49, 88, 138, 330,
336, 343, 347–360] or even the separator [88]. These coatings can suppress
SEI formation, act as an artificial SEI, strengthen the electronic network
by knitting the electrode together, act as an HF scavenger, help maintain
particle morphology, prevent unwanted phase tranformations and block
metal dissolution. The net result of these coatings is generally an extended
lifetime. However, alumina has a very low lithium diffusion coefficient,
typically even lower than the naturally formed SEI. So, while the result
of coating with simple non-conductive oxides is a longer lifetime, this can
pose a kinetic bottleneck, as pointed out by some researchers. For example,
Wang &Wang [349] found that only 10 ALD cycles of alumina reduces the
Sometimes also called ’solid electrolyte interphase’.
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diffusion coefficient of lithium in a graphite anode. Furthermore, Li et al.
[356] found that even a coating of 2 ALD cycles of Al2O3 introduces a
significant voltage hysteresis, which results in a worsened rate capability.
Other ALD coatings are also investigated, such as TiN [39, 361], ZrO2 [345,
347, 356, 362–365], HfO2 [335, 366], TiO2 [39, 310, 344, 349, 355, 356, 367–
369], ZnO [48, 345, 347, 370, 371], hybrid metal-organic films [352, 372]
and ALD solid electrolytes [87, 375–377]. While the focus of the investiga-
tion is mostly to improve the lifetime of the electrodes, the kinetics are an
often-overlooked and very important battery characteristic.
Here, we use two ideal model systems to investigate amorphous coat-
ings of alumina and titania, and unravel their influence on the kinetics
of the electrode. Planar thin film electrodes were chosen to simplify the
electronic and ionic flow, from three-dimensional in electrode particles
to one-dimensional in thin-film electrodes. Anatase TiO2 was selected as
model system, since this is a very low volume change material with an
electrochemical potential above solvent reduction potentials (TiO2 shuf-
fles lithium around 1.8V vs Li+/Li) and no metal dissolution is known
for TiO2. So, contrary to many performed studies, here, we examine an
already close-to-ideal system to separate the influence of the coating from
the issues, and examine it as such. Finally, we apply the coatings under
study to a model system which does suffer from known issues, which
is thin film LiMn2O4. By overcharging it well beyond electrolyte solvent
stability, we induce a solvent oxidation layer (SEI) on the LiMn2O4, and
study the influence of the kinetics with this effect present. We find that,
while Al2O3 is the most investigated buffer layer, it imposes a kinetic bot-
tleneck on the battery, degrading power capability of the electrodes. Non-
blocking alternatives providing similar protection to known issues exist,
such as TiO2.
experimental
Ultra-thin films were deposited in a home-built high-vacuum ALD re-
actor [93–95] with a base pressure of 10−7mbar. The reactor walls are
heated to 95 ◦C to avoid precursor condensation. Trimethyl aluminium
(TMA) and water were used to deposit amorphous Al2O3, and Tetrakis
(dimethylamido)titanium (TDMAT) and water were used to deposit amor-
phous TiO2, at substrate temperatures of 100 ◦C and 150 ◦C, respectively.
5 second precursor pulses of 5× 10−3mbar were alternated with pump
times allowing the pressure to drop to 10−6mbar. Films were deposited
SEI is mostly used to describe the layer formed on the anode, but for simplicity, we will call
the solvent oxidation layer here by the same denominator.
241
on 100 nm thermal SiO2 on Si to monitor the thickness. As electrodes, TiO2
and LiMn2O4 thin films were used. The TiO2 electrode constituted a stack
of 20 nm SiO2 - 40 nm PVD TiN - 40 nm anatase TiO2 acting as an adhesion
layer, current collector and thin-film electrode, respectively. The LiMn2O4
electrode constituted a stack of 60 nm PVD TiN - 80 nm PVD Pt - 100 nm
PVD LiMn2O4 as current collectors and thin-film electrode, respectively.
Film thickness on the SiO2 substrate was characterised by X-ray reflec-
tivity (XRR) measurements using a copper X-ray source (Cu Kα radiation
at 0.154 nm) and a point detector. XRR was not possible for the films on the
electrode substrate due to the substrate complexity, so alternative thick-
ness characterisation was used. For the ALD Al2O3 films, spectroscopic
ellipsometry (SE) was performed for the films on the SiO2 substrate and
on the electrode substrate. The ALD Al2O3 film thickness was fitted using
a Cauchy model, resulting in a good match of the thickness to the XRR-
measured values. The ellipsometer used was a J.A. Woollam M-2000 with
a wavelength range of 245 nm to 1000 nm. X-ray fluorescence was used to
evaluate the amount of titanium deposited on the substrates. A Mo Kα
X-ray source was used for these measurements.
Electrochemical characterisation was carried out in an Ar-filled glove
box (O2 <1 ppm, H2O <1 ppm) with a Metrohm Autolab PGSTAT702 po-
tentiostat/galvanostat connected to a three-electrode cell. Electrical con-
tact of the working electrode was established by contacting the thin-film
current collectors exposed at the side of the samples to a copper foil,
using a silver paste. Lithium ribbon (99.9%, Sigma Aldrich) was used
as counter- and reference electrodes, and 1M LiClO4 in propylene car-
bonate (99%, io-li-tec) was used as Li+ electrolyte solution. Impedance
spectroscopy was performed using an Autolab PGSTAT702 potentiostat
equipped with an impedance module. The frequency ω of the applied
modulation was varied between 100 kHz and 0.1Hz. A sinusoidal pertur-
bation of 10mV was applied around the measured open circuit potential.
From the phase shift (φ) and amplitude of the current response of the
system, the complex impedance was determined for every frequency as
Z(ω) = |Z(ω)|e−jφ(ω) = Z′(ω)− jZ′′(ω).
Cross-sectional Scanning Electron Microscopy (cross-SEM) was used
to evaluate the film surface morphology, using a FEI Quanta 200F high-
vacuum electron microscope.
results and discussion
The aim of this study is to examine the effect of an ultra-thin coating
on TiO2 and LiMn2O4 thin film electrodes. The coatings envisioned here




























Figure 14.1: Thickness of the ALD Al2O3 film, deposited on SiO2 substrates as a
reference and on the TiO2 electrode for electrochemical characterisation. Thickness
measurements on the formed possible using x-ray reflectivity and spectroscopic
ellipsometry, while the latter substrate only allowed spectroscopic ellipsometry.
are 0.5 nm, 1 nm, 2 nm and 3nm of amorphous Al2O3, and 1 nm, 2 nm and
5nm of amorphous TiO2. Both are deposited using thermal ALD at 150 ◦C,
using water as an oxygen precursor and TMA or TDMAT as a metal pre-
cursor for the alumina or titania, respectively. The number of ALD cycles
was adapted to the growth rates of the respective ALD processes, which
were found from the linear dependence of thickness on number of ALD
cycles measured on a SiO2 monitor substrate which was added to every de-
position, as measured using XRR (figure 14.1 and figure 14.2(a)). XRR was
not possible for the coated electrodes due to the complexity of the stack.
To confirm the Al2O3 thickness, the films were measured using spectro-
scopic ellipsometry (SE), and a good agreement was found between the
thickness measured by SE and XRR on both substrates. For the ALD TiO2
coating, ellipsometry was not straightforward due to the ambiguity of
the fitting, caused by the similar optical nature of the ALD TiO2 and the
TiO2 in the electrode substrate. To overcome this, a relation was studied
between the titanium XRF counts and the film thickness. Figure 14.2(a)
shows a clear linear relation between the XRF counts and the film thick-
ness. The titanium XRF counts of the ALD TiO2-coated electrodes in figure
14.2(b) clearly show a similar trend, allowing us to conclude that the films
are the same thickness on both the SiO2 and the electrode substrates, as is
expected for atomic layer deposition.
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Figure 14.2: (a) Thickness of the ALD TiO2 films deposited on a SiO2 substrate, as
measured by XRR and SE (left axis) and titanium XRF counts for the same films,
scaled to the silicon XRF signal to account for measurement variations (right axis).
(b) Titanium to silicon XRF signal ratio for the ALD TiO2 films on the SiO2 monitor
substrate and on the TiO2 electrode substrate.
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Thin film TiO2 as an ideal electrode model system
The coatings were deposited on 40 nm of anatase TiO2. Since this is a
near-zero volume expansion material with the active potential well above
solvent reduction potential, very little intrinsic problems exist, making it
an ideal model material. First, the kinetics of the electrode are tested by
varying the current density from 1C to 200C, which corresponds to current
densities equivalent to charging the theoretical capacity of the electrode in
1 hour and 18 seconds, respectively. The capacity retained at high C-rates
gives information concerning the rate-limiting step of the charge-storage
process, which is mostly related to charge transfer over the interface with a
thin-film electrode. By modifying the interface with the ALD coatings, we
can examine the effect of the coating on the kinetics. Figure 14.3 shows the
results for the alumina- and titania-coated electrodes on two Peukert plots,
ranging between 1C and 200C. The applied current densities for every C-
rate were calculated from the theoretical capacity for TiO2 (168mAhg−1),
the density for bulk anatase TiO2 (3.78 g cm−3), the film thickness (40 nm)
and the cell surface (0.9503 cm2), resulting in a theoretical capacity of the
electrodes of 2.4 µAh. The applied currents thus ranged from 2.4 µA (1C,
(dis)charging in 1 hour) to 480 µA (200C, (dis)charging in 18 seconds).
From figure 14.3 (a) it is immediately apparent that an alumina coat-
ing has a detrimental effect on the kinetics. Even a coating as thin as
0.5 nm Al2O3 already shows a slow-down of the kinetics. A 1nm Al2O3
reduces the 200C capacity to half the available 200C capacity for the un-
coated TiO2 electrode, and with a 2 nm Al2O3 coating only 7% remains.
A thicker layer, such as 3 nm Al2O3, no longer allows lithium storage in
the underlying TiO2 electrode. Thus, only ultra-thin layers of alumina can
be used as a coating, and will be examined further. The TiO2 coating on
the other hand shows completely different behaviour. Rather than reduc-
ing the kinetics of the buried TiO2 electrode, the excellent kinetics of the
latter are maintained, and even slightly improved for very high C-rates.
The latter effect could be caused by the ability of the coated amorphous
TiO2 to store lithium in the same potential range as the burried anatase
TiO2 layer. Since amorphous electrodes are known to exhibit excellent ki-
netics, a better capacity retention can be expected for the coating than
the buried crystalline electrode affecting the charge/discharge kinetics at
high C-rates. We realise that applying an amorphous TiO2 coating onto
the anatase TiO2 electrode adds active material, as the amorphous TiO2
lithiates in the same potential range as the anatase TiO2. However, even
for the 5 nm coating, the buried TiO2 still makes up more than 85% of the
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electrode, so we argue that the lithiation capacity will still be dominated
by the anatase TiO2.
To unravel the mechanism behind the blocking nature of the Al2O3
coating, the coated electrodes were studied using cyclic voltammetry at
varying sweep rates as well as using impedance spectroscopy. Figure 14.4
shows the cyclic voltammograms for a sweep rate of 1mVs−1. Generally,
the peak current (Ip) of cyclic voltammetry experiments can be determined
from
Ip = αvx (14.1)
where v is the scan rate (in V s−1). In this equation, the interpretation
of α is dependant of the charge transfer mechanism, defined by the ex-
ponent x. For example, if x = 0.5 the charge transfer mechanism is an
infinite diffusion length mechanism, and the ruling equation simplifies to
the Randles-Sevcik equation, where α is related to diffusion. For higher
values of x, the diffusion region becomes smaller than the system itself,
which in the ultimate case results in a capacitor for x = 1. In general, α
is thus related to both diffusion and kinetic components. By varying the
scan rate from 1mVs−1 to 100mVs−1 for the uncoated and coated elec-
trodes and extracting the peak currents for each scan rate, as is shown
in figure 14.5 for the uncoated TiO2 electrode, α and x can be determined
from the fit between peak current Ip and the scan rate v. The fits according
to equation 14.1 for every electrode are shown in figure 14.6, and indicate
an excellent agreement between data and fit.
Figure 14.7(a) shows the resulting α-parameters for lithiation and delithi-
ation of the coated thin-film electrodes, scaled to the parameter for lithium
extraction from the uncoated electrode (α0). Several observations can be
made from these data. First, it is clear that the alumina coating has a
very negative effect on the insertion and extraction of lithium into the
electrode, as α is reduced significantly even for a coating of only 0.5 nm
of ALD Al2O3. Thicker coatings cause an ever bigger decrease: for 2 nm
ALD Al2O3 α/α0 is reduced to 65% for the lithium insertion, and almost
one orders of magnitude for lithium extraction from the electrode. ALD
Al2O3 layers above 2 nm are no longer transparent for lithium, and render
the buried electrode inaccessible for ion storage. For the ALD TiO2 coat-
ing, α is practically constant, almost independent of coating thickness. For
thin TiO2 coatings, a slight improvement could even be observed. These
observations further solidify the blocking nature of the ALD Al2O3 coat-
ings, and conductive nature of the TiO2 coating. Futhermore, figure 14.7(b)
shows the power x of equation 14.1. For the uncoated electrode, the power
lies just above 0.5, indicating finite length diffusion as the predominant
rate limiting step. While the TiO2 ALD coating barely modifies this value,
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Figure 14.3: Peukert plot, showing the delithiation capacity of the electrodes under
study, measured by charging and discharging the films at current densities varying






































Figure 14.4: Cyclic voltammetry of the 40 nm thin film anatase TiO2 electrodes,
coated with ALD Al2O3 (top) and ALD TiO2 (bottom). The potential was varied
at 1mVs−1 between 0.8V and 3.2V vs Li+/Li.
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Figure 14.5: Cyclic voltammetry of the uncoated 40 nm TiO2 electrode at scan rates
from 1mVs−1 to 100mVs−1 in the 0.8V to 3.2V vs Li+/Li range.
the Al2O3 ALD coating lowers the value significantly. This is indicative of
a severe iR drop (Ohmic drop), as this modifies the electrode potentials
and thus makes the measurements hard to interpret without iR correc-
tions, as this also influences the applied scan rate.
A second observation than can be made from figure 14.7 (a), is the dif-
ference in diffusion parameter between lithium insertion and lithium ex-
traction. For the uncoated sample, the α parameter is almost equal for
lithiation and delithiation, with the former found at 99% of the latter. The
α-values are almost unmodified by the TiO2 coatings and are all between
1.01-1.50, i.e. very close to the value for the uncoated electrode. For ALD
Al2O3 coatings on the other hand, the ratio rapidly decreases with increas-
ing coating thickness: the αextraction to αinsertion ratio varies from 80.0%,
71.6% to 25.3% for 0.5 nm, 1.0 nm and 2.0 nm of ALD AlO3, respectively.
This indicates that lithium liquid-to-solid transfer of lithium ions across
the Al2O3 interface is much easier than the solid-to-liquid transfer. The
slow-down of the kinetics will thus be mainly attributed to slow delithia-
tion, rather than slow lithiation. Although currently not completely under-
stood, we hypothesize that this may be related to coulombic repulsion ef-
fect, as the Al2O3 layer will be a signification potential barrier to overcome
to be insertion or extracted from the TiO2. Depending on the insertion or















































Figure 14.6: Electrochemical lithiation (negative) and delithiation (positive) peak
current of the cyclic voltammograms measured for the TiO2 electrodes, coated
with with ALD Al2O3 (top) and ALD TiO2 (bottom). The scan rate is varied be-
tween 1mVs−1 to 100mVs−1 in the 0.8V to 3.2V vs Li+/Li potential window. The
solid lines are fitted to the experimental data according to equation 14.1.




































Figure 14.7: Diffusion-related parameter α, extracted from cyclic voltammetry ex-
periments at varying scan rates and relating the observed peak currents to the
scan rate as Ip = α
√
v (figure 14.6). α is normalised to the lithium extraction of the
uncoated TiO2 electrode, marked as α0.
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is imposed for both, it will be harder to overcome in one direction, which
appears to be the extraction direction.
Besides peak current Ip, the peak potential Vp of the electrochemical
lithiation and delithiation can also be extracted from the cyclic voltamme-
try experiments. An additional analysis based on Ohmic arguments can
be found in supplementary (figures 15.1 and 15.2), which corroborates the
conclusions above; i.e. the resistance for lithium goes up dramatically for
the ALD Al2O3 coating with thickness, while the ALD TiO2 layer barely
modifies the lithium transfer resistance.
To truly unravel the blocking nature of the ALDAl2O3 coating, impedance
spectroscopy was performed at open circuit potentials for the coated but
uncharged electrodes. Plotting the imaginary part of the impedance−Z′′(ω)
as a function of the real part Z′(ω) for every frequency results in Nyquist
plots, which are shown in figure 14.8 up to 50 kΩ. A figure displaying the
lowest examined frequencies is shown in supplementary (figure 15.3). To
analyse these spectra, a fit was made using the MEISP package developed
by Barsoukov et al. [122]. The equivalent circuit used is shown in supple-
mentary information (fig 15.3, and is made up of four parts, from high to
low frequency elements:
1. a series resistance representing the electronic contacts and sheet re-
sistance of the current collector (Rs)
2. an R-C circuit corresponding to charge transfer into the TiO2 elec-
trode modelled by a resistor (Rct) and the accompanying double
layer capacitance modelled by a constant phase element (CPEdl)
3. a second R-C circuit corresponding to charge transfer across the coat-
ing layer (Rcoating and CPEcoating)
4. a constant phase element corresponding to diffusion of lithium into
the ’bulk’ of the electrode (CPEd)
The uncoated electrode was fitted without the second R-C circuit, as no
coating was present on the samples (and no second half-circle was ob-
served). The first R-C circuit has a rather high frequency response and
produces a fairly small semi-circle which is not visible on figure 14.8. As
a reference, a thicker film of 3 nm ALD Al2O3 on the electrode was also
measured. For that system, no lithium could diffuse into the system, so
the fit did no longer require the Rcoating (which became infinite) and CPEd,
since no lithium diffusion was present.
In an ideal system, the CPEdl and CPEcoating would be modelled by capacitors instead of
a constant phase element. The latter corresponds to something between a capacitor and a
resistor (ZCPE = 1/Y0(jωn).
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Figure 14.8: Electrochemical impedance spectra of the ALD Al2O3-coated elec-
trodes between 100 kHz and 0.1Hz, using a 10mV perturbation around the open
circuit potentials of the uncharged films. The top figure shows the experimental
data (symbols) and the fits, made according to the equivalent circuit shown as inset
in the bottom figure. The bottom figure shows the fitted data in a larger impedance
range, demonstrating the lack of secondary half-circles for the uncoated and 3nm-
coated electrodes.
The solid lines on figure 14.8 are the obtained fits applying the equiva-
lent circuit. These are good fits across the entire frequency spectrum, using
the two modifications for the uncoated and 3nm-coated samples, as de-
scribed above. The coating-related R-C circuit’s parameters, i.e. the coat-
ing charge-transfer resistance Rcoating, and the double layer capacitance
modelled by a constant phase element CPEcoating, are shown in figure 14.9.
The resistance for lithium is shown in figure 14.9(a), and increases almost
linearly from zero for the uncoated TiO2, up to 0.3MΩ for 2 nm of ALD
Al2O3, corresponding to a resistivity of 1.5× 1012Ω cm for lithium trans-
fer through ALD Al2O3. These high values of resistance for lithium trans-
fer across the interface certainly explain the difficulty to insert lithium at
high C-rates, corresponding to high currents, as the higher currents asso-
ciated with the higher C-rates will cause considerable iR-drops across this
interface, making lithiation virtually impossible. Furthermore, the double
layer capacitance CPEcoating, modelled by a constant phase element, be-
haves more and more as an ideal capacitor: as the coating approaches
3 nm thickness, corresponding to a lithium-blocking film, the n-factor ap-
proaches 1. The n-factor of the CPE is a measure of the degree of deviation
from an ideal capacitor or resistor: n = 1 corresponds to an ideal capacitor,
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while n = 0 corresponds to a resistor. Upon increasing coating thickness,
the film becomes less and less transparent for lithium, as is apparent from
the increasing coating resistance, and behaves more and more as an ideal
capacitor. At the blocking limit, a 3 nm coating behaves as an ideal capac-
itor, as lithium is stored on the one interface, and electrons on the other,
and no lithium transfer and storage in the bulk of the TiO2 film.
Thin film LiMn2O4 as model system for solvent oxidation
Since the TiO2 electrode in the previous section is a near-ideal model sys-
tem, no improvement is expected when a coating is used. Indeed, the
kinetics of the anatase TiO2 electrode are maintained by the best coating,
i.e. the amorphous ALD TiO2 coatings, but not improved, since they are
already excellent and not degrading. Keeping in mind that this coating
does not aggravate the kinetics in ideal situations, we can examine if it
can also mediate certain known issues, and in that way improve the in-
trinsic kinetics. To that end, thin film LiMn2O4 is used as a model system.
Several issues are present for LiMn2O4 as a cathode, mainly related to
manganese dissolution related to Mn3+ (∼ 3V vs. Li+/Li) and solvent ox-
idation related to the high oxidative nature of Mn4+ (> 4V vs. Li+/Li).
The latter is a serious issue on overcharging. When the 4.0V vs Li+/Li
range is exceeded, solvent oxidation can occur. Here, we artificially over-
charge LiMn2O4 up to 4.5V vs Li
+/Li to examine solvent oxidation, and
the effect on cathode kinetics. By only using the 4V vs. Li+/Li range of the
LiMn2O4, we don’t encounter the metal dissolution issue, which is not the
aim of this report. From the study above we know ALD Al2O3 is already
a non-ideal coating, due to the resistive nature of the layer. However, for
ultra-thin films (<2 nm), lithium can still pass reasonably well through the
films. Therefore, a 1 nm of ALD Al2O3 is examined. For the ALD TiO2, we
have shown that the bulk of the layer does not impose a kinetic barrier,
only the interface. Considering this, we examine a 5 nm of ALD TiO2 on
the LiMn2O4 cathode.
First, the electrodes were ‘strained’ by slowly charging and discharging
between 3.5V and 4.5V vs Li+/Li. Figure 14.10 shows the cyclic voltam-
mogram of the 4.0V vs Li+/Li region of LiMn2O4 after ‘straining’ the elec-
trode. The electrochemical signature of LiMn2O4, i.e. the 4.0V vs Li
+/Li
peak pair, is observed for both the uncoated LiMn2O4 and the LiMn2O4
covered with the ALD coatings. It is already apparent that the LiMn2O4
coated with 5 nm of ALD TiO2 displays better kinetics, which is visible
from the sharper and less separated peaks. The ultra-thin ALD Al2O3
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Figure 14.9: Electrochemical impedance spectra of the ALD Al2O3-coated elec-
trodes between 100 kHz and 0.1Hz, using a 10mV perturbation around the open
circuit potentials of the uncharged films. The figure shows the experimental data
(symbols) and the fits, made according to the equivalent circuit shown supplemen-
tary.
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Figure 14.10: Cyclic voltammetry of the uncoated 100 nm thin film LiMn2O4 elec-
trodes (black line), as well as the same film coated with either 1 nm of ALD Al2O3
(red line) or 5 nm of ALD TiO2 (blue line). The potential was varied at 1mVs−1
between 3.5V and 4.5V vs Li+/Li.
coating on the other hand shows a strong supression of the peaks, which
is caused by the blocking nature of these films.
The kinetics of the three ’strained’ cathodes were studied. The Peuk-
ert plot (figure 14.11) shows the resulting capacities. C-rates were deter-
mined based on the theoretical capacity of LiMn2O4 in the 4V region
(630mAh cm−3), film thickness (100 nm) and cell surface (0.9503 cm2),
resulting in a theoretical capacity of 6.0 µAh. At a current density of 6.3
µAh cm−2, corresponding to a C-rate of 1C, the capacity is almost identi-
cal for both coated and uncoated films, and close to the theoretical capacity
of LiMn2O4. At higher current densities, the capacity for the Al2O3-coated
film drops dramatically. This is expected, and can be related to the resis-
tive nature of the Al2O3 coating. Up to current densities corresponding to
5C, the capacity of the uncoated LiMn2O4 and the TiO2-coated film is only
decreasing slowly, and almost no effect of the coating is observed. How-
ever, beyond 5C the capacity of the uncoated LiMn2O4 film drops rapidly.
The best kinetics are clearly attributed to the LiMn2O4 film coated with
5 nm of ALD TiO2, far surpassing that of the uncoated LiMn2O4.
To examine the cause of these improved capacity retention at high C-
rates, the ’straining’ cycles of the three cathodes are examined. This acti-
vation is performed by charging and discharging the films at 3 µA, cor-
responding to a C-rate of 0.5C. The films are delithiated, lithiated and
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Figure 14.11: Delithiation capacity of the uncoated and coated LiMn2O4 electrodes
under study, measured by charging and discharging the films at current densities
between 3.5V and 4.5V vs Li+/Li.
delithiated again between 3.5V and 4.5V vs Li+/Li. Figure 14.12 shows
the resulting potential profiles for uncoated and coated LiMn2O4, and the
corresponding derivative charge profiles (dQ/dV) as a function of poten-
tial. The latter often reveal plateaus which are barely visible in the normal
potential profiles. For the uncoated sample, overcharging the LiMn2O4 re-
sults in a capacity far larger than the theoretical capacity. The characteristic
4V LiMn2O4 features are clearly present as two plateaus just above 4.0V
vs. Li+/Li and 4.2V vs. Li+/Li. However, as soon as the potential exceeds
4.3V vs. Li+/Li, the dQ/dV jumps up to a contant value, corresponding
to an increasingly thick film growing on top of the LiMn2O4. Aurbach et
al showed that the oxidation of the PC solvent can occur above 4.0V vs.
Li+/Li on noble metal electrodes [392]. Due to the highly oxidative nature
of Mn4+ in the discharged LixMn2O4, solvent oxidation can also occur at
the cathode interface. Since this process is not reversible (only the two
characteristic 4V LiMn2O4 features are observed during the subsequent
lithiation step), this film corresponds to a thick permanent film grown on
the LiMn2O4 surface. During the second charge, the same behaviour is
observed, but the onset potential for the irreversible reaction is shifted up-
wards to 4.4V vs. Li+/Li, indicating that the film grown during the first
irreversible reaction stabilizes the surface to some extent.
For the alumina-coated LiMn2O4 electrode, the onset of this irreversible
reaction is 4.4V vs. Li+/Li from the first cycle, indicating that the 1 nm of
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Figure 14.12: Potential profiles of the first delithiation, first lithiation and second
delithiation of the (a) uncoated LiMn2O4, (b) LiMn2O4 coated with 1 nm of ALD
Al2O3 and (c) LiMn2O4 coated with 5 nm of ALD TiO2. A current of 3 µA was
used, corresponding to 0.5C. The insets show the derivative of the charge profile
as a function of potential.




(a) DLMO + RSEI (b) DLMO + RAl2O3 + RSEI (c) DTiO2 + DLMOLi+
Figure 14.13: Schematic representation of the rate-determining factors for (a)
uncoated LiMn2O4, (b) ALD Al2O3 coated LiMn2O4 and (c) ALD TiO2 coated
LiMn2O4. D represents diffusion, and R represents charge-transfer resistance.
during the first cycle of the uncoated LiMn2O4, but without the irre-
versible loss of charge resulting in a very low Coulombic efficiency for the
uncoated LiMn2O4. Furthermore, the extent of irreversible lithium con-
sumption is less for the alumina-coated LiMn2O4 than for the uncoated
LiMn2O4. It’s important to note that this is not caused by an iR drop
over the coating, since the peak positions for the lithium insertion and
extraction of the LiMn2O4 as not shifted compared to the uncoated films.
Finally, the LiMn2O4 coated with 5 nm of ALD TiO2 shows a slightly dif-
ferent behaviour. While the irreversible reaction above 4.3V vs. Li+/Li is
clearly suppressed, even more so than was the case for the alumina-coated
LiMn2O4, the two plateaus corresponding to the fingerprint of LiMn2O4
are shifted upwards almost 0.2V for the first delithiation. During the sub-
sequent lithiation and delithiation, the peaks are on their expected posi-
tions around 4V vs. Li+/Li and 4.2V vs. Li+/Li. This may indicate that the
5 nm of ALD TiO2 needs to be ’activated’ during the first delitiation cycle
to allow lithium to pass through from the LiMn2O4 into to electrolyte, and
once ‘activated’ it acts as a protective coating.
The presence of the irreversible reaction above 4.3V vs. Li+/Li for the
uncoated LiMn2O4, and the suppression of it on the LiMn2O4 coated with
5 nm of ALD TiO2, explains the improvement in kinetics observed in the
Peukert plot in figure 14.11. Figure 14.13 summarizes the effect of the
coatings in this case. For unprotected LiMn2O4, an SEI-layer is formed,
posing an interface resistance as an additional rate-determining step (fig
14.11(a)). In the case of ALD Al2O3 coated LiMn2O4, this SEI formation
is not suppressed, but a third rate-limiting step is present from the Al2O3
coating itself, further reducing the kinetics (fig 14.11(c)).
The reduced kinetics using the LiMn2O4 coated with 1 nm of ALD
Al2O3 can be further explained when the layers are examined after the
electrochemical tests in the scanning electron microscope. Figure 14.14
shows cross sections of the layers, as received and post-cycling. On the as-
received LiMn2O4 (figure 14.14 (a)), we can clearly distinguish the silicon







(c) (d)LMO +  1nm Al2O3 LMO + 5nm TiO2
Figure 14.14: Cross section SEM images of (a) the as-recieved LiMn2O4, and the
samples post-electrochemical cycling: (b) uncoated LiMn2O4, (c) LiMn2O4 coated
with 1 nm of ALD Al2O3 and (d) LiMn2O4 coated with 5 nm of ALD TiO2.
collector, and the 100 nm LiMn2O4 at the top, which is a relatively smooth
layer. The cycled LiMn2O4 in figure 14.14 (b) still shows the clearly de-
fined current collector layers, but the LiMn2O4 layer has developed a sub-
stantial amount of surface roughness and particle-like structures on the
surface, likely related to this irreversible behaviour above 4.3V vs. Li+/Li.
The LiMn2O4 coated with 1 nm of ALD Al2O3 in figure 14.14 (c) still shows
this effect of severely enhanced roughening, so even though the 1 nm of
ALD Al2O3 layer can delay the formation of the solid electrolyte interface
layer and accompanying surface roughness by 0.1V, it still happens un-
der the conditions studied here. This results in the poorest kinetics, due
to the combination of a double kinetic bottleneck: lithium has to pass both
the solid electrolyte interface layer and the resistive Al2O3 layer. Finally,
the ALD TiO2 layer does not exhibit the extreme roughening of the sur-
face, as can be seen from figure 14.14(d). Electrochemically, the signature
of the solvent oxidation at high potentials is not completely suppressed
(figure 14.12(c)), but the surface morphology is clearly more pristine than
the uncoated and Al2O3-coated LiMn2O4 electrodes. As shown in figure
14.11(c), this lack of imposition of a rate-determining step other than the
diffusion through the TiO2 layer itself, which is not a kinetically limiting
factor as was demonstrated from the experiments on thin film TiO2, gives
us a better understanding of the improved kinetics the ALD TiO2-coated
LiMn2O4 compared to the uncoated LiMn2O4 in the case of overcharging.
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conclusions
In this work, we studied the effect of ultra-thin (<10 nm) coatings on elec-
trodes. Thin-film electrodes were used as model systems as they ensure
simple one-dimensional current flow and avoid the influence of binders
and conductive agents that are required in traditional powder-based elec-
trodes. An ideal model system, thin-film anatase TiO2, showed that ALD
Al2O3 coatings are a kinetic barrier for lithium, which is detrimental for
the electrode kinetics even for very thin coatings. As soon as the Al2O3
films are made too thick (>2 nm), they are completely blocking for lithium
ions and display capacitive properties. ALD TiO2 coatings on the other
hand were shown to be never blocking in the investigated thickness regime,
and only generate an interfacial resistance. As no bulk resistance was
found, the TiO2 does not constitute and impediment during charging and
discharging. The performance of these coatings on a non-ideal system
was examined by artificially overcharging thin-film LiMn2O4 up to 4.5V
vs. Li+/Li. In that case, we find that an Al2O3 coating again worsens the
kinetics of the electrode dramatically, while a TiO2 coating remarkably im-
proves it. The improvement was shown to be related to a strong reduction
of a solid electrolyte interface formation above 4.3V vs. Li+/Li, in combina-
tion with the lithium conducting nature of the TiO2 coating. This enables
us to conclude that, even though the most investigated ALD coating for
lithium ion batteries remains Al2O3, this coating material will not work
for high-power electrodes due to kinetic limitations. Lithium-conducting
coating materials such as TiO2 can provide interfacial protection while
maintaining far superior electrode kinetics.
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SUPPLEMENTARY TO PAPER V
cyclic voltammetry
To examine the electrode kinetics, cyclic voltammetry at a range of sweep
rates was performed. The sweep rate was varied between 1mVs−1 and
100mVs−1 in the potential range between 0.8V vs. Li+/Li and 3.2V vs.
Li+/Li. Peak potentials Vp and peak currents Ip of the electrochemical
lithiation and delithiation can be extracted from the cyclic voltammetry
experiments as described above. The peak potential can be deconstructed
to a contribution of the electrode potential Up, which is the energy of the
redox reaction of lithium with the TiO2 (Li
+ + e– + TiO2 ←−→ LiTiO2) and
a factor related to resistance R, as follows:
Vp = Up + Ip × R (15.1)
Raising the scan rate implies higher currents and more shifted potentials.
By performing CV measurements are varying scan rates, an array of Vp-Ip
couples can be extracted, and a resistance R can thus be found as the slope
of the peak current versus peak potential, for every sample, and the inter-
cept with the potential axis will correspond to Up. Due to the potential-
driven and non-equilibrium nature of the cyclic voltammetry, this does
not correspond to an actual impedance of the layer, but rather gives an
indication of the barriers that have to be overcome for lithium insertion
and extraction.
The validity of this approach was verified by evaluating the peak cur-
rent and peak potentials, and linear behaviour was found at scan rates
below 10mVs−1, as is shown in figure 15.1. For some samples, iR drops
at the high scan rates resulted in peak shifting beyond the measured po-
tential borders, which were not considered further to extract parameters.
While the peak current varied with scan rate according to a power law (see
main article), the peak potential displayed a step at scan rates of 10mVs−1.
We observe that the low scan rates (and low currents) are iR controlled,
while the high currents and scan rates are kinetically controlled. High
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Figure 15.1: Peak current and peak potentials for the TiO2 electrodes coated with
(a) ALD Al2O3 and (b) ALD TiO2, extracted from the cyclic voltammetry experi-
ments performed at a range of scan rates between 1mVs−1 and 100mVs−1.
currents seem to change the applied potential so far from the electrode-
potential that an electrostatic barrier can be overcome, which prevents
further change in the applied potential in respect to the electrodepotential.
To extract a resistance from an iR-like relation, only the lower range of
scan rates (≤10mVs−1) were considered. Figure 15.2 shows the evolution
of the electrochemical potential and relative resistance change compared
to the uncoated electrode as a function of coating thickness for the ALD
Al2O3- and ALD TiO2-coated electrodes. The electrode potentials remain
constant for the ALD TiO2-coated electrodes, and are decreased/increased
by the ALD Al2O3 coating due to the iR drop for lithium insertion/ex-
traction, respectively. The average between the insertion and extraction

























































Figure 15.2: Extrapolated peak potentials (top) and relative resistance change (bot-
tom) according to equation 15.1, extracted from the cyclic voltammetry experi-
ments at varying scan rates.
cating that the electrochemical potential is irrelevant of the coatings and
the electrode is unchanged by the coating process. Figure 15.2 (b) reveals
the same conclusion: the resistance for lithium goes up dramatically for
the ALD Al2O3 coating with thickness, while the ALD TiO2 layer barely
modifies the resistance.
electrochemical impedance spectroscopy
In the main paper, electrochemical impedance spectroscopy is performed
on ALD Al2O3-coated thin-film TiO2 electrodes. There, the spectra are pre-
sented up to 50 kΩ for clarity. For completeness, the fits to the same spec-
tra are presented here in the full examined frequency range, and plotted
up to 700 kΩ. Figure 15.3 shows these spectra and the equivalent circuit
they are fitted to.



























Figure 15.3: Fitted electrochemical impedance spectra of the ALD Al2O3-coated
electrodes between 100 kHz and 0.1Hz, using a 10mV perturbation around the
open circuit potentials of the uncharged films. The fits are made to the equivalent
circuit shown as inset.
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abstract
Vanadium pentoxide (V2O5) is proposed and investigated as a cathode ma-
terial for lithium-ion (Li-ion) batteries. However, the dissolution of V2O5
during the charge/discharge remains as an issue at the V2O5-electrolyte
interface. In this work, we present a heterogeneous nanostructure with
carbon nanotubes supported V2O5/titanium dioxide (TiO2) multilayers
as electrodes for thin-film Li-ion batteries. Atomic layer deposition of
V2O5 on carbon nanotubes provides enhanced Li storage capacity and
high rate performance. An additional TiO2 layer leads to increased mor-
phological stability and in return higher electrochemical cycling perfor-
mance of V2O5/carbon nanotubes. The physical and chemical properties
of TiO2/V2O5/carbon nanotubes are characterized by cyclic voltammetry
and charge/discharge measurements as well as electron microscopy. The
detailed mechanism of the protective TiO2 layer to improve the electro-
chemical cycling stability of the V2O5 is unveiled.
introduction
Lithium ion batteries (LIBs) are excellent power sources for a variety of
applications, such as wearables, medical implants, wireless sensors and
smart textiles due to their small form factor and high energy density [398].
By using thin films as electrodes, the ionic and electronic pathways in the
battery are much shorter and more efficient, which enables the use of high
power applications that require fast charging and discharging. The disad-
vantage of using thin films is their low storage capacity due to their lim-
ited thickness. However, this can be overcome by the application of thin-
film electrodes on a complex 3D substrate, with an enhancement of the
capacity enabled by the available surface enhancement [64, 186, 399, 400].
In this respect, carbon nanotubes (CNTs) are a well-known template for
high-energy and high-power applications, because of their high surface
area and their ability to function as an excellent current collector. How-
ever, a fully conformal coating technique is required to enable the use of
CNTs as a template for 3D thin film LIBs. As a result of the self-limiting
nature of the reactions between the gas-phase precursor and the substrate,
atomic layer deposition (ALD) is the ideal technique to reach this goal [69,
71, 72, 75, 401]. Indeed, ALD metal oxide layers, such as vanadium pen-
toxide (V2O5) or titanium dioxide (TiO2), deposited onto CNTs templates
have already been proven to be useful as electrode materials [30, 80, 81,
84, 265, 266, 310].
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Vanadium oxides and more specifically V2O5 have been widely inves-
tigated as LIB cathode materials. V2O5 layers are of great interest due to
their high specific capacity, natural abundance, and lower toxicity in com-
parison to currently used cathode materials [28, 38, 218, 219, 402, 403].
Generally, vanadium pentoxide is not considered ideal as a cathode for a
classical lithium ion battery due to its moderate electronic conductivitiy
(10× 10−3 S cm to 10× 10−2 S cm) and low lithium diffusion coefficients
(10× 10−13 cm2 s−1 to 10× 10−12 cm2 s−1) [233, 404–406]. For short diffu-
sion paths, such as thin-film cathodes, on top of good conductivity 3D
templates, such as CNTs, these limitations can be overcome [407, 408]. In
fact, summarized in a recent review by Huang et al, nanostructuring is
one of the three main strategies to enable the use of vanadium pentoxides,
alongside carbon hybridization and cation doping [283]. Up to 3 lithium
ions can be stored in V2O5, yielding a theoretical capacity of 442mAhg−1,
well above the capacity of LiCoO2, which is traditionally used as cathode
in commercial LIBs. However, only the insertion of one lithium ion is
found to be reversible, due to breaking of chemical bonds upon further
lithiation, initiating vanadium dissolution and breakdown of the crystal
structure [221, 223]. Metal ion dissolution is not only an issue for V2O5,
but is a significant factor in capacity fade in many cathode materials, for
example in LiMn2O4 [397].
Protective coatings have been found to alleviate this issue largely. So far,
Al2O3 buffer layers have been mostly used, since these layers have a pro-
tective function against solid-electrolyte interphase (SEI) formation at the
anode side [348, 349, 409] and metal dissolution at the cathode side [355,
356]. However, Al2O3 is essentially ionically blocking, so this coating is a
kinetic bottleneck that can only offer the desired protective function if the
layer is made ultra-thin (<1 nm) [356, 410]. Thus, the protective function
of Al2O3 ensuring no loss in energy density causes a loss in power den-
sity. Other coating materials that are not ionically blocking, such as TiO2,
can also be deposited using ALD and they show similar protective func-
tions, while the compromise in power density can be avoided [310, 341,
349, 367]. For example, it was shown that applying a 2 nm to 3 nm layer of
ALD TiO2 on graphite improves the diffusion coefficient for lithium ions
[349]. It was furthermore shown that a layer of up to 30 nm TiO2 enhances
the rate performance and the capacity retention in graphite, indicating
that the TiO2 layer does not become a kinetic bottleneck even at higher
thicknesses, while at the same time the capacity retention properties are
improved [367]. Recently, Xie et al reported the first work dealing with
ALD TiO2 on amorphous V2O5 coated on CNTs as a protective coating to
deal with the vanadium dissolution [310]. They showed improvement in
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cyclability in the 1.5V to 4.0V vs Li+/Li region, however, within this po-
tential region TiO2 itself also inserts lithium, degrading the stability over
long term electrochemical cycling [355].
Here, we investigate CNT-supported ALD crystalline V2O5 cathodes
in the medium charge-discharge regime (down to 2.0V vs Li+/Li, lithi-
ating V2O5 to Li2V2O5). This paper reports the balance between perfor-
mance and capacity as a function of the thickness of ALD deposited TiO2
layers on V2O5/CNTs cathodes. By using advanced electron microscopy
techniques, such as energy dispersive X-ray spectroscopy-scanning trans-
mission electron microscopy (EDX-STEM) tomography, the complex 3D
structure and composition of the TiO2 and V2O5 layers is characterized.
Our results show that a remarkable rate capability and stable electrochem-
ical cyclic performance is achieved from these TiO2/V2O5/CNTs layered
nanomaterials. Our measurements furthermore reveal that the thickness
of the TiO2 layer has a significant effect on the stability of the V2O5/CNTs
cathodes by affecting the phase transition of V2O5, as well as resolving
the vanadium dissolution issues.
experimental
Carbon nanotubes growth on Silicon substrate
Multiwalled CNTs (MWCNTs) were grown from a 1nm (nominal) Co cat-
alyst layer deposited on a Si wafer with a diameter of 200mm. To avoid
diffusion of the Co into the Si, a 70 nm TiN was first sputter deposited
onto the Si surface (Endura PVD tool, Applied Materials, USA). MWCNTs
were grown in a microwave (2.45GHz) plasma enhanced chemical vapor
deposition chamber (PECVD, TEL, Japan). In a typical experiment the Co
catalyst layer was exposed to a NH3 plasma for 5 minutes to transform
the film into active metal nanoparticles for CNT growth. Then a C2H4/H2
mixture was flowed into the chamber at a temperature >550 ◦C for 30
minutes [411].
ALD-based coatings of TiO2-VOx-TiO2 layers
MWCNTs were loaded into a homemade ALD system with a base pres-
sure of 2× 10−7mbar. Metalorganic precursors and water (for VOx)/ozone
(for TiO2) were alternatively pulsed into the chamber while the MWC-
NTs sample was heated up to 150°C in case of VOx and 100 ◦C in case
of TiO2. Tetrakis-(ethylmethylamino) vanadium (TEMAV) (Air Liquide)
and Tetrakis-(dimethylamido) titanium (TDMAT) (99.9%, Sigma Aldrich)
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were used as metal precursors for VOx and TiO2, respectively [412, 413]. To
achieve a conformal coating on the MWCNTs forest, 20 s to 30 s precursor
pulses at a pressure of 0.4mbar to 0.5mbar were applied. The pumping
time was chosen as twice the pulse time to ensure sufficient evacuation of
the residual precursor vapor and reaction products, thus avoiding chemi-
cal vapor deposition inside the forest of CNTs. 85 ALD-cycles have been
applied on the CNTs template for VOx coating. In a home-modified in
situ XRD system (Bruker D-8) with heating stage, prior to ALD of TiO2,
VOx/CNTs arrays were annealed from 20 ◦C to 325 ◦C at a rate of 5 °min−1
in air and kept at 325 ◦C for 1 hour for the phase transformation of VOx
coating into V2O5. Subsequently, 5 and 25 ALD-cycles have been applied
on the V2O5/CNTs for TiO2 coating in order to obtain different thick-
nesses. The schematic representation of the synthesis route applied to the
materials investigated here can be found in the supplementary informa-
tion (SI) Figure 17.1.
SEM and TEM characterizations
Cross-sections of the uncoated V2O5/CNTs and TiO2/V2O5/CNTs were
characterized using a scanning electron microscope (SEM-FEI Quanta) in
order to resolve the morphology of the nanotube forests. Transmission
electron microscopy (TEM) specimens were prepared from the samples
and studied with a variety of techniques in order to obtain more de-
tailed information. Samples were prepared by scraping off the Si wafer
surface and suspending the resulting powder in ethanol. A drop of this
suspension was deposited on a carbon coated TEM grid. High-resolution
TEM (HRTEM) was performed using a FEI Osiris operated at 200 kV.
High-angle annular dark field scanning TEM (HAADF-STEM) images and
energy-dispersive X-ray (EDX) elemental maps were collected using an
aberration corrected cubed FEI Titan operated at 200 kV, equipped with a
Super-X detector for EDX analysis.
EDX-STEM tomography experiments
An aberration corrected cubed FEI Titan microscope equipped with a
Super-X detector was used to acquire EDX elemental maps and to per-
form simultaneous HAADF-STEM at an acceleration voltage of 120 kV.
Tilt series were acquired using an advanced tomography holder from Fis-
chione Instruments (Model 2020). The hybrid nanomaterial system in our
study consists of constitutional elements such as C, O, Ti, and V with
atomic numbers (Z) of 6, 8, 22 and 23, respectively. Elemental maps were
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obtained by scanning of individual frames of same location and sum-
ming multiple frames with a constant dwell time for different tilt an-
gles. Data acquisition consisted of a EDX-STEM tomography procedure
where each 256Œ256 pixel elemental map was acquired for constant col-
lection times using Bruker EspritTM software together with simultaneous
HAADF-STEM images. The elemental maps were acquired at a beam cur-
rent of 0.2 nA. The total acquisition time was ∼4 h which is the total du-
ration for simultaneous HAADF- and EDX-STEM tilt series acquisition
including the tracking/focusing. Each tomography tilt series consisted of
31 HAADF images and EDX maps for each element acquired over a tilt
range of ±75° using a tilt increment of 5°. Alignment of the data was car-
ried out by cross correlation as implemented in the FEI Inspect3D software
package. The reconstruction was performed using the t’Simultaneous Iter-
ative Reconstruction Technique’ (SIRT) with 25 iterations implemented in
FEI Inspect3D. Amira (Visage Imaging GmbH) was used for visualization
of the reconstructed volume.
Electrochemical testing of TiO2/V2O5/CNTs electrodes
Electrochemical measurements were performed using a custom-built three-
electrode Teflon cell. The Teflon cell was clamped onto 2 cm×2 cm samples
using a Viton O-ring. The geometrical surface area of the exposed elec-
trode was 0.9503 cm2. A lithium metal sheet and a wire were used as a
counter and reference electrode, respectively. The Li reference electrode
was placed in a capillary with the tip placed less than 1mm from the
electrode surface. Contact was made to the bare TiN underlayer with a
crocodile clip at the edge of the sample (outside of the glass cell). The
electrolyte used was 1.0M LiClO4 in propylene carbonate (PC) (99%, io-
li-tec). All of the operations on the cell assembly were carried out in a
glove box filled with argon gas in which both the water and oxygen con-
centrations were less than 1ppm. A potentiostat/galvanostat Autolab PG-
STAT302 (Metrohm Autolab) was used to perform all of the electrochemi-
cal experiments, which were controlled through Nova 1.8 software. All of
the voltages are given versus the Li+/Li.
Cyclic voltammograms (CV) were recorded starting from the open-circuit
potential between 4.00V and 2.00V vs Li+/Li at a scan rates of 10mVs−1.
Subsequently, galvanostatic cycling was performed between 4.00V to 2.00V
vs Li+/Li at various current densities (C-rates) to evaluate the rate and
electrochemical cycle performance. For the charging rate, 1C was deter-
mined based on the charge calculated from the discharge capacity with a















































Figure 16.1: In situ (a) and ex situ (b) XRD results of VOx coated CNTs annealed
in air at 325 ◦C for 1 hour.
strate, the measured capacities were scaled to the amount of vanadium
deposited, as determined by XRF. Unscaled capacities are shown in the
supporting information (figures 17.2 - 17.3).
results and discussion
Structure and morphology of the V2O5-coated CNTs
To crystallize the VOx, ALD coated MWCNTs samples were loaded into
a home modified in situ XRD system and annealed in air at 325 ◦C for
1 hour. The diffraction peaks were monitored during the annealing, as
shown in Figure 16.1(a). The isothermal process at 325 ◦C was specifically
chosen to crystalize the VOx to V2O5 but not to oxidize the MWCNTs
and the TiN layer underneath, since in a previous study, it was shown
that the oxidation temperature of VOx coated MWCNTs is about ∼400 ◦C
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Figure 16.2: (a) SEM image of uncoated V2O5/CNTs from cross-sectional view
is given. HRTEM images given at (b) and (c) reveal the structure of V2O5/CNTs
before the LIB tests.
[413]. It can be seen in Figure 16.1(a) that the V2O5 peaks appear when the
temperature reaches 325 ◦C whereas the peaks from the TiN layer do not
disappear during the annealing. The diffraction peaks in the ex situ XRD
pattern as shown in Figure 16.1(b) indicate that VOx was crystallized into
V2O5 with Pmmm space group and since no detectable TiO2 peaks were
observed, a good preservation of TiN is expected.
A SEM image of the 85 cycles ALD V2O5 coated CNTs arrays on the
TiN/SiO2/Si substrate after annealing in air environment is presented in
Figure 16.2(a). From the cross-sectional SEM image, it can be seen that
the material constitutes a porous structure composed of thin, tubular and
branched features occasionally linked to each other. A more detailed inves-
tigation of the sample was performed by TEM. From the HRTEM image
(see Figure 16.2(b)), it is clear that the graphitic layers of CNTs are sur-
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Figure 16.3: (a) SEM image of 25 ALD cycles TiO2coated V2O5/CNTs from cross-
sectional view is given. HRTEM image of 25 ALD cycles TiO2coated V2O5/CNTs
given at (b) reveals the structure of both TiO2and V2O5 coatings before the LIB
tests. (c) HAADF-STEM image shows individual TiO2/V2O5/CNTs. (d) Carbon,
(e) oxygen, (f) vanadium and (g) titanium compositions of the nanotubes can be
seen on (h) EDX mixed color elemental map.
rounded by a thin, crystalline coating. The interplanar spacing between
two layers in CNTs corresponds approximately to 0.34 nm, which is the
typical distance between two graphene layers in graphite. Such appear-
ance of graphene layers suggests the preservation of MWCNTs subsequent
to the annealing process. In addition, HRTEM indicates that the anneal-
ing of the as-deposited VOx on CNTs in air environment results in the
transformation from amorphous VOx into V2O5 crystalline form, while
the MWCNTs are preserved. On the other hand, HRTEM showed that the
ALD VOx coating was not completely uniform, and that MWCNTs with-
out coated regions are occasionally observed, as shown in Figure 16.2(c).
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ALD coating of TiO2 on V2O5/CNTs
As stated earlier, by changing the number of ALD cycles between 5 and 25,
TiO2layers with varying thicknesses were deposited onto V2O5/CNTs. For
instance, after 25 ALD cycles of TiO2deposition, a structure as illustrated
by the SEM image in Figure 16.3(a) is obtained. The SEM image shows
that the overall forest-type morphology was preserved after ALD of TiO2.
A HRTEM image (see Figure 16.3(b)) from the same sample reveals that
an amorphous TiO2layer is surrounding the crystalline V2O5/CNTs. In a
similar way, 5 ALD cycles TiO2 coating appeared to be in its amorphous
form, which was revealed by TEM. In terms of crystallinity, ALD of TiO2
hereby shows similar result with respect to one of our previous studies, in
which the as-deposited ALD processed TiO2 film on a carbon nanosheet
template showed likewise no crystallinity upon its deposition [414]. The
HAADF-STEM image in Figure 16.3(c) shows the presence of tubular-
shaped nanostructures. To illustrate the distribution of the elements in
the sample, elemental mapping by EDX was performed for the region in-
dicated in Figure 16.3(c). Figure 16.3(d-h) shows the local elemental distri-
butions of C, O, V and Ti at the sample. From the results, the TiO2coating
appears to be uniformly surrounding the V2O5 coated CNTs. However, it
should be noted that these images and elemental maps only correspond
to 2D projections of a 3D object. Therefore, in order to retrieve the correct
3D (chemical) information, EDX-STEM tomography was used.
During such an experiment, 2D EDX elemental maps are collected si-
multaneously with HAADF-STEM images. The results of the 3D HAADF-
STEM and 3D EDX-STEM reconstructions from 25ALD cycles TiO2 coated
V2O5/CNTs sample prior to electrochemical cycling tests are presented in
Figure 16.4. The individual 3D elemental distributions of Ti (green), V
(red) and C (blue) as well as the superposition of the Ti, V and C signals
are also shown (See Figure 16.4(cf)). The HAADF-STEM reconstruction il-
lustrates the morphology of the tubes, but due to the small HAADF-STEM
contrast between the different elements, no chemical information can be
extracted from individual C, Ti and V containing layers (see Figure 16.4(a-
b)). On the other hand, the 3D EDX-STEM results demonstrate fine coat-
ings of Ti and V surrounding the C containing interior (see Figure 16.4(c-
f)). The layers are found to be comparably homogenous although sections
without coatings are also observed (see Figure 16.4(d) and (e)). Such in-
homogeneity at the nanoscale can be expected, since ALD is known to
cause the appearance of pinholes and uncoated sections for both TiO2,
and VOx depositions due to overlap of CNTs in MWCNTs forests [412,
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Figure 16.4: 3D visualizations of HAADF-STEM and EDX-STEM reconstructions
from 25 ALD cycles TiO2 coated V2O5/CNTs sample. (a) 3D visualization ob-
tained by HAADF-STEM tomography and (b) an orthoslice through the 3D recon-
struction. (c) Superimposition of 3D elemental distributions of Ti, V and C and
individual 3D elemental distribution of (d) titanium, (e) vanadium and (f) carbon.
The orthoslices of EDX-STEM reconstructions for each element are given at insets
from positions indicated at the 3D visualizations by black arrows. Red arrows
indicate the uncoated regions.
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Potential (V vs Li+/Li)
V2O5 to LiV2O5LiV2O5 to Li2V2O5
Li2V2O5 to LiV2O5
LiV2O5 to V2O5
Figure 16.5: The third cyclic voltammograms of uncoated and 5 and 25 cycles TiO2
coated V2O5/CNTs at 10mVs−1.
413]. However, such defects can be beneficial when using these materials
as cathodes, since these areas may facilitate Li+ insertion/extraction.
Electrochemical and rate performance improvement of TiO2/V2O5/CNTs elec-
trodes
The electrochemical performance of CNT-supported V2O5 as lithium-ion
battery cathode was examined, and compared to that of the TiO2-coated
cathodes. Cyclic voltammetry was employed to evaluate the potential win-
dow for insertion and extraction of lithium in uncoated V2O5/CNTs as
well as 5 and 25 ALD cycles TiO2 on V2O5/CNTs. Figure 16.5 shows
the CV at a scan rate of 10mVs1 in the voltage window of 2.00V to
4.00V vs Li+/Li. This potential range was carefully chosen to allow the
(de)intercalation of two lithium ions per V2O5 unit cell [221, 223], while
remaining well above the intercalation window for TiO2 as for not in-
volving it to participate in the electrochemical lithiation/delithiation cy-
cles [415]. The intercalation of two lithium ions per V2O5 unit cell is re-
ported to be much less reversible than intercalation of just one, but yields
a higher theoretical capacity [223]. From the CV scans of the uncoated
V2O5/CNTs it is observed that three reduction-oxidation peak couples are
present: two centered above 3.0V vs Li+/Li corresponding to the two-stage
(de)intercalation of one lithium into V2O5 [219, 221, 311, 416] and another
centered around 2.4V vs Li+/Li corresponding to (de)intercalation of a sec-
ond lithium into LiV2O5. The same holds for the 5 and 25 ALD cycles TiO2
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Figure 16.6: Discharge capacity of the kinetics at 1-100C for 30 electrochemical
cycles of uncoated and 5 and 25 ALD cycles TiO2 coated V2O5/CNTs. C-rates
were calculated based on the measured vanadium content of the samples.
on V2O5/CNT samples: only the peaks corresponding to (de)intercalation
into V2O5 are present, indicating that the TiO2 ALD film does not con-
tribute in the (de)intercalation reactions. For the 5 ALD cycles TiO2 on
V2O5/CNT sample, we observe that the peaks are slightly suppressed,
and more so for the 25 ALD cycles TiO2 on V2O5/CNT sample. Further-
more, the overpotential is higher for both samples, indicating the TiO2
films may cause a kinetic bottleneck during the first electrochemical cy-
cles.
To further investigate this effect, 4 galvanostatic charge-discharges were
performed on the same samples at different C-rates (1-100C). The current
applied for each C-rate was determined from the theoretical capacity for
insertion of two lithium ions into V2O5 (294.7mAh/g) and the amount
of V2O5 present in each sample calculated from equivalent V2O5 thick-
nesses derived from vanadium XRF measurements. Figure 16.6 plots the
discharge capacity for varying C-rates of uncoated, 5 and 25 ALD cycles
TiO2 coated V2O5/CNTs cathodes. Good kinetics were observed for all
samples, with only 20% to 25% loss upon charging in 20C compared to
1C. Coating with 5 or 25 ALD cycles of TiO2 improves the capacity reten-
tion noticeably up to 20C, but for high C-rates such as 100C, it is seen that
the uncoated sample has a higher available discharge capacity. Therefore,
it can be concluded that the TiO2 coating slightly enhanced the kinetics
of the lithiation/delithiation process at low and intermediate C-rates, and
only slows down the kinetics at very high C rate. This is significantly dif-
ferent from reported ALD coatings on V2O5: Al2O3 in which ALD was























































Figure 16.7: Cyclability testing of uncoated V2O5/CNTs and of 5 and 25 ALD
cycles TiO2 on V2O5/CNTs samples at a current corresponding to 2C between 2.0
and 4.0V vs Li+/Li.
shown to improve the electrochemical cyclability of hydrous vanadium
oxide but at the same time impose a kinetic bottleneck.41 While a TiO2
ALD coating on V2O5/CNTs has already been reported to have good rate
retention in the 3 lithium intercalation regime (84% at 2.3C) [310], the ki-
netics shown here in the 2 lithium intercalation regime are more than 5
times better (85% at 10C), enabling the use of this material as high-rate
cathode.
Finally, we investigated the effect of the coating on the electrochemi-
cal cyclability of the cathodes. Because of the chosen potential range, two
lithium per V2O5 were inserted into the samples, which is beyond the re-
ported range of full reversibility. The delithiation capacity and Coulombic
efficiency evolution at 2C for the samples under investigation are shown
in Figure 16.7. Indeed, we see a significant decrease in capacity for the
uncoated V2O5/CNTs upon electrochemical cycling, losing almost 17%
of the available delithiation capacity after 100 cycles. There are clearly
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two stages in the evolution of the uncoated V2O5/CNTs. During the first
40 electrochemical cycles, the capacity remains almost constant, while
the Coulombic efficiency is increasing from 76.7% during the first cy-
cle to 99.5% at the 40th charge/discharge cycle. After the 40th cycle, the
Coulombic efficiency varies between 99.5 and 100%, while the capacity
fades. In fact, the fraction of the capacity that is lost during the last 60 cy-
cles matches very well with the fraction of Coulombic efficiency missing
from 100%, indicating that a fraction of the available active material be-
tween 0.05 and 0.5% is lost every cycle. For the sample coated with 5 ALD
cycles of TiO2, a similar two-stage behavior is seen: up to 65 charge/dis-
charge cycles the capacity remains constant, while the Coulombic effi-
ciency slowly rises to close to 100%, and after the 65th cycle the latter
remains constant while the capacity starts decreasing. It is reported for
V2O5 that the capacity loss is related to vanadium dissolution upon over-
charging. The low coulombic efficiency during the first stage indicates
that more lithium is incorporated than extracted, building more and more
lithium into the samples and gradually overcharging it. At a certain point,
this excess buildup of lithium is completed (40th cycle for the uncoated
V2O5/CNTs and 65th cycle for the sample coated with 5 cycles of ALD
TiO2), upon which the capacity starts fading by the dissolution mecha-
nism. Coating the V2O5/CNTs with 5 cycles of ALD TiO2 seems to delay
this mechanism, but does not prevent the loss of capacity completely. For
the sample coated with 25 cycles of ALD TiO2, no such two-stage mecha-
nism is seen. Instead, the coulombic efficiency rises much faster, indicating
much less excess lithium buildup or a more efficient extraction of lithium.
Instead of a drop in available capacity, the capacity increases gradually
during the 100 charge/discharge cycles to almost 9% above the initial
capacity.
Discussion of the capacity retention improvements
We observe capacity loss for the uncoated V2O5/CNTs and the V2O5/CNTs
coated with 5 cycles of TiO2. The electrochemical performance (including
electrochemical cyclability) of the nanostructured V2O5 is limited by vana-
dium dissolution [229]. As mentioned previously, further performance im-
provement of the nanostructured V2O5-based cathode is aimed by intro-
ducing an additional TiO2 layer onto the V2O5/CNTs with various thick-
nesses (ALD cycles). To evaluate the effect of preventing vanadium disso-
lution by ALD coating, the vanadium loss induced by electrochemical cy-
cling was examined by applying XRF characterizations on the V2O5/CNTs
samples before and after the LIB cyclability test. The percentages of the

















































Figure 16.8: XRF characterizations determined vanadium retention for
V2O5/CNTs, 5 TiO2/V2O5/CNTs and 25 TiO2/V2O5/CNTs samples after the cy-
clability test.
vanadium retention were determined to be 72.9%, 83.5% and 99.6% af-
ter 100 electrochemical cycles charge/discharge for the cases of uncoated
V2O5/CNTs, 5 ALD cycles TiO2 coated V2O5/CNTs and 25 ALD cycles
TiO2 coated CNTs, respectively (see Figure 16.8). This demonstrates that
a TiO2 coating consisting of 25 ALD cycles is very efficient in alleviating
the vanadium dissolution, without imposing a kinetic bottleneck on the
cathode.
While the capacity retention in the coated V2O5/CNTs is explained
by the vanadium dissolution function of the coating, the capacity of the
25 TiO2/V2O5/CNTs is not only retained, but also increased almost 9%
over the 100 charge-discharge cycles. This can be explained by an evo-
lution from crystalline to amorphous structure. The charge-discharging
profiles of these three cases are shown in Figure 16.9, and their deriva-
tives (dQ/dV) in supplementary information (Figures 17.4 to 17.6). Dur-
ing the first electrochemical cycles, three clear plateaus (or sharp peaks in
the dQ/dV plots) can be seen for all samples, corresponding to the three-
stage (de)lithiation of V2O5 as shown on the cyclic voltammograms. For
the 25 ALD cycles-coated V2O5/CNTs the first lithiation plateau at 3.4V
is shifted to lower potential, but still identifiable from the dQdV profile
(Figure 17.6). These sharply aligned (de)lithiation regions are present due
to the crystalline nature of the V2O5, and correspond to the overcoming of
energy barriers within the crystal lattice. After 100 electrochemical charge-
discharge cycles, the uncoated and 5 ALD cycles-coated V2O5/CNTs sam-
ples still show the characteristic plateaus and corresponding peaks in the









































Figure 16.9: Charge-discharge profiles of the first and last cycle of the cyclability
experiment
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Figure 16.10: (a) SEM image of V2O5/CNTs from cross-sectional view af-
ter the cyclic voltammetry is given. HRTEM image given at (b) reveals the
structure of V2O5/CNTs after the cyclic voltammetry tests. (c) SEM image of
TiO2/V2O5/CNTs from cross-sectional view after the cyclic voltammetry tests is
given. HRTEM image given at (d) reveals the structure of both TiO2 and V2O5
coatings after the cyclic voltammetry tests. (e-h) shows the EDX mapping of
V2O5/CNTs sample before and V2O5/CNTs, 5 cycles and 25 cycles TiO2 coated
V2O5/CNTs samples after cyclability test.
TiO2 coated V2O5/CNTs, all signs of those are lost. This indicates no crys-
tal structure is left after 100 (de)lithiation cycles for the latter. For many
materials, it has been shown that an amorphous material is able to store
more lithium and has faster kinetics than the crystalline counterpart [243,
248, 310, 312]. The amorphisation of V2O5 when coated with 25 cycles
of ALD TiO2 thus explains the rise in capacity upon cycling and gradual
amorphisation. Since these films are also coated with ALD TiO2, the vana-
dium dissolution is also inhibited, preventing capacity loss while at the
same time improving the kinetics upon cycling.
To investigate this amorphisation, the post-cycling samples were inves-
tigated by SEM, TEM and XRD in the same manner as for as-synthesized
samples. SEM image of the uncoated V2O5/CNTs sample after the LIB
tests shows that the morphology of the material was substantially pre-
served (see Figure 16.10(a)). HRTEM indicates that the crystalline V2O5
coating became amorphous (see Figure 16.10(b)), contrary to what was
expected from the electrochemical measurements. Investigations of the
samples with 5 and 25 cycles TiO2 on V2O5/CNTs show similar results.
SEM image of the 25 cycles TiO2 on V2O5/CNTs reveals that the overall
forest-type morphology is preserved (see Figure 16.10(c)) and from the
HRTEM image (see Figure 16.10(d)) the amorphous V2O5 coating can be
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observed, which was also the case for both uncoated V2O5/CNTs and 5
cycles TiO2 on V2O5/CNTs samples. As seen in Figure 16.10(e-h), EDX
mapping on the samples with TiO2 coated V2O5/CNTs indicates that the
VOx/CNTs are still perfectly protected by TiO2 without structural collapse.
EDX-STEM analysis hereby indicated that the morphology and chemistry
of the TiO2 coated V2O5/CNTs did not change significantly, when the
individual EDX elemental maps before and after the cyclability test were
compared (see Figure 16.3(d-h)).
To further investigate the degree of crystallinity post-cycling, XRD pat-
terns of the samples were investigated (see Figure 16.11). It is clear that
all samples remain crystalline to some extent, although direct comparison
before and after electrochemical cycling was not possible due to sample
handling. However, a sample-to-sample comparison allows elaborating to
the degree of crystallinity left in the samples. A peak identification was
performed, and much more V2O5 peaks are visible post- electrochemical
cycling compared to before (see Figure 16.1), indicating restructuring of
the V2O5 upon deep lithiation. Some peaks on figure 16.11 have not been
identified, but could be assigned to lithiated V2O5. However, due to the
richness of crystalline V2O5 phases, singular identification was not pos-
sible. Finally, no peaks from crystalline TiO2 were observed, indicating
that the TiO2 coatings remain amorphous after electrochemical cycling.
As amorphous TiO2 tends to crystallize upon lithiation and delithiation
[417, 418], this is an additional indication that they are not participating
in the electrochemical storage mechanism, but merely act as a solid elec-
trolyte. The two overlapping peaks of V2O5 around 51° in 2theta were
chosen to integrate as to not have any interference from other diffraction
peaks from lithiated vanadium pentoxide, and the resulting integrated
peak intensity shows that the uncoated V2O5/CNTS is clearly much more
crystalline after cycling when compared to the coated samples. This result
suggests that the TiO2 ALD layer does not only act as vanadium disso-
lution barrier, but also assists in gradually amorphisizing the underlying
V2O5. We hypothesize that this may be related to internal stress building
within these films. Upon charging, the vanadium oxide undergoes a vol-
ume expansion due to the insertion of lithium. The coated samples could
buffer this volume expansion to some extent, which causes the vanadium
oxide films to be stressed, possibly contributing to the amorphisization
upon cycling. As elaborated earlier, this also enhances the kinetics, which
yields higher capacities at high C-rates. This result explains the increase in
capacity observed for the 25 cycles TiO2 V2O5/CNTs seen in Figure 16.7.
284 16 paper vi - case study : ald tio2 on ald v2o5 on cnts































































Figure 16.11: (top) XRD pattern of the post-cycling (after 100 charge-discharge
cycles, discharged galvanostatically to 4.00V vs Li+/Li)uncoated and coated
V2O5/CNTs samples. The XRD intensity was normalized to the amount of vana-
dium remaining after cycling, to allow for direct comparison. The gray area was
used to integrate the neighboring (020), (212), (511) and (601) peaks and integrated
intensities are plotted (bottom).
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conclusions
Heterogeneous TiO2/V2O5/CNTs electrodes were prepared with 5-25ALD
cycles of TiO2 onto V2O5/CNTs, and their electrochemical performance
as the cathode electrode of LIBs was evaluated. Different TEM techniques
were performed to explain the structural and morphological changes that
occurred during the electrochemical tests. A MWCNT-forest template was
used as a conductive layer between the substrate and active material (V2O5),
providing both mechanical support and an increased surface area. Cyclic
voltammetry showed faster kinetics for uncoated and 5 ALD cycles TiO2
coated V2O5/CNT samples and slower kinetics for 25 ALD cycles TiO2
on V2O5/CNTs sample. 25 ALD cycles TiO2 on V2O5/CNTs sample also
exhibited broad peaks in the CV, which might be an indication of ho-
mogeneous filling of V2O5. This was also observed with discharge ca-
pacity experiments between 1-100C, which showed highest capacity for
25 ALD cycles TiO2 on V2O5/CNTs sample. The delithiation capacity of
the electrodes were tested by electrochemical cycling at 2C and showed
higher capacity retention for 25 ALD cycles TiO2 on V2O5/CNTs after 100
electrochemical cycles than for uncoated and 5 ALD cycles TiO2 coated
V2O5/CNTs. Furthermore, EDX-STEM analysis showed that introducing
an additional TiO2 layer onto V2O5/CNTs led to a barrier to the vanadium
dissolution. Amorphisation of the V2O5 over electrochemical cycling, in-
duced by this lack of vanadium dissolution, enables better kinetics and
thus higher available capacity after electrochemical cycling.
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SUPPLEMENTARY TO PAPER VI
synthesis of ald-coated v2o5/cnts
Figure 17.1: Overview of the synthesis route for obtaining heterogeneous
TiO2/V2O5/MWCNTs as discussed in this paper.
Figure 17.1 shows a schematic overview of the synthesis route for the
electrodes tested in the paper. VOx metal oxide were coated on MWCNTs
by ALD. Subsequent annealing in air at 325 ◦C causes the transformation
of the VOx coating into V2O5 without the removal of MWCNTs. An extra
layer of TiO2 were coated onto VOx/MWCNTs, which resulted in obtain-
ing the heterogeneous TiO2/V2O5/MWCNTs material. A HAAFD-STEM
and XEDS-STEM tomography movie (M1) can be found at this link.
non-scaled electrochemical data
In paper VI, the capacities measured are scaled to the amount of vanadium
measured on the samples to allow for direct comparison, since the CNT
density is not uniform across the samples. To give an impression of what
the capacity per footprint area is for these samples, the un-scaled values
are given in figures 17.2 (rate capability) and 17.3 (cyclability).
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 5 cycles TiO2
 25 cycles TiO2
Figure 17.2: Discharge capacity of the kinetics at 1-100C for 30 electrochemical
cycles of uncoated and 5 and 25 ALD cycles TiO2 coated V2O5/CNTs. C-rates
were calculated based on the measured vanadium content of the samples.











































Figure 17.3: Cyclability testing of uncoated V2O5/CNTs and of 5 and 25 ALD
cycles TiO2 on V2O5/CNTs samples at a current corresponding to 2C between
2.0V to 4.0V vs Li+/Li.
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Figure 17.4: Derivative potential profile of the uncoated V2O5/CNTS during the
first and 100th lithiation (negative dQdV) and delithiation (positive dQdV).
derivative potential profiles
To allow a more thorough interpretation of the charge-discharge profiles,
their derivatives are provided here. A plateau in the charge-discharge pro-
file translates into a peak into the derivative profile, and plateaus that
are almost undistinguishable from the charge-discharge profiles are often
revealed using derivatives.
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Figure 17.5: Derivative potential profile of the 5 ALD cycles TiO2 coated
V2O5/CNTS during the first and 100th lithiation (negative dQdV) and delithia-
tion (positive dQdV).
Figure 17.6: Derivative potential profile of the 25 ALD cycles TiO2 coated






CONCLUS IONS AND FUTURE PROSPECTS
In this work, thin films have been deposited using atomic layer deposition
for energy applications, more specifically, for lithium-ion battery applica-
tions, and the goal of this work is to illustrate the strengths and weak-
nesses, the highlights and pitfalls, and the advantages and drawbacks of
using ALD in lithium-ion battery development. The conclusions drawn
from this work are summarised here.
18.1 atomic layer deposition for thin-film electrodes
Atomic layer deposition is an interesting deposition technique for thin-
film batteries when 3D-structured electrodes are envisioned. These elec-
trodes can provide both reasonable storage capacity per footprint area, on
account of the 3D structuring, and high power, which is inherited from
the thin-film nature of the electrodes. These electrodes find their appli-
cations in on-chip storage, where their combination with an intermittent
energy harvester can for example autonomize sensors. The conformality
and thickness control during ALD growth, and the high-quality nature
of ALD-grown films, validates the investigation of ALD for these applica-
tions.
18.1.1 Atomic layer deposition of manganese oxides
18.1.1.1 Influencing the phase by choice of process parameters
In part iii, ALD processes are reported for the deposition of manganese ox-
ides. MnO2 could be deposited using the Mn(thd)3 precursor and ozone,
but with a low growth rate between 0.1 and 0.2Å/cycle. Plasma-enhanced
ALD was investigated, as this is known to enable higher growth rates
in ALD processes. Three new ALD processes were developed the using
Mn(thd)3 precursor and NH3 plasma, H2 plasma or H2O plasma. We
found enhanced deposition rates for the plasma processes: the growth
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rate was 0.2Å/cycle independently of the growth temperature. The film
quality was found to be excellent, with low roughness and impurities. The
oxidative or reductive nature of the plasma or reaction gas determined the
oxidation state of the film, and with a single precursor chemistry MnO2,
Mn3O4, MnO and a mixed-phase Mn3O4/MnO were deposited.
18.1.1.2 Influencing the phase by post-deposition annealing
The oxidation and reduction behaviour of these thin-film manganese ox-
ides was studied using in-situ X-ray diffraction in controlled ambients:
a reducing ambient (H2), an inert ambient (He) and oxidative ambients
(air, O2). We found that by careful choice of temperature and ambient,
all manganese oxide phases in the MnO-MnO2 series could be obtained,
including the Mn2O3 phase which would not be obtained directly from
(PE-)ALD growth. Mn2O3 could be obtained by annealing a MnO2 film
in inert atmosphere above 410 ◦C. At high temperature in a reducing am-
bient, metallic manganese was even obtained above 700 ◦C, which then
formed manganese silicates or silicides, depending on the substrate.
18.1.1.3 Thin-film manganese oxides as lithium-ion battery electrodes
The broadness of manganese oxide thin-film composition that could be ob-
tained, either by deposition or by post-deposition annealing, allowed us
to study applications of the different flavours of manganese oxide. The as-
deposited films were all tested as thin-film lithium-ion battery electrode.
They all displayed lithium-storage behaviour, but in different potential
ranges. MnO2 could be activated by continuous cycling to a 2.9V vs Li
+/Li
positive electrode with up to 71% of the theoretical capacity (and still ris-
ing when the measurement was halted). The lower-valent oxides provided
lower potential electrodes, and the MnO-containing electrodes displayed
activity below 1.0V vs Li+/Li as conversion anodes. Unfortunately, the
poor conformality of this ALD process did not allow the demonstration
of 3D thin-film lithium ion electrodes.
18.1.1.4 ALD manganese oxide as an ultra-thin seed layer for electrodeposition
Electrodeposition of manganese oxides in acidic environments suffers from
the oxidation of current collectors such as TiN, rendering the deposited
films disconnected from their current collector. To overcome this, 1–2 nm
ALD MnO2 seed layers were deposited on the current collectors. The ox-
idation behaviour was supressed by the seed layer, which also aided in
adhesion to the current collector, allowing the electrodeposition of MnO2
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electro-active films up to 1 µm, while the deposition on the uncoated cur-
rent collector was limited to∼400 nm, and were deactivated due to current
collector oxidation.
18.1.1.5 Prospects & future work
The Mn(thd)3 precursor is not an ideal precursor for thin-film electrodes,
due to the low growth rates (even with plasma-enhanced ALD) and poor
conformality. A maximum film thickness of 30nm could be deposited in a
reasonable time frame in this work due to the low growth rates. Besides
energy storage, other applications of these films are envisioned, such as
thin-film catalysis or the use of these high-quality layers as seed layers to
growing thicker films with other deposition techniques, such as electrode-
position.
To obtain higher conformality and higher growth rates, other precur-
sors can be investigated. At the start of this PhD, only two manganese
precursors were reported. Now, that number has already doubled. Clever
precursor engineering may enable higher growth rates and better confor-
mality.
Finally, manganese oxides become interesting cathode materials when
the 4V vs Li+/Li region is activated, as this significantly enhances the
energy density of these films. To do so, the chemical surrounding and
structure of these films needs to be altered. Direct deposition of spinel
LixMn2O4 has been demonstrated with Mn(thd)3 [419], but can be sped up
by visiting smaller precursors. Another way to raise the electrode potential
is moving from oxides to phosphates, which can be done by using a third
phosphorous-contained ALD precursor [92, 293].
18.1.2 ALD vanadium oxides as 3D thin-film electrodes
18.1.2.1 Vanadium oxide crystallisation and phase control
Amorphous VO2 ALD deposition was reported using the TEMAV pre-
cursor, with water or ozone as a reagent. The crystallisation and phase
change behaviour of these two flavours of amorphous VO2 were investi-
gated, and the influence of the substrate, temperature, ambient and initial
flavour of VO2 were unravelled. All crystalline phases in the Wadsley se-
ries (VO2-V2O5) were obtained. The influences of the different parameters
are summarized here.
• The as-deposited flavour of VO2 determined the lattice of the crys-
talline VO2 film, based on density arguments.
296 18 conclusions
• The film deposited using ozone oxidized at lower temperatures to
higher oxidation states.
• Higher temperature and higher oxygen partial pressures triggered
phase changes to higher oxidation states of vanadium.
• An oxidizible component in the substrate can act as an oxygen drain,
and retard the oxidation of the films to higher vanadium oxides.
18.1.2.2 Vanadium oxides as thin-film electrodes
The crystalline films were all investigated as thin-film electrodes. All crys-
talline films in the Wadsley series showed good electrochemical activity.
VO2(M1), outside of the Wadsley series, showed poor performance, pos-
sibly due to the high density of this phase. Very high capacities were
found for V3O7 and V4O9, at 1255mAh cm−3 and 1380mAh cm−3, re-
spectively, almost double that of the best commercially available com-
pound (LiNi0.8Co0.15Al0.05O2, ∼700mAh cm−3). Insertion of one lithium
into V2O5 clearly results in the best cycle life and rate capability, but the
capacity is only 448mAh cm−3, too low to be considered as an electrode in
lithium-ion batteries. Inserting more lithium into V2O5 increases the stor-
age capacity, but is dramatic for the cycle life and rate capability. VO2(B)
is a best-of-both-worlds case, as it displays excellent cycle life, reasonable
rate capability (75% at 10C) and a good capacity (805mAh cm−3).
18.1.2.3 Amorphous vanadium oxides as high-rate electrodes
The low-temperature nature of atomic layer deposition enables the de-
position of amorphous films. This presented the opportunity to study
amorphous and crystalline films side by side. A low-temperature ALD
process for the deposition of amorphous V2O5 was established at 85 ◦C
using TEMAV as a vanadium precursor and short oxygen plasma pulses
as reagent, which yielded C-free amorphous films with vanadium in the
+5 oxidation state.
Having established ALD and PE-ALD processes for the deposition of
amorphous and crystalline films of both VO2 and V2O5, an in-depth
electrochemical benchmarking of these films was performed as thin-film
lithium-ion battery electrodes. The best kinetics and cyclability were still
found for insertion of one lithium into crystalline V2O5, but at the cost
of low storage capacity. The conclusions of this benchmarking are sum-
marised:
• The capacity of the amorphous compounds is generally higher than
their crystalline counterparts.
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• The rate capability of the amorphous compounds is generally higher
than their crystalline counterparts: thanks to better diffusion coeffi-
cients their rate performance is almost twice as good.
• Extremely high storage capacities wrtr found for amorphous VO2;
up to 1.4Ah cm−3, which could be related to both interstitial storage
in an amorphous compound and high availability of storage sites in
a low-density compound such as amorphous VO2. In general, the
amorphous compounds have a higher storage capacity compared to
their crystalline counterparts in the same potential ranges.
• Cyclability is excellent for shallow lithiation of crystalline V2O5, but
very poor for further lithiation. Excellent cycle life was found for
crystalline VO2(B). Cyclability is good, but not perfect, for the amor-
phous vanadium oxides, with most capacity fading related to vana-
dium dissolution at high state-of-charge.
18.1.2.4 3D-microstructured and 3D-nanostructured thin-film electrodes
Unlike the manganese oxide ALD processes, the vanadium oxide ALD
processes can be deposited conformally. Unfortunately, amorphous V2O5
could not be deposited using the process developed here, as the longer
pulse times required to obtain conformality resulted in (partial) crystallisa-
tion of the films. Other ALD process chemistries have been demonstrated
to deposit conformal amorphous V2O5 [266].
The deposition of amorphous VO2, and the crystallisation of it to VO2(B)
and V2O5, was demonstrated on silicon micropillar structures: 50 µm high
pillars with a diameter and interpillar spacing of 2 µm. The excellent kinet-
ics of the thin-film electrodes was maintained, while the footprint capac-
ity for 40 nm films was enhanced by a factor of the surface enhancement
(∼20x) from ∼1.5–5 µAh cm−2 up to ∼30–100 µAh cm−2.
Similarly, the deposition of amorphous VO2 was carried out on a carbon
nanotube forest substrate. Similar footprint capacities were obtained for
thinner films (only 85 cycles) and a lower 3D structure (only 85 µm high),
thank to the much higher surface enhancement factor of these CNTs.
18.1.2.5 Prospects & future work
The crystalline vanadium oxides show staggeringly high capacities and
relatively good kinetics. However, their average electrode potential is typ-
ically between 2-3V vs Li+/Li, which reduces their energy density some-
what. Phosphates are known to have higher electrode potentials compared
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to oxides, due to the chemical surrounding of the transition metal ions. Re-
visiting vanadium-based ALD from a phosphate angle could potentially
raise the electrode potential, and further enhance the energy density.
The amorphous vanadium oxides have excellent properties, but some
capacity fading is still present, mostly due to vanadium dissolution. Vari-
ous ways to tackle these issues are proposed:
• Surface coating has been shown to aid in the stabilisation of dis-
soluble species. In this work, this has been examined on crystalline
vanadium oxides, but the same study can be performed on amor-
phous vanadium oxides, as they generally posses superior electrode
performance characteristics.
• An initial study was performed to examine the influence of the
depth of discharge on the cycle life for amorphous V2O5, in parallel
with the phenomena observed on crystalline V2O5. Indeed, much
better stability was observed when lithiation was halted at 2.0V vs
Li+/Li, rather than complete charge up to 1.5V vs Li+/Li, at the cost
of lower capacity. A trade-off can always be found between capacity
and cyclability, which has not been examined completely for amor-
phous V2O5 and VO2.
• These films are envisioned for 3D thin-film all-solid-state batteries.
In this work, only the electrodes are tested. Challenges are expected
for the integration into full devices, which need to be investigated
and overcome.
18.2 atomic layer deposition for surface modifications
Surface modification has been investigated as a way to extend the lifetime
of lithium-ion battery electrodes. For this application, atomic layer depo-
sition has been investigated heavily in the past decade. Here, we used
thin-film model systems to study the effect of well-known coatings on the
interfaces of lithium-ion battery electrodes, and applied that knowledge
to a 3D-nanostructured thin-film electrode.
18.2.0.1 The kinetic effect of ultra-thin films on an ideal electrode
A 40nm anatase TiO2 film was used as a model system for an ideal
electrode, i.e. an electrode without inherent problems such as SEI for-
mation, metal dissolution of large volume changes. This electrode was
coated with up to 5 nm amorphous films: ALD Al2O3 and ALD TiO2.
The ALD Al2O3 film proved detrimental for the kinetics, while ALD TiO2
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maintained the kinetics of the underlying electrode almost perfectly. The
blocking nature of ALD Al2O3 was studied, and it was found that films
with a thickness above 2 nm acted purely capacitively, while thinner films
transferred lithium but impose an impedance of σLi+ = 6.7× 10−13 S cm−1,
meaning that these films are only usable when made very thin. As a con-
sequence, the rate performance decreases dramatically by a significant
iR-drop across the coating.
18.2.0.2 The protective effect of ultra-thin films on an non-ideal electrode
A 100nm LiMn2O4 film was used as a model system for electrolyte decom-
position. By cycling the film between 3.5–4.5V vs Li+/Li, the solvent de-
composes at high potentials; as PC decomposition is expected above 4.0V
vs Li+/Li. Indeed, above 4.3V vs Li+/Li a clear solvent decomposition
signature is seen from the electrochemical measurements. Based on the
arguments above, an ultra-thin ALD Al2O3 coating (1 nm) and a thicker
ALD TiO2 coating (5 nm) were chosen to protect the electrode from this
electrode ageing mechanism. We found that the ultra-thin ALD Al2O3
coating still allowed solvent decomposition, and significantly degraded
the rate capability because of the imposed impedance of both the coating
and the SEI layer formed. The ALD TiO2 on the other hand succeeded in
reducing the solvent decomposition, and since the coating in itself did not
impose a kinetic barrier, significantly improved the rate capability of the
LiMn2O4 electrode.
18.2.0.3 Improving the cycle life of a high-performance 3D nanostructured thin-
film electrode
The real strength of ALD lies in the conformal nature of the deposited
films. To demonstrate this, a 3D-nanostructured electrode was made by
coating ALD vanadium oxide onto carbon nanotubes (CNTs). Crystalline
V2O5 suffers from capacity fading upon cycling, which was shown to
be mostly related to vanadium dissolution into the electrolyte. To medi-
ate this, a second conformal coating was placed as a protective barrier.
ALD TiO2 was chosen for its good lithium diffusion, as to maintain the
kinetics of the nanostructured electrode. Indeed, the excellent kinetics (20–
25% drop from 1C to 20C) were maintained by the coating. 100 charge-
discharge cycles at 2C showed a decreasing capacity for the uncoated
V2O5/CNTs, and a stabilized for the coated V2O5/CNTs electrodes. More-
over, for 25 cycles of ALD TiO2, the capacity increased over cycling. These
effects were attributed to two factors:
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• the vanadium dissolution observed for the uncoated V2O5/CNTs
was decreased by 5 cycles of ALD TiO2, and almost completely alle-
viated by 25 cycles of ALD TiO2. This explained the better capacity
retention for the coated electrodes.
• The coated V2O5/CNTs were found to be less crystalline upon cy-
cling compared to the uncoated V2O5/CNTs. The TiO2 coating in
some way aided in the gradual amorphisation of the V2O5 film upon
cycling, without allowing the dissolution of it into the electrolyte. In-
terestingly, in the previous sections it was shown that amorphous
vanadium oxides shows a better rate performance than their crys-
talline counterparts. The increase in capacity may therefore be at-
tributed to an increase in rate capability, as these films are cycled at
a rate of 2C.
18.2.0.4 Prospects & future work
Atomic layer deposition is clearly an interesting choice to stabilize the sur-
face of lithium-ion battery electrodes. By depositing the coating directly
on the composite electrodes, as was done in this work, little concern was
given to the electronic conductivity of the coating. However, two remarks
can be made related to this
• The electronic conductivity is indeed still an important factor. Most
ageing mechanisms, such as solvent decomposition and metal disso-
lution, are driven by electron transfer. The ideal coating for surface
stabilisation is thus an electronic insulator and an ionic conductor,
applied directly on the composite electrodes. Solid electrolytes, such
as nitrogen-doped lithium phosphates, are ideal for this, but their
deposition is not straightforward, and investigations in that direc-
tion are an upcoming field in the research on ALD for lithium-ion
battery applications.
• A coating on the composite electrode is not always an option, and
in the commercialisation stage the choice may be made to apply the
coating on the particles rather than on the electrodes. In this case,
electronic conductivity is of paramount importance to maintain the
electronic network between the particles and the current collector.
However, ionic conductivity remains a critical factor. For coatings
directly on the electrode particles, dual-conductive coatings are thus
required.
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18.3 general conclusions and prospects
Atomic layer deposition for lithium-ion battery applications was exam-
ined in this work. On the one hand, thin-film electrodes can be deposited
by atomic layer deposition, but the slow growth rate of the deposition
process limits the film thickness, and thus the capacity of the electrodes,
even when 3D nanoscaling concepts are taken into account. In this work,
we were able to obtain electrodes showing a capacity of approximately
100 µAh cm−2 on two different 3D substrates, i.e. silicon nanopillars and
carbon nanotubes. This footprint capacity could be further enhanced by
thicker film, i.e. more cycles, or higher surface-area substrates. The former
method will decrease the rate capability of the battery, while the latter
will make the deposition conditions more demanding. Both options will
be very time- and precursor-consuming and reach a maximum at around
1mAh cm−2, based on feasibility and cost arguments.
While it is in principle possible to deposit the electrodes with atomic
layer deposition, this may not be the best option, especially considering
that true conformality is not an unyielding condition for the electrode.
However, ALD of electrodes still finds its use in core-shell particles, as
model electrodes, or for niche applications.
Where true conformality is a hard requirement, is for surface coating.
For this application, only a few cycles can suffice to stabilize the interface,
so precursor cost and deposition time are not as much a bottleneck as
is the case for electrode deposition. Furthermore, as these coatings need
to be conformal and uniform across the entire electrode interface, here,
atomic layer deposition is ideally (and almost uniquely) suited.
In this work, all depositions were done lithium-free. Atomic layer depo-
sition of lithium-containing films is being investigated, but is not straight-
forward, as lithium tends to alter the process chemistry and growth modes
of the ALD processes drastically. However, to obtain ALD solid electrolytes,
and to demonstrate the worlds first all-ALD all-solid-state thin-film lithium-
ion battery, further development of the deposition of lithium and lithium-
containing films by atomic layer deposition will be paramount.
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